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Abstract 

The microstructural characteristics and the phase 
assembly of Srn (a+P)-SiAION ceramics before 
and after post-sintering heat treatment at 1450°C 
have been investigated by scanning electron micro- 
scopy (SEM), transmission electron microscopy 
(TEM) and X-ray difSraction (XRD). Grain 
boundary glass crystallization and the a-SiAlON to 
&YiAlON (i.e. (Y’ to p’) phase transformation were 
observed as the major phase transformations occur- 
ring during the heat treatment. TEM studies indi- 
cated that the (Y’ to p’ transformation process itself 
could produce a nano-sized liquid phase inside the 
SiAlON grains, which could facilitate the transfor- 
mation. Based on these observations, it is proposed 
that the (Y’ to p’ phase transformation in Sm 
SiAlONs is essentially a self-decomposition process 
of LY’ phases and may be described as. 

c~’ 4 p’ + M’ + AlNpolytypoidphasejs) 

Therefore, for an unstable (Y’ phase, it would 
decompose, i.e. proceed LY’ + 0’ transformation with- 
out having to involve large amounts of grain boundary 
liquid. However, the existence of the grain boundary 
liquid and /3’ grains as nuclei could reduce the acti- 
vation energy barrier andaccelerate the (Y’ decompo- 
sition. 0 1996 Elsevier Science Limited. 

1 Introduction 

Liquid phase sintering, using metal oxides and/or 
rare earth oxides as sintering additives, is com- 
monly employed for densification of silicon nitride 
based ceramics. The oxides react with the silica on 
the surface of silicon nitride powder, resulting in 
the formation of an oxynitride liquid at sintering 
temperatures. This liquid phase assists densifica- 
tion but usually remains at grain boundaries as a 
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glassy phase upon cooling, which impairs the 
high-temperature mechanical properties of the ma- 
terial.‘,2 Post-sintering heat treatment of SiAlON 
ceramics is used to crystallize the grain boundary 
glassy phase and subsequently improve the high- 
temperature properties of the materials.334 
Recently, Mandal et al.‘revealed that some rare 
earth a-SiAlON (a’) phases could undergo trans- 
formation to @SiAlON (/3’) in the heat treatment 
temperature range between 1100 and 1550°C. CZ- 
and P-SiAlONs have different mechanical proper- 
ties$ therefore this discovery may open new routes 
for tailoring the microstructures and controlling 
the properties of (a+P)-SiAlON ceramic compos- 
ites. 

The (Y’ and p’ phases have distinct compositions 
and possess different crystal structures.6 The trans- 
formation between a’ and /3’ involves lattice recon- 
struction and requires a high degree of atomic 
diffusion. As a result of the strong covalent nature 
of the bonding associated with both the (Y’ and p’ 
structures, the atomic diffusivity of the species 
making up the lattices is inherently low. It is, 
therefore, generally assumed that the cy’ + p’ phase 
transformation requires a liquid phase to assist the 
necessary atomic diffusion, but the actual role of 
the liquid phase has not been fully understood. 
Recent experiments showed that the amount of 
grain boundary liquid phase in the sample had 
marked effects on the transformation, and the intro- 
duction of an additional amount of glass into a 
previously stable (Y’ composition could significantly 
destabilize the CV’ phase and promote the (Y’ + /?’ 
transformation.’ Comparing the results in different 
rare earth SiAlON systems, Mandal and Thomp- 
son7 suggested that the residual grain boundary 
liquid phase was one of the most important fac- 
tors influencing the transformation; the rate of the 
transformation depended mainly on the amount 
and viscosity of the intergranular liquid phase pre- 
sent during the heat treatment. Shen et a1.,8 on the 
other hand, proposed two possible transformation 
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routes, one involving a liquid phase, i.e. (Y’ + liq- 
uid + p’ + M’ and the other being a direct 
decomposition of the (Y’ phase to form p’ and the 
aluminium-containing melilite (Sm2Si~,Al,0, + 

.rN4--0 M’)9 phases in the Sm (a+P)-SiAlON sys- 
tem, without the involvement of a liquid phase. 

In the present work, X-ray diffraction (XRD), 
scanning electron microscopy (SEM) and trans- 
mission electron microscopy (TEM) are used in 
the study of the (Y’ + p’ transformation and the 
associated microstructural changes taking place in 
isothermal heat treatments at 1450°C. The inv- 
olvement of liquid phase in the transformation at 
different stages of heat treatment is assessed 
through microstructural observations and analyses. 

2 Experimental 

Samples were pressureless sintered at 1820°C in a 
nitrogen atmosphere for 4 h, from Si3N4, AlN, 
A&O, and Sm,O, powders with a starting compo- 
sition (in wt%) of 72.50Si,N,, 14.27AlN, 
2.00Al,O, and 11.23Sm,O,. Full details of the 
sample preparation can be found in Ref. 9. XRD 
analyses revealed that the as-sintered materials 
contained mainly (Y’ and p’ phases and a trace of 
the 21R polytypoid phase. An amorphous grain 
boundary phase was also observed in the sample 
by electron microscope. 

The sintered specimen was subsequently heat- 
treated at 1450°C for a total of 360 h in an alu- 
mina tube furnace in flowing high purity nitrogen, 
with both heating and cooling rates being 3°C 
min]. The heat treatment procedure was as fol- 
lows: after the first 24 h of heat treatment at 
1450°C the sample was cooled down to room 
temperature and characterized using XRD, SEM 
and TEM; the same specimen was then reheated 
to 1450°C for another 36 h, making a total heat 
treatment time of 60 h. This procedure was 
repeated five times for the same sample with an 
interval of 60 h until the total heat treatment time 
reached 360 h. Three TEM specimens were pre- 
pared from the as-sintered sample, and from sam- 
ples heat-treated for a total of 24 and 120 h. The 
purpose of this procedure was to ensure that all 
results were obtained from the same sample, so 
that any difference in crystalline phases observed 
can be mainly attributed to the heat treatment 
process. A thin oxidation layer appeared on the 
surface of the sample after each heat treatment, 
which was completely removed by grinding on Sic 
paper before XRD and SEM examinations. 

Specimens for TEM study were carefully cut 
from the bulk of the sample and were mechanically 
ground, dimpled to a thickness of -20 pm, and then 

ion-milled to electron transparency. All specimens 
were carbon-coated before TEM and SEM studies 
to avoid surface charging. XRD was performed 
using a Rigaku X-ray diffractometer. The relative 
amount of (Y’ and p’ phases, i.e. the P’:(a’+P’) 
weight ratio, was measured using the calibration 
curves developed by Liddell” with the intensities 
of both the (Y’ and p’ phases. Micro-structural 
observations were carried out on a Jeol 840A 
SEM and a Philips CM20 TEM equipped with an 
ultrathin-window EDS system. 

3 Results 

3.1 Rate of the (Y’ to p’ transformation 
The (Y’ phase was the predominant phase in the 
as-sintered sample with a p’:(a’ + /3’) weight ratio 
of 11%. Figure 1 shows the XRD patterns of the 
sample after the heat treatment at 1450°C for var- 
ious durations. The intensities of the characteristic 
cr’ peaks decreased continuously with heat treat- 
ment time, whereas p’ peak intensities increased. 
After 240 h, the proportion of the p’ phase 
reached 85 wt% and (Y’ eventually became a minor 
phase in the sample. This is clear evidence of (Y’ + 
/3’ transformation during the isothermal heat treat- 
ment. Accompanying this transformation was the 
formation of M’ phase, which was a combined result 
of grain boundary glass devitrification’ and the (Y’ 
+ p’ transformation.8,” Quantified P’:((-w’+/~‘) ratios 
are presented in Fig. 2, in which the different rates 
of increase in /3’: (a’+P’) have separated the heat 
treatment process into several stages. In the first 
24 h, the amount of p’ increased rapidly. Between 
24 and 240 h, the rate of increase in /3’ was 
reduced but nearly maintained as a constant. 
After 240 h, the rate was further slowed down. 

A total of 20 wt% increase in p’ was found in 
the initial 24 h, giving an average rate of /3’ 
increase of around 0.8 wt% per hour. As pointed 
out in a previous paper,” the simultaneous grain 
boundary glass crystallization taking place at the 
same temperature in the initial few hours of the 
heat treatment could contribute to the increase in 
the p’:(a’+p’) ratio. About 7 ~01% (i.e. -11 wt%) 
of grain boundary glass was detected using an 
SEM image analyser in the as-sintered sample. 
Even if taking an overestimation that half of this 
glass (-5 wt%) crystallized to form /3’, the average 
rate increase in the p’:(a’+p’) ratio resulting from 
the (Y’ to p’ transformation in the initial 24 h 
would still be greater than 0.6 wt% per hour. This 
figure is notably higher than that of the subse- 
quent stages, indicating the significance of the 
grain boundary glass (liquid at 1450°C) in facili- 
tating the (Y’ + 8’ transformation. Between 24 and 
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Fig. 1. XRD patterns for the Sm (a+@-SiAlON specimen 
after heat treatment at 1450°C for a total of up to 360 h. 

40% 

20% 

0% ! I 

0 100 200 300 400 

Heat Treatment Time (hours) 

Fig. 2. The /Y:(a’+p’) ratio of the samplgs heat-treated at 
1450°C as a function of heat treatment time. 

240 h, the /3’:(&+/3’) ratio increased from 31 to 85 
wt% with an almost constant rate of 0.2 wt% per 
hour. The marked reduction in the rate of /3’ 
increment at this stage corresponds to the fact 
that most of the glassy phase has crystallized after 
the early heat treatment. Further extension of the 
heat treatment time up to 360 h resulted in only a 
slight increase (-0.05 wt”/o per hour) in the 
P’:(a’+P’) ratio, indicating that the system was 
approaching an equilibrium state. 

3.2 Devitrification of the grain boundary glass 
The microstructure of the samples before and 
after the heat treatment was investigated by TEM. 
Figure 3 shows typical bright-field and dark-field 

Fig. 3. TEM (a) bright-field and (b) diffused dark-field images 
from the as-sintered specimen. 

Fig. 4. Typical TEM bright-field image of the sample heat- 
treated at 1450°C for 24 h. 

images of the as-sintered sample. In the bright- 
field image, the glassy phase appears darker 
because of its high Sm content, whereas in the 
diffused dark-field image, the glassy phase appears 
brighter. I2 It can be seen from Fig. 3 that in 
addition to the large glassy pockets at multiple 
grain junctions, every grain in the material is 
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Fig. 5. TEM lattice images of the sample heat-treated for 120 
h at 1450°C showing (a) in some areas an amorphous layer of 
-1 nm between (Y’ and fi’ grains; but no apparent amorphous 
layer is observed (b) between p’ and M’ grains, and (c) 

between (Y’ and /3’ grains in other areas. 

surrounded by an amorphous layer, suggesting 
that the liquid phase forms a three-dimensional 
interconnected network during sintering. Crystal- 
lization of the glassy phase was observed in the 
sample after heat treatment at 1450°C for 24 h. 
Extensive TEM observations indicated that all glassy 
multiple junctions in the samples were crystallized, 
giving M’ as a stable grain boundary phase.” A 

Fig. 6. TEM lattice image of a triple junction among three cr’ 
grains, showing a -2 nm triple pocket in the sample heat- 

treated for 120 h at 145O’C. 

typical bright-field image is shown in Fig. 4. Details 
of the grain boundaries were further studied by 
lattice imaging on the samples heat-treated for 24 
and 120 h. The results from both samples revealed 
that, in some areas, an amorphous layer of -10 A 
was observed between SiAlON grains [as shown in 
Fig. 5(a)], consistent with other observations in sili- 
con nitride ceramics. l3 In other areas, however, no 
apparent amorphous layer was found [Figs 5(b) 
and (c)l. The size of the multi-grain pockets was 
reduced to around 20 A after the heat treatment 
(Fig. 6). These observations suggest that post-sin- 
tering heat treatment above the eutectic tempera- 
ture of the system has the potential to fully remove 
the glassy interface in SiAlON materials.’ 

From the TEM study, the amount of remaining 
grain boundary glass is very limited.;after the heat 
treatment at 1450°C for 24 h. Even assuming that all 
grains in the heat-treated material are still surroun- 
ded by a residual amorphous film 10 A thick, for a 
sample with an average grain size of -1.5 pm it is 
estimated that the actual volume percentage of this 
residual glassy phase should not be greater than 
0.3%. It is thought that such a small amount of grain 
boundary glass may only have a very limited role to 
play in the subsequent (Y’ to /3’ transformation process. 

3.3 Evidence of self-generated liquid in the 
transforming (Y’ phase 
Because of the strong covalent bonding in both (Y’ 
and /3’ phases, the atomic diffusivity of the species 
in SiAlON structures would be extremely low 
without the assistance of a liquid phase. TEM 
microstructural study14 revealed that the trans- 
formed /3’ grains in a sample heat-treated for 120 
h have unique microstructural features consisting 
of a high density of dislocations and nano-sized 
spherical inclusions (Fig. 7). The inclusions are 
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Fig. 7. TEM image of nano-sized spherical inclusions within a 
transformed p’ grain. The area fraction of the inclusions in 
this area was 6%, corresponding to a volume fraction of 

2.5%. The sample was heat-treated at 1450°C for 120 h. 

often closely associated with dislocations and rich 
in Sm, coinciding with the expectation that the (Y’ 
4 0’ transformation requires the rejection of the 
stabilizing cation (Sm3’ in the present case) from 
the (Y’ lattice. The perfect spherical shape of these 
inclusions implied that they were of a liquid nature 
at the heat treatment temperature. Similar micro- 
structural features have also been observed in the 
sample heat-treated for 24 h. Figure 8 is an enlarge- 
ment of a grain in Fig. 4 and shows bright-field 
and diffused dark-field images of a p’ grain con- 
taining many spherical inclusions. It can be seen 
that most inclusions in a widely dispersed area 
appeared brighter in the diffused dark-field image 
[Fig. 8(b)], indicating the possible amorphous sta- 
tus of these inclusions. Because there is no mecha- 
nism for the p’ phase to accommodate the Sm-rich 
inclusions inside its structure, it is postulated that 
the spheroid-containing p’ grain is virtually the 
one that has transformed from an (Y’ structure, 
and the nano-sized inclusions are liquid regions 
produced as a result of the rejection of Sm species 
from the original cy’ grain. The exact mechanism 
of this local liquid phase formation is unclear at 
this stage and deserves further investigation. In 
this paper, the dispersed liquid phase found inside 
the SiAlON grains is referred to as the self-gener- 
ated liquid to distinguish it from the grain bound- 
ary liquid formed during sintering. 

The volume percentage of these inclusions in 
the area shown in Fig. 7 is around 2,5%, estimated 
on the basis of the measured thickness of the spec- 
imen and the area fraction of the inclusions in the 
image. The quantity of this internal self-generated 
liquid in local areas is significantly higher than 
that of the residual glass at grain boundaries. 
Therefore it is expected that the self-generated 
liquid phase would play a more active role in 

Fig. 8. TEM (a) bright-field and (b) diffused dark-field images 
of inclusions in the sample heat-treated for 24 h at 1450°C. 
The brighter contrast of the inclusions in the diffused dark- 

field image suggests that they are of an amorphous nature. 

facilitating the (Y’ -_) p’ transformation after the 
grain boundary crystallization. Although the 
inclusion-containing p’ grains are commonly observ- 
able in these samples, it is generally true that they 
do not appear in a great quantity and tend to be 
isolated by less characteristic SiAlON grains of 
both (Y’ and p’ forms (Fig. 4), which corresponds 
to a very sluggish transformation process (~1 wt% 
per hour). It is not exactly clear how this type of 
microstructure has developed at the moment, but 
it may denote the importance of suitable nucleat- 
ing sites to the transformation. 

4 Discussion 

4.1 Involvement of the grain boundary liquid in the 
transformation 
The observation of (Y’ + p’ transformations in 
rare earth SiAlON systems has indicated the 
unstable characteristic of some cy’ compositions in 
a certain temperature range. However, the strong 
covalent bonding in both the (Y’ and /I’ lattices 
and the reconstructive nature of this phase trans- 
formation may prevent the process from occurring 
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Fig. 9. EDS Al X-ray maps of (a) the as-sintered sample and 
(b) the sample heat-treated for a total of 360 h at 1450°C. 
The bright regions in the Al X-ray maps correspond to the 
2 1 R phase (SIAI,O,N,), which has the highest Al 

concentration in the material. 

if the material was fast cooled or if no liquid 
phase existed to assist the necessary atom diffu- 
sion. On the other hand, there is always a glassy 
phase remaining at SiAlON grain boundaries after 
liquid phase sintering. This glass is a supercooled 
oxynitride liquid and softens above the glass tran- 
sition temperature (T,), ranging between 900 and 
1000”C.5 The viscosity of a liquid phase drops 
exponentially with increasing temperature above 
the Tgr” and it is thought that the grain boundary 
liquid would become very reactive at 1450°C. 
Although melting of the grain boundary glass may 
not ensure an (Y’ + p’ phase transformation, it 

would promote chemical reactions between molten 
glass and (Y’ phases, modifying the cy’ composi- 
tions, and foster lattice diffusion. 

The active involvement of the grain boundary 
liquid in the transformation process is marked by 
the highest (Y’ + p’ transformation rate achieved 
in the initial 24 h of heat treatment (Fig. 2). Two 
types of reactions involving both the grain boundary 
liquid and (Y’ phases could take place at 1450°C. 
For an intrinsically unstable cr’ composition, the 
transformation from (Y’ to j3’ could be accelerated 
due to easy diffusion via the liquid phase:8,16,‘7 

(Y’ + grain boundary liquid + p’ + M’ (1) 

whereas for a stable (Y’ phase, its composition may 
be altered through a chemical reaction:8 

(~‘i + grain boundary liquid + CY’~ + M’. (2) 

The stability of the (Y’* phase is dictated by the 
new composition as well as the continuing reac- 
tion with the liquid. Obviously, a larger volume of 
the grain boundary liquid phase in the materials 
would greatly extend change the (Y’ composition 
and even destabilize (Y’ structures. This is in agree- 
ment with the reported experimental results.’ 

The interaction between the grain boundary 
liquid and SiAlON phases at 1450°C is also 
imperative for M’ to form as a grain boundary 
crystalline phase. The maximum nitrogen concen- 
tration in an Sm oxynitride glass is about 40 
eq%. I8 Both reactions (1) and (2) could lead to an 
increase in the N content of the liquid from which 
the M’ phase, containing 53 eq% nitrogen, could 
precipitate.’ The M’ phase has a high Sm content 
and it is more stable than some of the (Y’ composi- 
tions at the heat treatment temperature. As a 
result, the formation of M’ provides an additional 
driving force for the (Y’ + /3’ transformation. It 
becomes clear from the above discussion that the 
volume and the viscosity of the grain boundary 
liquid phase can markedly affect the (Y’ + p’ 
transformation process at the initial stage of heat 
treatment when the grain boundary crystallization 
is not yet complete. 

4.2 Role of the self-generated liquid in the 
transformation 
After the initial period of heat treatment (e.g. t > 
24 h), the volume percentage of the residual grain 
boundary glass is reduced from -7 ~01% to co.3 
vol%, hence its role in the transformation would 
be severely restricted. Moreover, the M’ phase is 
very stable at 1450°C; once it has formed, it 
would not remelt to become a grain boundary liq- 
uid phase and to be involved in the (Y’ + p’ trans- 
formation at this temperature.8,9 The rate of the 
cr’ + /3’ transformation at the second stage (24 < t 
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< 240 h) is lower than that at the first stage (t < 
24 h) but the process continues at a nearly 
constant rate, suggesting an additional mecha- 
nism(s) to be operative. The activation energy of a 
reconstructive phase transformation will be 
significantly reduced if the atomic diffusion is 
assisted by a liquid phase and/or if there exist 
nuclei to reduce the interfacial energy. The 
occurrence of the self-generated liquid in trans- 
formed p’ grains leads to a logical assumption 
that this liquid phase may have played a major 
role in promoting atomic diffusion and facilitating 
(Y’ + 6’ transformation after crystallization of the 
grain boundary liquid. Because it involves a 
liquid phase emerging from the transforming (Y’ 
phase itself, the transformation from (Y’ to p’ 
can proceed without involving much grain bound- 
ary liquid and a steady rate of the transformation 
is expected. This is in agreement with the experi- 
mental observation. The appearance of the Sm- 
rich spheroids in the p’ phase results in 
thermodynamic instability, hence these nano-sized 
inclusions would eventually diffuse out of the 
transformed p’ grains through the easy path of 
dislocations. It is, therefore, suggested that the 
amount and viscosity of the self-generated 
liquid within the transforming (Y’ grains is a 
determining factor in controlling the rate of the 
(Y’ + 0 transformation when most of the grain 
boundary glass has been crystallized. 

4.3 Decomposition of cr-SiAlON phases 
Without much involvement of grain boundary 
glass, the LY’ + 6’ transformation at the second 
stage may be regarded as a decomposition process 
of cr-SiAlON phases. This suggests that, below a 
certain temperature, some of the (Y’ compositions 
have a higher free energy than p’ phases, and 
the transformation from (Y’ to 0’ would occur if 
it could be thermally activated. Because of the 
compositional difference between (Y’ and p’ 
phases, the decomposition of an cy’ phase must 
produce other phase(s) in addition to a p’ compo- 
sition. Shen et aL8 suggested a possible route for 
this reaction: 

a’+P’ + M’ (3) 

which seemed reasonable according to the XRD 
observations (Fig. 1). If the actual compositions 
of all the phases involved are considered, however, 
the proposed reaction (3) would yield excessive 
amounts of Al and N. To balance the composi- 
tions, therefore, one has to assume the formation 
of AlN polytypoid in addition to the p’ and M’ 
phases. AlN polytypoids are compatible with 
a’, p’ and M’ phases in the Sm and Nd SiAlON 
systems,” and the 21R polytypoid phase was 

commonly observed in the present samples before 
and after heat treatments. 

There are some experimental difficulties in 
quantifying the AlN polytypoid phase by using 
the XRD and SEM backscattered imaging tech- 
niques. Almost all the XRD peaks of the 21R 
polytypoid strongly overlap with those of cr’, p’ or 
M’ phases, and there are no detectable differences 
between the polytypoid and p’ phases in SEM 
backscattered images because of the similar 
atomic weights of Si and Al elements. For these 
reasons, there have been few reports on the 
quantification of AlN polytypoid phases in the lit- 
erature. Nevertheless, our recent study has showed 
that it is possible to analyse the amount of the 
21 R polytypoid phase by using the EDS X-ray 
mapping technique. Details of this work will be 
reported elsewhere. 2o Figure 9 shows the Al X-ray 
maps from the (a) as-sintered and (b) 360 h heat- 
treated samples. The bright regions in the Al maps 
correspond to the 21R phase (SiAl,O,N& which 
has the highest Al concentration among all phases 
in the samples. It can be seen that the amount of 
the 21R phase increases considerably after the 
heat treatment, which cannot be simply 
accounted for the grain boundary glass devitrifica- 
tion. The increase in the 21R phase appearing in 
the XRD profiles (Fig. 1) is not as clear as that 
showed in the X-ray maps and the difference is 
not fully understood at the present time. Consid- 
ering the strong overlap in the XRD peaks and 
the excellent resolution of the characteristic X-ray 
maps, however, it is plausible to conclude that the 
AlN polytypoid phase is also a product of the 
(Y’ + /3’ phase transformation. With this result 
and the observed self-generated liquid phase, a 
new reaction path is proposed for the decomposi- 
tion of the Sm a-SiAlON phases: 

ff’ 
internal liquid _ 

> p’ + M’ + 21R. (4) 

It is suggested that an unstable (Y’ phase could 
decompose into a p’ phase plus M’ and 21R poly- 
typoid, and the process is assisted by the self-gen- 
erated liquid phase formed during the 
decomposition. It is thought that the (Y’ decompo- 
sition is a dominant phenomenon proceeding dur- 
ing this phase transformation and the grain 
boundary glass is mainly involved in the initial 
stage of the process. From this point of view, the 
(Y’ -+ /3’ transformation may be considered as a 
part of the story of the 1~’ phase decomposition. 

5 Conclusions 

Some of the Sm a-SiAlON compositions are ther- 
modynamically unstable and may decompose at 
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elevated temperatures (e.g. 1450°C). The result of 
this decomposition appears most prominently in 
the form of the (Y’ + p’ transformation, although 
other phases have also been produced. At the 
initial stage, the decomposition process is assisted 
by the grain boundary liquid phase and progresses 
readily. When most of the grain boundary glass is 
crystallized, the rate of this decomposition 
becomes much slower but is maintained roughly 
constant until the system is close to equilibrium. 
The (Y’ decomposition produces a self-generated 
liquid phase inside the SiAlON grains, which 
could in turn facilitate atom diffusion. The final 
products of the (Y’ decomposition include p’, M’ 
and 21R polytypoid phases. 
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Abstract 

The fatigue behaviour of a gas-pressure-sintered sil- 
icon nitride has been investigated at 1000°C. The 
growth of long (~100 pm) subcritical fatigue 
cracks was observed directly and the time to failure 
of uniaxially loaded specimens caused by the growth 
small (<I00 pm), machining flaws was measured. 
Oxidation in the crack-tip region reduced the 

fatigue resistance of the material. Cracks grew under 
the co-operative eflect of stress, oxidation and flow 
of the viscous oxide phase formed. This mechanism 
would explain why crack growth rates were greater 
under static loading than cyclic loading because of 
the more damaging efSect of sustained crack open- 
ing. Because of the relatively small size of the oxi- 
dized crack-tip region and its slow advancement, the 
high temperature fast fracture behaviour was similar 
to that at room temperature and a similar value of 
K,c was estimated. 0 1996 Elsevier Science Limited. 

1 Introduction 

In recent years silicon nitride has emerged as an 
important ceramic for high-temperature structural 
applications mainly owing to its high strength, 
good oxidation resistance and excellent thermal 
shock resistance. Extensive research has been 
conducted on the room-temperature mechanical 
properties of this material and its associated 
composites. ‘12 It is generally recognized that the 
optimum microstructure of monolithic silicon nitride 
should consist of randomly oriented, acicular p-&N, 
grains in order to achieve high strength together 
with high fracture toughness. Such a microstructure 
can provide the grain bridging and/or crack deflection 
mechanisms which are necessary for crack shielding 
and hence improve fracture toughness and flaw 
tolerance. However, the amount and composition of 

*To whom correspondence should be addressed. 
t Nuclear Electric, Technology Division, Canal Road, 

Gravesend DA12 2RS, UK. 

residual glass after sintering as a result of using 
oxide additives such as MgO, Al,O, and/or Y203 
to assist the &$N, to /3-S&N, transformation 
and densification, affect the high temperature prop- 
erties, particularly creep, of the ceramic. 

If silicon nitride components are to be subjected 
to high-temperature exposure as well as sustained 
cyclic loading in service, the accumulation of dam- 
age in the material due to oxidation and stress 
loading needs to be understood and predictable 
before ceramic components can be used con- 
fidently.3 However, only limited work has been 
done and we are still a long way from being able 
to predict accurately the long-term performance of 
silicon nitride components. 

The mechanical fatigue behaviour of ceramic 
materials has attracted increasing attention ever 
since it was found that ceramics are, like metals, 
susceptible to a degradation of properties when 
subjected to fluctuating loading.4 More recent ex- 
perimental results show that subcritical crack 
growth can occur in various ceramics and ceramic 
matrix composites during static and cyclic loading 
at room temperature. 5m’3 Generally, cyclic loading 
is more detrimental than static loading at room 
temperature, with higher crack growth rates under 
cyclic loading than under static loading at the 
same maximum stress intensity factor.5-9s’3 The 
high-temperature fatigue results of some selected 
ceramics and ceramic matrix composites’b’9 sug- 
gest that the viscous intergranular glassy phase, a 
product of either the sintering process due to the 
addition of sintering additives or oxidation at high 
temperature, significantly influences crack propa- 
gation behaviour and fatigue life. In most cases, 
cyclic loading leads to lower crack growth rates at 
elevated temperatures than static loading with the 
same maximum stress intensity factor.‘5x’9-2’ This 
is the reverse of what has been reported from 
room-temperature studies. This difference is 
attributed to the rate-dependent nature of viscous 
deformation of the grain boundary glassy phases 
at high temperatures.14~15*‘8~‘9 

1009 
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Assuming that the mechanisms of crack growth 
under static and cyclic loads are the same, the rel- 
ative crack growth rates under cyclic and static 
loading can be predicted by an integration of the 
crack growth velocity. 19,2’-24 The crack velocity, v, 
has the following power-law dependence on the 
applied stress intensity factor, K 

v=AK” (1) 

where A and n are constants for the material under 
a particular set of conditions and K is equal to 

K(t) = a(t)Y &iii (2) 

where o-(t) is the time-dependent applied stress, Y 
is a geometric factor (which is dependent on nor- 
malized crack length in finite specimen geometries, 
but is often assumed to be effectively independent 
of crack length) and a is the crack length. 

The ratio of the cyclic and static velocities, and 
therefore inverse times to failure, is approximately 

vc t 
-XL= 

%,“(t)dt 
0 

. (3) 
vs t c a: _ I 

where f is the cyclic test frequency. For a static 
load equal to the peak cyclic load, this predicts 
that cyclic growth rates will be smaller than static 
rates. At room temperature the measured cyclic 
crack growth rates are in fact higher than the 
static fatigue rates. This indicates that a true 
mechanical fatigue effect exists and that cyclic 
fatigue is not simply a manifestation of static fatigue 
effects.24 At high temperature the cyclic crack 
growth rates are lower than the static rates, but 
their ratios are not necessarily consistent with the 
ratios predicted above.2’ It is therefore obvious 
that different fatigue mechanisms must operate for 
the same ceramic material at different tempera- 
tures. The adhesive effect of viscous grain bound- 
ary phases on crack surfaces was proposed to 
explain the deviations between the predictions and 
measurements for the high-temperature fatigue of 
ceramics. l4 Cyclic fatigue behaviour and lifetime 
predictions are consequently even more compli- 
cated at high temperatures than at room tempera- 
ture. Factors such as test frequency, cyclic 
waveform and creep, which may have little rele- 
vance at room temperature, become important at 
high temperatures. 

The high-temperature fatigue life of silicon 
nitride has been investigated by several work- 
ers 14,‘7,25,26 but there are only a few publications 
concerning. high-temperature fatigue crack growth 
in silicon nitride or other ceramics.*9,21*27 In most 
of the reported investigations, the fatigue speci- 
mens were enclosed in a large, fully closed furnace 
and the tests were periodically interrupted for the 

crack length measurements. This involved lengthy 
periods for furnace cool-down and heat-up together 
with careful preparation of specimen surface repli- 
cas. It was justified that such interruptions did not 
affect the measured crack growth rates.2’ 

In this study, a furnace arrangement was used 
that eliminated the need to interrupt the fatigue 
test and enabled the subcritical growth of long 
cracks (>lOO pm) to be monitored continuously in 
situ.28,29 Also, the fatigue crack growth behaviour 
of small surface flaws (>50 pm) was investigated 
by push-pull fatigue testing of machined cylindri- 
cal specimens. The fatigue crack growth behaviour 
of a silicon nitride at 1000°C is reported, and a 
possible crack growth mechanism is proposed in 
light of the fatigue test results and microscopic 
observations. 

2 Materials and Experimental Techniques 

The material studied was a gas-pressure-sintered 
silicon nitride (GPSSN) with yittra and alumina 
additives supplied by NGK Spark Plug Co., 
Japan. The as-received material consisted princi- 
pally of P-Si3N4, which had an elongated grain 
structure with the aspect ratio of the grains vary- 
ing from between 1 to 5. The grain diameter (mea- 
sured across the basal plane) was up to 1 .O pm 
(Fig. 1). The porosity of the material was low 
(~1%). The silicon nitride grains were separated 
by a very thin, glassy, intergranular phase, which 
was found through high-resolution lattice imaging 
to be 1 .O-2.0 nm thick between adjacent Si,N, 
grains. This amorphous glassy phase, which was 
located mainly at multi-grain junctions, contained 
Y, Al, Si and 0 [Fig. 2(a)]. Most of the glassy 
phase crystallized at some grain boundaries during 
the high-temperature fatigue testing [Fig. 2(b)]. 
Similar crystallization behaviour was found in a 

Fig. 1. Microstructure of as-received gas-pressure-sintered 
silicon nitride revealed by plasma etching. 
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similar silicon nitride after high-temperature 
annealing and creep testing.30 The crystallization 
of the intergranular phase is likely to have a signi- 
ficant influence on high-temperature mechanical 
behaviour. 

Double cantilever beam (DCB) specimens were 
used for the slow crack growth experiments [Fig. 
3(a)]. These specimens were polished progressively 
using 14 pm, 6 pm, 3 pm and 1 pm diamond 
pastes on a lapping machine. They were subse- 
quently cleaned ultrasonically in an acetone bath 
to reveal polished, shiny surfaces which were nec- 
essary for crack observation and length measure- 
ments during the high-temperature fatigue tests. A 
groove, 0.7 mm wide and 1 mm deep, was cut into 
the reverse side of the specimens in order to con- 
fine the growth of the fatigue crack through the 
centre of the specimen. 

For the slow crack growth experiments a com- 
pact and accessible furnace was used in which the 
DCB specimens were heated directly by infra-red 
radiation.28q29 This furnace allowed both cold grip- 
ping of the specimen and direct viewing of the 
growing crack. It was installed on a Mayes servo- 
hydraulic testing machine. The crack was moni- 
tored through air-cooled windows and its length 
measured with a travelling microscope which was 

Fig. 2. Intergranular phases in silicon nitride and correspon- 
ding convergent beam electron diffraction patterns: (a) 

as-received material; and (b) material tested at 1000°C. 

mounted on a micrometer stage on the furnace 
casing. The furnace temperature was measured 
using a Pt/Pt-13Rh thermocouple placed at the 
base of the specimen notch. 

In the current investigation, the infra-red radia- 
tion from the heaters was de-focused to produce 
bands of heating near the specimen edges. A near 
constant temperature distribution (10 10 & 1 O’C) 
was obtained across the specimen in the area of 
interest [Fig. 4(a)]. The temperature gradient 
introduced thermal stresses in the specimen and 
these were calculated from the temperature distri- 
bution via a finite element method. The most 
important thermal stress components caused by 
the furnace set-up were the stresses normal to the 
direction of crack propagation. For a crack of 
16.5 mm in length (a/w = 0.43), the normal stress 
was tensile within a distance of 3 mm ahead of the 
crack tip and was compressive over greater dis- 
tances. This stress distribution translated with the 
tip of the crack as it propagated, so that the stress 
profile seen by the crack tip remained nearly con- 
stant. The magnitude of the stress intensity factor, 
K,, produced by these normal thermal stresses was 
calculated and found to be of the order of 0.4 
MPa m”2 for most crack lengths. In the calcula- 
tions, it was assumed that the temperature distri- 
bution was not changed when the crack 
propagated. The value of Kt is taken into account 
in our calculation of the total stress intensity fac- 
tor at the crack tip during the high-temperature 
fatigue test. 

Because there are no published formula for the 
short DCB specimen geometry used in the current 
investigation, the compliance method was used to 
experimentally obtain the stress intensity factor K, 
for a varying crack length. A steel specimen of the 
same geometry and size as the ceramic specimen 
was used and a capacitance displacement trans- 
ducer was attached to the specimen to measure 
the notch opening displacement with a resolution 
of better than 0.1 pm. Figure 5 shows the experi- 
mentally determined calibration of the normalized 
stress intensity factor, K,BmP, with crack length 
for the short DCB specimen (w/h = 3.0), together 
with published data for DCB specimens of differ- 
ent dimensions. B is the specimen thickness, w is 
the specimen length shown in Fig. 3(a) and P is 
the applied load. 

The slow crack growth experiments were con- 
ducted using both static loading and cyclic sinu- 
soidal loading at a frequency of 1 Hz. The 
specimen was pre-cracked at 1000°C prior to the 
beginning of the fatigue test by slowly applying a 
monotonic tensile load while the notch tip was 
being observed through the travelling microscope. 
As soon as a crack appeared at the notch tip, the 
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load was reduced to zero. The pre-crack length 
obtained was then approximately 4 mm. The test- 
ing was started with an initial static load of 50 N 
which was increased in steps of 10 N every 30 min 
until crack propagation was observed. Each time 
the loading condition (static or cyclic) was 
changed, the test was re-started with a low load 
and the procedure described above was repeated. 
In between the different loading conditions, the 
testing was stopped, the load reduced to zero 
before the specimen was cooled and the specimen 
removed from the testing machine for examina- 
tion of the crack path under a field-emission scan- 
ning electron microscope (JEOL 6300F). The spec- 
imen fractured catastrophically at the end of 
the final static fatigue test when no attempt 
was made to reduce the crack growth rate. 
The heaters were switched off instantly and 
compressed air jets forced rapid cooling of the 
fractured specimen. 

The push-pull specimens were machined by 
rotary grinding with a diamond-bonded wheel 
(grit size 240) into double-waisted cylindrical 

specimens [Fig. 3(b)]. The specimens were 
machined to strict tolerances of both size 
and straightness to minimize bending stresses 
on loading. Some of the specimens were tested 
in this as-machined state and others were 
annealed at 1000°C in air for 27 h prior to 
testing; to distinguish between them they are 
referred to ‘as-machined’ and ‘annealed’, respect- 
ively. In the push-pull tests the specimens 
were heated using two parabolic radiant heaters, 
of 750 W power each, focused into spots of 
6 mm diameter on the central gauge length. The 
ends of the specimens were friction clamped 
with water-cooled hydraulic grips with facilities 
for alignment and adjustment in tilt and shift. 
The specimen temperature was controlled to 
+2”C with a thermocouple (Pt.Pt-13%Rh) looped 
around the centre of the gauge length. The 
temperature profile along the specimens is shown 
in Fig. 4(b), where it can be seen that there 
was a temperature drop of less than 100°C 
between the centre and end of the specimen gauge 
length. Of the 21 specimens tested, only four 

h/Z 

1. 

hO C wd B b 

Dimension(mm) 12.50 4.50 7.56 38.00 0.70 4.00 1.00 

(a> 

____-_--_----- 

Ground 50 P Ra 

R = 9.5 Gauge length 3.0 

Fig. 3. Specimen geometries used for fatigue testing: (a) slow crack growth; and (b) push-pull. 
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did not fail at the very centre of the gauge length, 
and the results of these tests have not been used. 
For the other specimens, the regions where fatigue 
failure occurred corresponded therefore to the 
region with the maximum, nominal test tempera- 
ture. The cyclic tests were performed at a fre- 
quency of 10 Hz, using fully reversed loading 
(R = -1, where the load ratio, R = minimum 
load/maximum load) and a sine waveform. The 
load amplitude was applied slowly by increasing 
from zero to the test amplitude at a rate of 10 
MPa ss’. 

The scatter of push-pull fatigue data is strongly 
influenced by the inherent scatter of the strength of 
the ceramic. For this reason it is necessary to test 
many specimens in order to plot an S-N fatigue 
curve. The magnitude of this scatter is inversely 
related to the Weibull modulus, m, of the material. 
Additional scatter of the data is introduced by 

bending strain introduced by specimen misalignment. 
In fact, the most critical part of uniaxial push-pull 
testing is to achieve good alignment. This is 
difficult and time-consuming to achieve, and it is 
therefore necessary to determine some ‘appropriate’ 
level of alignment that needs to be achieved. If the 
scatter introduced by the inherent variability of the 
strength of the material is relatively large, small 
misalignments may have a negligible influence on 
the results. The Weibull cumulative probability of 
failure is defined as 

Ln(1 - Pf) = - &y” ;. 
0 

The terms V, and a, are normalizing volume and 
stress terms, respectively, and V is the specimen 
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Fig. 4. Temperature distribution in fatigue specimens: (a) slow crack growth; and (b) push-pull. 
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Fig. 5. Calibrated normalized stress intensity factor as function of crack length for slow crack growth specimen geometry. 
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Fig. 6. Crack length as a function of time during static and 
cyclic slow crack growth experiments. Indicated are initial 
and final maximum applied loads for each loading sequence. 

test volume, which is the same for identical speci- 
mens. The threshold stress, a,, is usually assumed 
to be zero, so that 

m 
Ln(l-P,)K-a . (6) 

The ratio of the failure stresses corresponding to 
probabilities of failure of 0.95 and 0.05 is therefore 

co.95 _ Ln(l-0.95) I’m 
(To.05 [ 3 Ln(l-0.05) * 

(7) 

If we arbitrarily say we will tolerate scatter pro- 
duced by bending equivalent to 10% of this, the 
relative bending stress would be 

Aa - 0.1 - - ao.95_1 . 
u ( Go.05 ) 

(8) 
Assume m = 10 typically 

Au - 0.05 - - 
(T 

and therefore the corresponding 
strain is 

(9) 

relative bending 

AE - 0.05 = 5%. ~ - 
& (10) 

The alignment of the test machine was mea- 
sured and corrected using a push-pull specimen 
with a triad arrangement of strain gauges. This 
enabled both the direction and magnitude of the 
relative bending strain to be determined. On initial 
loading the relative bending strain was usually 
>5%. With increasing stress the bending strain 
decreased exponentially, and extrapolated to the fail- 
ure stresses, the relative bending strain at failure 
was always <5%. 

3 Results 

3.1 Mechanical experiments 
The normalized crack length (a/w) as a function of 
test time for the different loading conditions for 
the slow crack growth experiments at 1000°C is 
shown in Fig. 6. Values in the figure indicate the 
applied constant tensile loads for static fatigue or 
the maximum applied loads for cyclic fatigue. 
When the maximum load was progressively 
increased the initial and final maximum loads are 
indicated. The crack started advancing at a static 
load of 90 N with a crack growth rate of approxi- 
mately 2 X lo-* m s-’ and accelerated at the con- 
stant load of 100 N. The static load was then 
reduced to 90 N to achieve stable crack propaga- 
tion. The initial static fatigue test was stopped at 
the normalized crack length of a/w = 0.486. Subse- 
quently, the loading condition was changed to 
cyclic loading with R = 0.3. The crack did not 
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Fig. 7. Fatigue crack growth rates for static and cyclic 
fatigue at 1000°C and R = 0.3 (data corrected for thermal 

stress intensity factor). 

Fig. 8. Crack path profile. Note residual opening, rounded 
appearance of oxidized grain surfaces and mismatch of crack 

faces. 

propagate until the maximum load was increased 
to 150 N. A series of static and cyclic tests was 
then performed (Fig. 6) until the specimen eventu- 
ally fractured. 

Using the data of Fig. 6, the crack growth rates 
were determined from the gradients of the curves. 
The corresponding stress intensity factors were 
determined using the data for the DCB specimen 
geometry (see w/h = 3.0 in Fig. 5). Figure 7 shows 
the logarithmic crack growth rate plotted as a 
function of the logarithmic maximum stress inten- 
sity factor. The data have been corrected to 
account for the stress intensity factor Kt produced 
by the thermal gradients in the specimen. The 
crack growth rate can be reasonably well fitted to 
a power-law relationship like eqn (1). 

The exponent n is larger for static fatigue than 
for cyclic fatigue. Similar results have been repor- 
ted for other ceramics where the stress intensity 
factor range, AK, was found to characterize the 
crack growth rates. 2’ The crack propagated faster 
under static loading than under cyclic loading 

Fig. 9. SEM micrograph of fatigue fracture path at 1000°C in 
slow crack growth specimen, showing creep cavities ahead of 

statically grown crack. 

with the same maximum stress intensity factor. 
This observation is consistent with the results 
reported for other ceramics,‘5,‘9 and is also con- 
sistent with the longer lifetime obtained for silicon 
nitride under cyclic loading at high tempera- 
tures. “,‘7,25,26 The fatigue behaviour at elevated 
temperatures is contrary to what is found at room 
temperature, where cyclic loading has a more dele- 
terious effect on resistance to fatigue fracture than 
static loading.“‘3 These results are also in agree- 
ment with a previous observation by others that 
the GPSSN studied is highly fatigue-resistant up 
to 900°C but becomes susceptible to cyclic and 
static slow crack growth at 1000°C.26 The large 
differences in the sets of data for the initial and 
final static fatigue tests may be attributed to 
increasing crack growth resistance with increasing 
crack length. 

The crack paths and profiles were examined by 
scanning electron microscopy (SEM) on the sur- 
face of the specimen after the different loading 
conditions. The crack always had a large residual 
opening over its entire length and it was easy to 
look into its wake. The grain and fracture facets 
were rounded and their shape obliterated by a 
solidified amorphous layer (Fig. 8). Hence the 
fracture surfaces were heavily mismatched and 
this must have been largely responsible for the 
residual opening of the crack. Rounded large cavi- 
ties could be seen ahead of the crack tip after the 
initial static fatigue test (Fig. 9). This cavitation 
may have been a surface effect not characteristic 
of the bulk behaviour since we believe it was asso- 
ciated with the presence of a viscous glass layer 
formed by the relatively heavy oxidation of the 
specimen surface. Evidence of this oxidized surface 
is provided by the dendritic growth of a crystalline 
phase in the oxide (Fig. 9) and by observations of 
the fracture surfaces, as discussed later. No large 
differences existed between the crack profiles of 
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Fig. 10. Secondary cracking and the formation of crack 
wedges during cyclic loading. 

cracks grown statically and cracks grown under cyclic 
loading, except that more secondary cracks appeared 
in the latter. With an increasing number of cycles 
some of the secondary cracks (which always app- 
eared open) propagated and linked with the main 
crack, forming wedges between the crack faces 
(Fig. 10). 

On the fracture surfaces of broken specimens 
the regions of slow crack growth and the regions 
of fast fracture were clearly distinguishable. The 
slow crack growth regions were covered with an 
amorphous layer of solidified glass that was pro- 
duced by oxidation. Near the crack mouth (notch 
end), where the surfaces were exposed to air for a 
longer time, the grain texture was completely de- 
stroyed [Fig. 1 l(a)]. Nearer the tip of the crack, 
where the oxidation was less severe, some granular 
texture remained [Fig 1 l(b)]. All around the edges 
of the fracture surface a lo-pm-thick oxidized 
surface layer was apparent (Fig. 12). This process 
of oxidation must have played an important part 
in the slow growth of the crack. 

The cyclic push-pull fatigue data are shown in 
Fig. 13(a). The strength of the as-machined and 
annealed specimens, extrapolated to a fracture 
time of 10 s, is -500 MPa and 700 MPa, respec- 
tively. The annealed specimens are therefore 
approximately 40% stronger than the as-machined 
specimens. The difference was such that the annealed 
specimens did not fail after lo6 cycles under cyclic 
loading, whereas these conditions caused fatigue 
fracture of the as-machined specimens. This 
increase in strength and fatigue resistance could 
have been a consequence of flaw healing during 
the annealing treatment and this possibility is 
examined later. The cyclic fatigue data for the 
annealed specimens are compared with static fatigue 
data for annealed specimens in Fig. 13(b). Consis- 
tent with the v-K data in Fig. 7(b), static loading 
is considerably more damaging than cyclic loading. 

Fig. 11. Fracture surfaces: (a) near crack notch; (b) nearer 
crack tip just prior to fast fracture. 

Assuming crack growth was controlled by static 
fatigue effects during cyclic loading, the relative 
times to failure under static and cyclic loading can 
be calculated using eqn (3). Using a value of n = 
60, this gives the ratio of times to failure tclt, = 
19.5. The broken line in Fig. 13(b) shows the posi- 
tion of the predicted static data based on the 
cyclic data, and there is clearly no correlation with 
the experimentally determined static data. 

The stress exponents yt, determined from the 
push-pull testing are 16 and 60 for static and 
cyclic fatigue, respectively. Accepting that the 
intrinsic scatter of. the data is large, there is no 
correlation of these values and those generated by 
the v-K curves from the slow crack growth experi- 
ments (Fig. 7). The reason for this is not. clear, 
and may be a consequence of the large differences 
in the crack length in the two types of test, implying 
that n has little meaning as a fatigue parameter. 

Microscopical observation of the specimens 
fractured under both static tensile load and 
push-pull revealed a dark band with a thickness 
of between 10 and 70 pm, which corresponded to 
an oxidation layer [Figs 14(a) and (b)]. This surface 
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Fig. 12. Oxidized surface layer (-lo-pm-thick) at the edge of 
a tested slow crack growth specimen. 
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Fig. 13. Static and cyclic push-pull fatigue data at 1000°C 
and R = -1: (a) comparison of cyclic data for as-received and 
annealed specimens; and (b) comparison of cyclic and static 
data. Broken line represents time-averaged predicted static 

fatigue data based on the cyclic data. 

oxide layer was, not surprisingly, similar to that 
observed on the surface of the slow crack growth 
specimens. The low-magnification fractography 
of these specimens clearly showed the regions of 
crack initiation, slow crack growth and fracture. 
The region where the oxidation layer was thickest 
corresponded to the crack initiation region. At 
places around the surfaces of the tested push-pull 

Fig. 14. Fracture surface of push-pull specimen fatigue tested 
at 1000°C: (a) dark band around the edge of specimen was 
produced by oxidation, and the widest region of the band 
(-70 pm) corresponds to fracture origin; (b) high magnifica- 
tion image of edge of fracture surface; and (c) extruded 

debris at edge of specimen. 

specimens, tongues of extruded material could be 
seen [Fig. 14(c)]. These gave the impression of 
being the oxide glass having been exuded from the 
cracks during the compressive loading. 

3.2 Oxidation experiments 
In order to study in a controlled manner the 
formation of the oxide glass phase on the exposed 
surfaces of the specimens at lOOO”C, some small 
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Fig. 15. SEM micrographs of cleaved specimens oxidized at: (a) 850; (b) 900 (c) 950; and (d) 1000°C. 

samples with freshly cleaved surfaces and some 
with polished surfaces were annealed in air for 
27 h at temperatures of 850, 900, 950 and 1000°C. 
The oxidized cleaved surfaces had exactly the 
same appearance as those of the oxidized frac- 
tured specimens. Heat treatment above 950°C pro- 
duced a thin layer of glassy phase within which 
a needle-like crystalline phase had precipitated 
(Fig. 15). Examination by transmission electron 
microscopy (TEM) and energy-dispersive spec- 
troscopy analysis of the oxidized surfaces con- 
firmed that the needle-like phase was an yttrium 
silicate containing Al and Ca. The glass layer was 
silica formed by the oxidation of the silicon 
nitride. This oxidation is very rapid on an uncon- 
taminated, freshly cleaved surface and it was 
accompanied by the diffusion of the cation addi- 
tives (Y3+ and A13+ and impurities, Ca2’) from the 
grain boundaries. Small concentrations of the low 
melting point elements dramatically reduce the 
viscosity of the glass which evidently could flow 
very easily at 1000°C and washed-out the granular 
texture of the fracture surfaces. No significant 
oxidation of the material was detected after heat- 
ing for 27 h below 950°C (Fig. 15). TEM observa- 
tions also revealed numerous voids in the 
intergranular regions close to the oxidized surface 
in specimens annealed at 1000°C (Fig. 16). 

cavities j 

Fig. 16. TEM micrograph at interface between silicon nitride 
and surface oxide layer produced at 1000°C. Cavities are 

apparent at some grain boundaries. 

The possibility of crack healing at high temper- 
ature was investigated by annealing experiments 
with indentation-produced flaws [Fig. 7(a)]. After 
annealing at 1000°C for 3 h the radial surface 
cracks were no longer clearly apparent and 
appeared to be welded together at some local 
regions by an amorphous phase [Fig. 17(b)]. This 
is confirmation that it is possible that surface 
machining flaws can be healed locally by what 
appears to be a glassy phase (produced by oxida- 
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Fig. 17. Vickers indentation impression: (a) before; and (b) 
after annealing for 3 h at 1000°C. 

tion) which can flow easily at the temperature of 
the tests. The closure of the crack also indicates 
that the plastic zone at the indentation impression, 
which produces the residual stress that opens 
the radial cracks, must have been relaxed by 
annealing. 

4 Discussion 

The results of the present investigation have 
revealed the importance of oxidation in the pro- 
cess of slow crack growth in S&N, at 1000°C in 
air. Our observations are consistent with the find- 
ings of others that isostatically pressed S&N, was 
not susceptible to subcritical crack growth in an 
inert environment at 1370°C whereas the same 
material tested in air showed a strong fatigue sus- 
ceptibility. 3’ Other work26 on the same material 
used in our study showed that, up to 900°C the 
material has similar crack propagation properties 
and strength as at room temperature, while these 
properties are considerably degraded at lOOO”C, 
coincident with the temperature at which oxida- 
tion becomes significant. All these observations 

suggest that the low-temperature crack growth 
mechanism changes at 1000°C when oxidation 
takes place and a relatively low viscosity phase is 
formed. In these oxidizing conditions, a crack, or 
pre-existing flaw, can grow by the co-operative 
effect of stress, oxidation and flow of the glass 
phase. The effect of stress, by forcing the crack 
open, is that of assisting the oxygen transport to 
the crack tip where an oxidized zone (not neces- 
sarily very deep) is formed and the crack can 
eventually advance by the flow of the low viscosity 
oxide phase. The rate of growth of the crack is 
determined in a complex manner by the applied 
stress, rate of oxidation, the rate at which A13’ 
and Ca*’ can diffuse from the grain boundaries to 
the oxide layer and by the rate of flow of the 
glass. It is therefore not surprising to find that the 
relationship between crack velocity and applied 
stress intensity factor is different for different spec- 
imen geometries and different crack lengths, since 
geometrical factors can influence the rates of oxide 
formation at the tip of cracks and the rate of its 
viscous flow. It is noted, for example, that the 
average subcritical velocities in the tensile and 
push-pull specimens (~5 X 10e9 m ss’) were consid- 
erably slower than those measured in the slow 
crack growth experiments. The surface cracks in 
the former are very short (20-100 pm) and their 
faces are more effectively welded together by the 
glass phase. This could explain the flaw healing 
effect of the annealing heat treatment at 1000°C 
and the strength increase of the annealed speci- 
mens. Both the slower growth of cracks, and 
longer fatigue life of specimens under cyclic 
fatigue have also been observed by others in S&N, 
and A&O, at high temperatures.‘4,‘5~17-20,26 This 
behaviour points to the absence of genuine cyclic 
fatigue effects at high temperature, and that peri- 
ods of crack opening are more damaging than 
crack cycling. 

The oxidized fracture surface regions, observed 
by other workers and described by them as degra- 
dation zones31 act as markers for the crack geom- 
etry. On the tensile and push-pull specimens these 
markers revealed that the fracture origins were 
associated with surface cracks with a maximum 
depth of a = 70 pm. This information can be 
used to estimate fracture toughness using the 
expression K = Ycnbra, where for half-penny 
cracks on a cylindrical rod, Y = 0.7, and u is the 
maximum tensile stress.32 The critical value of K 
thus obtained is about 5.7 MPa ml’*. This is simi- 
lar to the values typically quoted for the fracture 
toughness, K,,-, of Si,N, at room temperature 
determined using the indentation fracture toughness 
method. It should be noted that K,, is relatively 
insensitive to temperature up to 1200”C,33 as it 
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should be if the toughness is determined by the 
onset of fast, unstable, crack propagation into the 
bulk material in the absence of oxidation effects. 
In the slow crack growth experiments, a well 
defined boundary between oxidation and fast frac- 
ture was not seen because the crack accelerates 
continually towards its critical length. Since crack 
length readings were taken at intervals, the true 
crack length at instability could not be determined 
from these tests. 

5 Conclusions 

(1) 

(2) 

(3) 

(4) 

An experimental method has been devel- 
oped that enables direct observation of the 
growth of subcritical fatigue cracks at high 
temperatures. 
The stress exponents, n, determined from 
high-temperature push-pull fatigue testing 
and slow crack growth experiments are 
inconsistent, indicating that n has little phys- 
ical significance and is geometry-dependent. 
Annealing at 1000°C increases the strength of 
GPSSN by 40% as a consequence of oxida- 
tion-assisted crack healing and relaxation 
of surface-machining-induced residual 
stresses. 
The crack advancement mechanism at high 
temperature is influenced by oxidation at the 
crack-tip region and the formation of a 
viscous glassy phase. Oxidation ahead of the 
crack tip produces voids at the intergranular 
boundary. The stresses at the tip region of a 
tensile-loaded crack tend to increase the 
size and number of these voids by viscous 
flow. The coalescence of the voids produces 
a mechanism by which crack growth can 
occur. This mechanism explains the change 
in crack growth behaviour at high temper- 
atures compared with room temperature. 
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Absrract 

The energy release rate of a double cantilever beam 
(DCB) loaded with pure bending moments is indepen- 
dent of crack length, allowing stable crack growth in 
even truly brittle materials. The method is thus suit- 
able for measuring jracture toughness and R-curve 
behaviour of ceramics. This paper describes the devel- 
opment of a new test conjiguration and reports the 
testing results from two ceramics: one with constant 

fracture toughness and one possessing R-curve 
behaviour due to phase transformation. Stable crack 
growth was obtained for both materials. 0 1996 
Elsevier Science Limited. 

1 Introduction 

Generally, the fracture toughness of technical ceram- 
ics is low. This limits the number of applications 
in which ceramics can be used. In order to enhance 
the fracture toughness, energy-absorbing mechanisms 
must be built into the microstructure. Typically, the 
effect of the toughening mechanism increases as the 
crack grows, leading to rising crack growth resistance 
(R-curve behaviour). In parallel with the develop- 
ment of tougher ceramics, it is equally important to 
develop experimental methods that allow controlled 
(stable) crack growth, such that the R-curve 
behaviour can be properly measured. 

Many of the fracture mechanics tests methods that 
work well for metals are not suited for controlled 
crack growth in ceramics because the test configu- 
rations are unstable in nature; i.e. for a fixed external 
load, the energy release rate G increases with crack 
length. Then, controlled crack growth is only possible 
when the tests are performed on servo-hydraulic test 
machines controlled by the crack opening displace- 
ment (feedback from a clip-on extensometer), such 
that the specimen is rapidly unloaded as soon as 
crack growth takes place. It is difficult to perform 
such experiments in ceramic.’ Typically, it is only 

possible to control the crack growth for a few mil- 
limetres before the crack extends unstably.2 

Chevron-notched specimens give stable crack 
growth,3 but cannot be used for characterizing 
R-curve behaviour since the crack extension varies 
along the crack front (in order to be able to measure 
R-curve behaviour properly, the crack front should 
be straight, such that the full crack width experiences 
the same state of toughening). It is possible to obtain 
controlled crack growth of straight through the 
thickness cracks in ceramics by controlling the crack 
opening displacement utilizing the Poisson’s effect 
of a rod loaded in compression.4 The calculation 
of G, however, is sensitive to the accuracy with 
which the Poisson’s ratio of the rod is known, and 
G depends on the crack length. Stable crack 
growth can also be obtained by compressing a 
square specimen with a circular hole in the centre.5 
However, machining a pre-crack from the circular 
hole is quite difficult. Also, the energy release rate 
depends on the stiffness of the support areas and 
varies with crack length. Another method utilizes 
torsion moments on a double cantilever beam (DCB) 
specimen. 6 For this method the energy release rate 
is independent of crack length. However, the crack 
front is not straight through the width. Therefore 
the measured resistance may, at least in the initial 
stages of crack extension, represent an averaged 
value. After completion of this work we discovered 
an older paper by Freiman et al.,’ which describes 
a loading arrangement for loading a DCB speci- 
men with pure bending moments. This method 
also gives an energy release rate that is indepen- 
dent of crack length. The moments were applied 
by forces acting through wires at external beams 
bonded perpendicular to the DCB arms. However, if 
rigid supports are used8 instead of the wire arrange- 
ment,’ then the external beams slide over the support 
points as the DCB specimen opens, so that the test 
becomes sensitive to friction. 

In this paper a novel arrangement is proposed 
for loading a DCB specimen with pure bending 
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moments. Using a special fixture which moves with 
the beams of the DCB, the problems of bonding 
are avoided. The bending moments are created by 
loading the DCB specimen by compressive forces. 
The potential of the method is demonstrated by 
the characterization of two ceramics: one with and 
one without R-curve behaviour. 

2 Analysis of Test Configuration 

2.1 Conditions for stable crack growth 
A material’s resistance to crack growth K may 
increase during crack extension, i.e. K = a, 
where Au is the crack extension. Denoting the 
decrease in the potential energy (per unit width of 
the specimen) of the system by G (the energy release 
rate), the Griffith criterion for crack growth can be 
formulated as follows. Crack growth takes place 
when the decrease in the potential energy during 
an incremental crack growth equals or exceeds the 
energy consumed in the fracture process: 9 2 R 
Crack growth is stable if dG /da < dK/da and 
unstable if dG/da > dx/da. 

2.2 Fracture mechanics analysis of the DCB loaded 
with pure moments 
The DCB specimen consists of two slender beams 
each with the thickness H and width B. The crack 
growth takes place in the mid-plane between the 
beams, such that the crack growth is in pure mode I. 
Each beam end is loaded with a bending moment A4 
[Fig. l(a)]. The plane strain energy release rate can be 
found by taking the J-integral’ along the boundaries 
of the specimen, giving 

G= 12(1 - z4 A42 
EB2H3 

where E and Y denote Young’s modulus and Pois- 
son’s ratio. Since G is independent of the crack length 
a, it follows that a~/& = 0 (constant moment). If 

E. Y 

(a) 

(b) 

Fig. 1. The geometry and loading of the DCB: (a) loaded by 
pure bending moments; (b) loaded with compressive forces 

creating pure moments in the inner parts of the beams. 

\ 
I/H=25 

I I I / I 

0 1 2 3 4 5 6 

am 

Fig. 2. The computed value of the energy release rate (nor- 
malized by the value calculated by simple beam theory) as a 
function of the distance a from loading point B to the crack 

tip. 5 approaches a constant value for a/H 2 1. 

the test is performed in displacement control then 
dG/da = d~/;/a a ( constant rotation) < 0, such that 
crack growth is stable even in materials with constant 
fracture toughness dzplda = 0. This is the prime 
advantage of the DCB loaded with pure moments. 

In our design the bending moments are created 
by applying two compressive forces, separated by 
a distance I, to each beam [Fig. l(b)] such that the 
moment is 

M = Fl (2) 

where F is the magnitude of the force. In order to 
assess how far away the forces should be from the 
crack tip, the stress distribution of the specimen was 
analysed using the finite element method (FEM).” A 
typical mesh consisted of 1698 eight-noded, isopara- 
metric, plane strain elements and 5321 nodes. Sin- 
gular elements were used at the crack tip. The energy 
release rate, calculated by a virtual crack extension 
technique, is shown in Fig. 2 as a function of the 
distance a from the crack tip to the nearest loading 
point for two different moment arms (I/H = 0.25 
and NH = 2.5). It is seen that G is essentially inde- 
pendent of a for NH = 2.5. For l/H = 0.25, the 
steady-state value of G is attained when a/H 2 1. 
For small values of a/H and l/H the stress field 
from the forces acting at the crack face is directly 
affecting the stress field near the crack tip. Therefore, 
NH = 2.5 was chosen in the current design. 

3 Experimental Method 

3.1 Practical design of test specimen 
For practical reasons, modifications are required to 
the idealized specimen geometry. A slot must be 
introduced at the inner part of the beam ends to 
give room for the brads. Also, a side groove must 
be introduced in order to guide the direction of the 
crack. Grooves can be made to both sides of the 
specimen to ensure symmetrical deformation. 
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3.2 Description of fixture 
In order to apply the moments to the beams with- 
out inducing wedging forces or friction, a fixture 
utilizing a wire and rollers was developed (Fig. 3). 
The wire runs via two transverse rollers, mounted 
at the top and bottom grips of a standard tensile 
machine such that the forces in the wire at the 
front and rear sides of the fixture are identical. If 
the friction from the rollers is neglected and the 
gravity forces on the fixture are small (the weight 
of each fixture part is 570 g), then the force in 
the wire has the same magnitude everywhere, and 
it follows that each beam is loaded with a pure 
moment 

A4 = P(2R + d) (3) 

where P is the applied force, R is the radius of the 
rollers and d is the horizontal distance between 
the centre of the rollers (Fig. 3). The moment 
is transferred to the specimen by two brads (sepa- 
rated by the distance I), welded to the fixture. 
Note that the specimen and fixture parts are free 
to move up and down without inducing any forces 
in the wires; only a rotation does. The untracked 
end is supported from the sides and the bottom 
(snug fit only), in order to ensure that the speci- 
men does not rotate (e.g. due to gravity forces). 

3.3 Test procedure 
The experiment should be performed under dis- 
placement control (i.e. under a constant crosshead 
speed) to obtain stable crack growth. An exten- 
someter can be mounted at the end of the specimen 
(point A, Fig. 3) to detect crack growth. Acoustic 

Test Specimen 

0 

ii support I I 

II .-- Wire 

Fig. 3. Schematic illustration of the loading fixture. 

emission can also be used for detecting crack growth. 
The crack length is recorded prior to loading. The 
load P is increased until crack growth is detected, 
whereafter the specimen is unloaded, and the new 
crack length is measured. Then the load can be 
increased again until further crack growth has taken 
place, etc. The load at the onset of crack growth 
can be converted into a moment M [eqn (3)] and 
the critical energy release rate G,~ can be calcu- 
lated from eqn (1). The crack growth resistance 
can then be calculated from 

%_@a) = G&W + (4) 

where b is the remaining ligament of side-grooved 
specimens (i.e. the beam width B minus the side 
groove depth), since the changes in strain energy 
occur over the full width B, while fracture energy 
is only consumed over the width b. 

The crack extension Aa can be measured by sev- 
eral means. A face of the specimen can be polished, 
allowing the crack length to be measured by optical 
microscopy. The crack is easy to see, if it is coloured 
by a penetrating ink. Alternatively, a surface replica 
can be taken and the crack extension can be deter- 
mined later. This is a precise and efficient method. 
These two methods rely on the crack extension at 
the surface. A third method is to determine the 
crack length by means of the changes in specimen 
compliance: the end-opening of the specimen (two 
times the deflection of a single beam) can be found 
from simple beam theory to be (plane strain) 

6, = 4 (1 - v *) ‘“B” d & (3a* + 2P + 61~) (5) 

where 1 is the horizontal distance between the 
loading points A and B (see Fig. 3) and a is the 
crack length (the horizontal distance from B to 
the crack tip). 

4 Example of Stable Crack Growth in Ceramics 

4.1 Processing of ceramics 
CeO,-stabilized ZrO, ceramics that may experience 
R-curve behaviour due to phase transformation 
(tetragonal to monoclinic crystal phase) were studied. 
Powders from two different companies (TZ-12CE 
from Tosoh Co., Japan and Z-65 from Ceramatec, 
USA) were used. The test specimens were made by 
slip casting. After pre-sintering (1 h at lOOO’C>, the 
slots for the brads, the side groove and a 1 mm 
thick notch were cut. A 0.1 mm thin slit (approxi- 
mately 3 mm in length) was made at the end of 
the crack by a new razor blade. The specimens 
were sintered at 1500°C for 2 h. The linear shrinkage 
was nearly 20%. The specimens were nominally 
100 mm long, with B = 5 mm, b = 2.5 mm and 
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H = 10 mm. The average grain size of both materials 
was approximately 2 pm. 

4.2 Testing and results 
Prior to the fracture mechanics testing, the elastic 
properties were determined by strain-gauge mea- 
surements on four beams loaded in four-point 
bending. This gave E = 187 GPa and v = 0.30. 

The fracture mechanics experiments were con- 
ducted using an Instron 1115 spindle-driven test 
machine at a constant crosshead speed of 0.2 mm 
min-‘. Acoustic emission (Spartan AT, Physical 
Acoustic Corporation) was used to monitor crack 
growth. Replicas (Struers Transcopy) were used to 
document crack extension. To start the measure- 
ments from a truly sharp crack, each specimen was 
pre-cracked in the following manner. The specimen 
was inserted in the fixture, and loaded until crack 
growth was detected. Then the specimen was 
unloaded and annealed at 1000°C for 30 min to 
reverse the transformation that might have occurred 
in connection with the crack initiation.* The speci- 
mens were tested in the procedure described above. 

The measured crack growth resistance for typical 
specimens is shown in Fig. 4. For the Tosoh ceramic 
the R-curve is essentially flat (constant fracture 
toughness). The R-curve behaviour of the Ceramatec 
ceramic is much more pronounced. The full R-curve 
of this material has, as far as we are aware, not been 
measured before. The initial part of the R-curve 
has been measured by single-edge-notch-bend speci- 
mens by Yu and Shetty’ (up to 1.5 mm crack exten- 
sion, where unstable crack growth took place; i.e. 
before the steady-state level was attained). Their 
results are superimposed in Fig. 4. The agreement 
between their and our measurements is very good. 
One of our specimens of Ceramatec ceramic was 
annealed after 6 mm crack growth in order to 
reverse the transformation. This specimen was 
then used to measure the R-curve behaviour 

0 1 2 3 4 5 6 7 

Crack Extension An (mm) 

Fig. 4. The measured crack growth resistance Kas a function 
of crack extension Aa for two ceramic materials. The Cera- 
matec materia1 experienced a pronounced R-curve behaviour. 
Note that crack branching leads to erroneous measurements. 
The Tosoh ceramic showed no R-curve effect; it appears to 

have a constant fracture toughness. 

again. The measured R-curves coincide com- 
pletely, suggesting a complete reverse transformation 
during the heat treatment. Such behaviour has 
also been demonstrated by Yu and Shetty.2 

As indicated in Fig. 4, for one of the specimens the 
crack branched and kinked away from the intended 
mode I crack direction after a growth of 2 mm. The 
crack branching was identified from the replicas and 
resulted in a higher apparent crack growth resistance 
(only growth of a single straight crack is valid for 
measurements of mode I R-curve behaviour). 

4.3 Discussion 
Under steady-state conditions, the J-integral taken 
along the external boundaries [Eqn (l)] can be split 
into parts associated with the unloading in the wake 
of the crack and the energy release rate at the crack 
tip.” Assuming that the critical energy release rate 
at the crack tip remains the same during crack 
growth, the increase in the global energy release 
rate [Eqn (l)] is predicted to beI 

A& = 2fh CT, cT (6) 

where f is the volume fraction of transforming 
particles within the transformation zone, h is the 
transformation zone height, a, is the critical trans- 
formation stress and eT is the transformation strain. 

The transformation zone height h of the Cera- 
matec material was measured to be approximately 
100 pm, similar to the measurements of Yu and 
Shetty.2 The critical transformation stress a, is 
assumed to be approximately the yield stress, which 
is 200 MPa.* Assuming an average transformation 
fraction of 0.4 (Yu and Shetty2 report f = 0.8 at 
the fracture surface and l T = 0.05) gives a prediction 
of A& = 0.8 kJ mm2. From the experimental data 
(Fig. 4) A&, is found to be 1.0 kJ m-*. Thus, the 
agreement between experimental results and the 
prediction is satisfying. 

5 Conclusions 

A fracture mechanics testing technique, the DCB 
specimen loaded with pure bending moments, was 
developed and used to characterize the crack growth 
resistance of two ceramics. One of the materials 
experiences R-curve behaviour due to phase 
transformation. For this material the full R-curve 
was measured. The other material had a constant 
fracture toughness. Stable crack growth was obtained 
in both materials. 

Acknowledgements 

This work was supported by the Risra Engineering 
Science Centre for Structural Characterization and 



Controlled crack growth in ceramics 1025 

modelling of Materials. The work of P.B. was per- 
formed when he was staying at Risq during which 
time he was supported by the European Commett 
organization. The Ceramatec powder was kindly 
provided by Professor D. K. Shetty. 

References 
8. 

9. 
Nielsen, B. N., Thomsen, N. B. & Karihaloo, B. L., 
in Proceedings of the 4th International Conference on 
Experimental Mechanics, 20-24 August 1990, Lyngby, 
Denmark, p. 674. 
Yu, C. S. & Shetty, D. K., J. Mater. Sci., 25 (1990) 2025. 
Blum, J. I., Eng. Fract. Mech., 7 (1975) 593. 

10. 

11. 

12. 

Calomino, A. M. 8c Brewer, D. N., J. Am. Ceram. Sot., 
75 (1992) 206. 
Tirosh, J., Altus, E. & Yifrach, T., Znt. J. Fract., 58 
(1992) 211. 
Vekinis, G., Ashby, M. F. & Beaumont, P. W. R., Acta 
Metall. Mater., 38 (1990) 115 1. 
Freiman, S. W., Mulville, D. R. & Mast, P. W., J. Mater. 
Sci., 8 (1973) 1527. 
Sohn, K.-S., Lee, S. & Baik, S., J. Am. Ceram. Sot., 78 
(1995) 1401. 
Rice, J. R., J. Appl. Mech., 35 (1968) 379. 
SOLVIA 90, Solvia Engineering AB, Vaster& S-72214, 
Sweden. 
Budiansky, B., Hutchinson, J. W. & Lambropoulos, J. C., 
Int. J. Solids Struct., 19 (1983) 337. 
Evans, A. G. & Cannon, R. M., Acta Metall., 34 (1986) 
761. 



Journal of the European Ceramic Society 16 (1996) 1027-1034 
0 1996 Elsevier Science Limited 

SO955-2219(96)00011-8 
Printed in Great Britain. All rights reserved 

0955-22 I9/961$ IS.00 

On the Contribution of Notches to the Failure 
Probability of Ceramic Components 
Angelika Bri.ickner-Foit, Armin Heger & Dietrich Munz 

Institute of Reliability and Failure Analysis, Karlsruhe University, D-76021 Karlsruhe, Germany 

(Received 2 1 July 1994; revised version received 18 December 1995; accepted 5 January 1996) 

Abstract 

The failure probability of tensile bars containing 
circular notches is calculated using the multiaxial 
Weibull theory. The influence exerted by the stress 
concentration factor, the stress gradient in the notch 
root, and the Weibull exponent are analysed. A 
local risk of rupture is de$ned, and it is shown how 
characteristic sub-volumes of the notched tensile bar 
contribute to the failure probability. An analytical 
expression is derived which is based on a linear 
approximation of the stress field in the vicinity of 
the notch root, and which yields the dependence of the 
leading term of the failure probability on characteristic 
quantities such as the stress concentration factor 
and the Weibull modulus. 0 1996 Elsevier Science 
Limited. 

1 Introduction 

The design of ceramic components aims at meeting 
a specific level of reliability instead of specifying a 
minimum allowable strength due to the inherent 
scatter of strength. As failure is triggered by the most 
dangerous flaw, which may be located in a region 
of comparatively low stress, any stressed volume in 
the component contributes to the risk of rupture. 
Hence, the stress distribution of the entire compo- 
nent has to be calculated for design purposes. 

This is obviously different from common design 
practice for metallic components, for which the 
maximum stress at the most critical point is com- 
pared to the strength. Frequently this maximum 
stress can be determined even if a full stress analysis 
of the component under consideration has not been 
made. A well-known example is provided by notches 
for which analytical and approximate values of the 
stress concentration factor in the notch root have 
been determined for a large number of notch 
geometries.‘.2 

The aim of this study is to investigate the infl- 
uence of notches on the reliability of ceramic com- 
ponents in order to provide a database from 

which appropriate design rules can be derived. A 
well-established theory, 3~6 the so-called multiaxial 
Weibull theory, is now available, by which the reli- 
ability of a ceramic component subjected to an arbi- 
trary stress state can be evaluated. Within the 
framework of this theory, the reliability is determined 
via an integral over the stress field. In general, a finite- 
element analysis of the component under 
consideration has to be performed prior to the reli- 
ability analysis in order to determine the complete 
stress field with sufficient accuracy. This implies that 
comparing alternative designs is an arduous task, 
since a comprehensive finite element analysis is 
required even for minor modifications of the original 
design. 

It is desirable to assess the contribution of charac- 
teristic details such as notches on the basis of tabu- 
lated values or preferably on the basis of approximate 
analytical solutions. For this purpose, simple tensile 
bars containing notches of various geometries are 
analysed in this paper using the finite-element 
method to determine the stress field and using 
the multiaxial Weibull theory. The dependence of 
the reliability on the stress concentration factor, on 
the stress gradient in the notch root and on the 
material parameters of the ceramic material is 
determined. An approximate formula for the stress 
field of a certain class of notches is given from 
which the contribution of circular notch in a tensile 
stress field to the risk of rupture can be derived. 

2 Weibull Theory for Multiaxial Loading 

The failure behaviour of ceramic components sub- 
jected to a multiaxial stress state can be assessed 
using the multiaxial Weibull theory as developed 
by Batdorf et al.3’4 Evans,’ and Matsuo.‘j It is 
assumed that failure is caused by unstable exten- 
sion of natural flaws of random size, of random 
location and of random orientation with respect 
to the principal stress axes. The worst flaw, i.e. the 
flaw for which the most unfavourable combination 
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of size, location and orientation is obtained, will prop- 
agate unstably and will cause catastrophic failure. 

The probability that the size a of a given flaw 
exceeds the critical crack size a, is given by: 

f,(a) da dC! dx (1) 

where V denotes the volume of the component 
considered, CR the surface of a unit sphere with the 
polar angles 4 and 8 and surface element dS2 = sin 
0 d0 d$, x the coordinate vector, and fX(x), f& 
(4,0), f,(a) are the probability density functions of 
the corresponding random variables. 

The critical crack size can be determined using 
fracture mechanics, if the natural flaws can be 
approximated by planar cracks. Within the frame- 
work of this model, a multiaxial stress state gives 
rise to mixed mode loading of a crack, and the 
critical crack size is a function of the mode I-III 
stress intensity factors K,, K,,, K,,,: 

with 

K, = (T, fi Y, 

K,, = 7 fi Y,, 

K,,, = 7 Ja- Y,,,. 

The correction factors Y,, Y,, and 

(3) 

Y,,, represent the 
influence of the crack geometry. The stress a,, normal 
to the crack plane is given by the following relation: 

a, = (a, cos2+ + a2 sin24 ).sin28 + a,cos*O (4) 

where (T,, a,, and a, are the principal stresses and 4 
and 8 are the polar angles determining the orien- 
tation of the crack plane relative to the principal 
axes. The shear stress 7 in the crack plane is given by 

r= Jr&+ z; (5) 
with 

and 

r rd = (02 - a&in4 cosf$ sin@ (6) 

r t-e = (a, cos2$ + a2 sin*+ - a&sin0 cos 8. (7) 

An equivalent mode I stress intensity factor Kleq 
can be introduced with 

G, = o,;fi r, (8) 

where the equivalent stress a,, depends on a,,, T and 
on Y,, Y,,, and Y,,,. The critical crack size is then 
given by: 

a,. = KIC 2 ( 1 a,, . Y, 

A variety of multiaxiality criteria are given in 
the literature leading to different expressions 
for a,,. A summary can be found in ref 7. An 
example of one of these criteria is:8 

(10) 

which is derived using the assumption that the 
value of the energy release rate in the crack plane 
determines the onset of unstable crack propaga- 
tion, and a penny-shaped crack is a suitable model 
for the natural flaws. 

In Weibull theory the following expression is 
used for the integral over the crack size in eqn (1):’ 

li’ (11) 

where eqn (9) was used for the critical crack size. 
The parameters m, 7. in eqn (11) depend on the 
toughness of the matrix material and on the statis- 
tical properties of the flaw size distribution. 

If all locations of flaws and all orientations 
occur with equal probability, the material is 
homogeneous and isotropic, andf,(x) andf+,,(&,O) 
can be replaced by uniform distributions. Hence, 
Q, in eqn (1) is equal to: 

Q, = +jb,& jn ($jmdfi dx . (12) 

The number n of cracks in the volume V is also a 
random variable and can be described by Pois- 
son’s distribution. The probability of having 
exactly it cracks in V is given by: 

p = MnKM 
n 

n! ’ 
(13) 

where M is the average number of cracks in V. 
The following relation for the failure probability 
Pf is obtained from eqns (12) and (13):’ 

Pf = 1 - exp(- M.Q,) . (14) 

With the definition of a new material parameter a,: 

v + 
00 = To. vo.M ( 1 (15) 

where V, is a reference or unit volume, the follow- 
ing relation is finally obtained for the failure prob- 
ability: 

Pi= 1 -exp(-iJV& !(%pfidx). (16) 

Equation (16) can be rewritten as: 

pf = lo exp 
u* m ( H b (17) 

where K,, denotes the fracture toughness. 
where u* is a reference stress characterising the 
loading of the component, and 
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(18) 

with the normalised stress integral 

Equation (17) implies that the stress at fracture is 
a Weibull distributed random variable. 

The normalised stress integral H is independent 
of the applied load level and is hence a convenient 
tool to characterise the effect of the spatial stress 
distribution on the failure probability, particularly 
if two components with different geometries are 
compared. In this case the corresponding Weibull 
parameters b(l), b(2) (eqn (17)) are related by: 

L(l) u (2) 

(20) 

The allowable stress levels dr(‘), a*(2) for two diff- 
erent designs of a component are related by: 

- H (2) 
a”‘* 

@ (I)* H (1) (21) 

at a given level of reliability which is characterised 
by a specific value of Pf. From eqns (17)-(21) it is 
clear that the information needed for the design of 
ceramic components is contained in the normalised 
stress integral, which will be used in the subse- 
quent investigations. However, it should be kept in 
mind that the numerical value of H depends on the 
choice of the normalisation volume I’,. The same 
applies to the ratio of H-values, if the Weibull 
exponent m is not kept constant. 

3 Numerical Evaluation of the Failure Probability 

The five-dimensional integral eqn (19) has to be 
evaluated in order to determine the failure proba- 
bility or the normalized stress integral H. Conven- 
tional numerical integration procedures such as 
the Gauss integration can be used to integrate 
over the orientation angles, whereas the integra- 
tion over the volume is more difficult. 

The stress tensor for real structures is generally 
determined by a finite element analysis, which yields 
the values of aij at a limited number of points 
within each element, the so-called Gauss points. 
Because of the high value of m which is obtained for 
advanced ceramic materials, the gradients of the 
integrand within each element are very steep, and a 
large number of evaluation points are needed in 
order to achieve convergence of the numerical inte- 
gration. A very fine finite-element mesh could be used 
to solve this problem, but then the computational 
costs of the stress analysis may become prohibitive. 

An arbitrary number of evaluation points can 
be generated, if the shape functions of the finite- 
elements is used to interpolate the stress field 
between the Gauss points of the finite-element 
mesh. Using these additional points conventional 
numerical integration methods can again be 
applied to calculate the volume integral eqn (12) 
or eqn (19). This procedure is implemented in the 
STAU computer code and its extensions 
(STAULE for lifetime evaluation and STAUB for 
proof testing) 

4 Notches in Ceramic Components 

4.1 Normalised stress integral H 
The stress field of a notched tensile bar for various 
notch geometries was calculated using a linear eleastic 
finite-element analysis. Figure 1 shows the geometry 
of the bar with a typical finite-element mesh. The 
stress field in the notched cross-section is given in 
Fig. 2, which also illustrates the characteristics of the 
stress field, namely the stress-concentration factor: 

(22) 

and the normalised stress gradient 

1 do, x*=_._ 
UI, n,u.y dx .y = o 

(23) 

Fig. 1. Geometry of notched tensile bar with typical finite- 
element mesh. 
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0.00 
0.00 0.10 0.20 0.30 0.40 0.50 

x/d 

Fig. 2. Stress distribution in the notched cross-section. 

where uI max is the maximum stress in the notch 
root (X =‘O) and a,,, is the nominal stress. 

The geometries of the notches considered are 
shown in Fig. 3. The width of the notched cross- 
section d was kept constant in all cases. With 
these geometries a wide range of cu,-x*-values has 
been covered (see Table 1, 1.9 < (Yk < 5 and 0.3 < 
p < 2). The normalised stress gradient x* could be 
evaluated with sufficient accuracy only for those 
notches for which the notch roots were situated on 
the y = 0 symmetry line of the structure because 
of the limitations imposed by the finite-element 
mesh. 

The normalised stress integral H, eqn (19) was 
calculated for these notched tensile bars using the 
finite-element code ABAQUS and the post-processor 
STAU.” The reference stress (T * in eqn (19) was 
set equal to the nominal stress. The equivalent 
stress was determined using eqn (10). 

All dimensions including the unit volume V, 
were given in mm. The thickness of the bars was 
assumed to be equal to 1, the nominal width d 
was 40, and the length L was 90. 

Figure 4 shows the variation of the normalised 
stress integral H with the stress concentration fac- 
tor (Yk. For low values of the Weibull exponent m, 
the value of H depends only weakly on the stress 
concentration factor whereas H approaches (Yk for 

Fig. 3. Notch geometries. 

Table 1. Dimension of notches defined in Fig. 3 in notched 
tensile bars with length L = 90 mm and nominal thickness 

d=40mm 

D 
Notch number q., eqn (22) x*, mm-‘, eqn (23) d, see Fig. 1 

Nil 
N12 
N13 
N14 

N21 
N22 
N23 
N24 

N31 
N32 
N33 
N34 
N35 

N41 
N42 
N43 
N44 
N45 

N51 
N52 
N53 
N54 
N55 

N61 
N62 
N63 
N64 

3.65 1.250 
2.99 1.250 
2.71 1.250 
2.55 1,250 

5.03 I.250 
4.05 I .250 
3.60 I.250 
3.32 1.250 

2.15 1,250 
2.48 1,250 
2.85 1.250 
3.17 1.250 
3-46 0.63 1.250 

4.97 1.21 1.250 
3.84 0.75 1.250 
3.27 0.50 1.250 
2.92 0.47 1,250 
2.67 0.38 1,250 

2.90 I .oo I.250 
2.47 0.70 I.250 
2.21 0.52 1.250 
2.04 0.42 1.250 
1.91 0.35 1.250 

1.95 1.19 1,030 
1.90 0.82 I.045 
1.92 0.57 1.075 
1.89 0.49 1.115 

high values of m, i.e. low scatter of the materials’ 
strength. In the deterministic limit (m + -), only 
the maximum stress (T,,,,, contributes to the failure 
probability and H is equal to (Yk. The influence of 
the shape of the notch is small compared to the 
influence of the stress-concentration factor for realistic 
values of m, as notches of very difficult shapes 
such as N21 and N41 yield H-values H,, = 3.53 
and H,, = 340, respectively, for m = 15 which are 

0 m=5 

.H 0 ml=15 

- m=cn 

11 
1 2 3 4 5 6 

stress-concentration factor 

Fig. 4. Dependence of the normalised stress integral H on 
the stress concentration factor cu,; m = 00 deterministic limit 

with H = ok. 
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much closer to each other than the values obtained 
from notches of similar shapes and different values 
of CQ (e.g. Nl 1 and N21: H,, = 2.63 and II,, = 340). 

Because of the strong correlation between (Yk 
and p for most of the examples studied here a 
special class of notches was selected with almost 
COrMant ak = 1.9 and 0.35 < p < 1.2 (N55, N61- 
64 in Fig. 3). These notches are compared to notches 
with (Yk= x* and p in the same order of magni- 
tude (N51-55 in Fig. 3). Figure 5(a, b) show the 
normalised stress integral H as a function of x* in 
both cases. 

A reduced nominal thickness of d = 20 was 
used in this case in order to obtain more accurate 
values for the stress gradients. The effect of the 
nominal width on the normalised stress integral H 
is quite important, especially for low values of m, 
as can be seen by comparing Fig. 4 with Fig. 5(a). 

The relationship between H and x* (Fig. 5(a)) 
looks very similar to that between H and (Yk for 
N51-55 (Fig. 4) i.e. the effect of the stress gradient 

Z41 

0.6 0.8 1 1.2 
normolised stress gradient 

(4 8 m=5 

El + m=15 

*m=m a 
d 

0 0.2 0.4 0.6 0.8 1 1.2 
normalisad stress gradient 

@I 

Fig. 5. (a) Dependence of the normalised stress integral H on 
the normalised stress gradient ,y*; notches with CQ = ,y* 
(N51-55). (b) Dependence of the normalised stress integral H 
on the normalised stress gradient x*; notches with ak = 1.9 

(NSS and N61-64). Fig. 6. Definition of the sub-volumes Vl-5. 

cannot be separated from the effect of the peak 
stress in the notch root. The increase in H with x* 
(i.e. a steeper gradient of the stress in the notch 
root) observed for m = 5 in the case of N55 and 
N61-64 (see Fig. 5(b)) is due to the fact that the 
stress gradient p increases with increasing total 
width D (see Table 1). The nominal width and the 
nominal stress were kept constant, and hence a 
larger value of D implies that the stress in the 
remainder of the bar outside the notched cross- 
section decreases. H decreases with increasing x* 
for m = 15, because the width effect is suppressed 
and the change of the stressed volume in the 
notched cross-section becomes dominant. 

4.2 Local risk of rupture for notches 
The influences on the value or the normalised 
stress integral H can be clarified using the local 
risk of rupture as introduced in ref. 11. The fol- 
lowing sub-volumes of the notched tensile bar are 
defined (see Fig. 6): 

l Vl depending on the peak stress and on x* 
with 

0 I p I r,(w)= r;(l + % w), Olwl? 

l V2 characterizing the distribution of the 
stress field in the centre of the notched 
cross-section with 

r, = rc.( 1 + 4 0) < P I + 
?r 

OlW<; 
L 

l V3 depending on the gradient of 
field along the notch contour with 

the stress 

l V4 linking V3 to the unnotched bar with 

l V5 taking care of the contribution from the 
remainder of the bar: 
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o.j ~~~~~:~~--r~ 1 
0 2 4 6 8 10 12 14 16 18 20 

Weibull exponent m 

Fig. 7. Local risk of rupture pO for the sub-volumes Vl-5; 
notch N51. 

OW$andj 
d 

x2 + y2 > -. 
2 

Here p denotes the distance from the notch root, 
o the polar angle as shown in Fig. 6, and rC is 
defined as 

1 _ 4(ak T ‘) 
(Yk X . d 

(24) 

The local risk of rupture of sub-volume I/i is 
equal to:9%” 

ueqm da d I’ 
(25) 

J J ” c1 ueq “’ da d I’ 

pO( IQ) is equal to the probability that the worst 
flaw triggering fracture is contained in Vi. The 
local risk of rupture is depicted in Fig. 7 for notch 
N5 1. Similar pictures are obtained for other notch 
geometries. Figure 7 shows that the highest risk of 
rupture is associated with sub-volume V5 for low 
values of m. This implies that the stress field in the 
remainder of the notched tensile bar outside the 
notched cross-section dominates the failure proba- 
bility. The notch geometry, on the other hand, 
influences the stress field in sub-volumes Vl and V3 
which determine the failure probability for m 2 8. 

4.3 Approximation formula for H 
The stress field of the notched tensile bars depends 
on the StreSS COnCentEttiOn factor ak, the nor- 
malised stress gradient x*, and the relative notch 
depth d/D. Although the detailed stress distribu- 
tion may be quite complicated (see e.g. ref. l), a 
comparatively coarse approximation of the stress 
field may be sufficient in order to determine the 

normalised stress integral H, which depends 
mainly on ak (m large) or on the stressed VOlUme 
(m small). 

The following relation is used for the 
principal stress of a notched tensile bar: 

ak.(l-x*.r;L)in 
r,(m) 

o1 (Yk . (1 -x* . r,) in V2 and 
7= 
u I- (Ye (1 - x* ‘5) in V3 

d 
in V5 

D 

maximum 

Vl 

v4 (26) 

where VI-5 and r,(w) were defined in Section (2) 
and r, follows from eqn (24). The approximate 
stress field, eqn (26), decreases linearly in the 
notched cross-section with the gradient--cu,,x* 
until it attains a constant value. It fulfils the equi- 
librium condition in the notched cross-section. 
The second principal stress is small compared to 
(TV in the vicinity of the notch root (see Fig. 2) and 
is set equal to zero. 

The normalised stress integral H, eqn (19) can 
be split up into a volume integral and an integral 
over the orientation angles: 

H = H, . Ha 

(27) 

The following relations are obtained from eqn 
(26) for the contributions of the sub-volumes 
Vl-5: 

H”,, = 
137r 
6 YXkrn . 

1 - (1 -x* rC)m+’ . (x* r&n + 1) + 1) 

(x*>“(m+ l)‘(m+2) 
(28) 

H “;2 = 5 .akrn . (1 - x* rC)nt . (9 - 13r:) (29) 

1 -(l -x* r,)nl+’ . (x* r,(m + 1) + 1) 

(x*)2 . (m + 1) . (m + 2) 
(30) 

H = m - 
v4 - 16 .%*’ .(l -x*rC)lli.(>‘-9r,l) (31) 

and 

H.:i=(~~.~2.((~-,~).$+ I-+). (32) 

The value of Ha eqn (27); can be determined by 
straightforward numerical integration, as the 
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equivalent stress a,, depends only on one polar 
angle for uniaxial stress states, (see eqns (4)-(8)). 
A closed-form analytical solution can be obtained 
in special cases (see Appendix). Combining eqns 
(28)-(32), the normalised stress integral follows 
from: 

H=(4.(Hm,,+HG+Hfl”;3 

+ H “v4 + H r;,$ .Ho. (33) 

Figure 8 shows the H-values obtained from eqns 
(8)-(33) and the H-values obtained by numerical 
integration of the stress field which had been 
determined by a finite-element analysis. The agree- 
ment obtained for notches N51 and N55 is very 
good. 

It should be kept in mind, however, that eqns 
(27)-(33) are applicable only in cases where the 
notch root lies on the symmetry line. There are 
greater deviations for non-central notches as can 
be concluded from Fig. 4 which shows the varia- 
tion of H for a given value of CQ. It may also be 
difficult in these cases to obtain reliable values of 
x*. In all cases considered in this paper the fol- 
lowing relationships hold for m > 10 

H= 
CY ‘;: 

$2 m2 

and, according to eqn (Al 2): 

(35) 

with an accuracy of about loo/o. Combining eqns 
(34) and (35) leads to the following expression for 
the stress integral H: 

Hm 
ffk 

$2 . ,3+ 

(36) 

In using this relation it should be kept in. mind 
that it was derived on the basis of a limited number 
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Fig. 8. Comparison of the analytical approximation for H, 
eqns (28)-(33), with the results of the finite-element analysis; 

___ analytical solution; - numerical analysis. 

of examples and is strictly speaking only applica- 
ble to cases with very similar notch contours in a 
uniaxial stress field. However, additional examples 
not included in this paper showed a very similar 
behaviour. Hence it is felt that the relation (36) 
can be used in a somewhat more general sense, 
and that it yields the dependence of the leading 
term of the failure probability on characteristic 
quantities such as the stress concentration factor, 
the normalised stress gradient, and the Weibull 
modulus. 

5 Conclusion 

The influence of notches on the reliability of 
ceramic components can be assessed using a nor- 
malised stress integral. The stress-concentration 
factor (Ye in the notch root is the most important 
influencing factor which implies that notches of 
different shapes but similar values of (Yk yield simi- 
lar values of the stress integral. This conclusion 
was drawn from results obtained with tensile bars 
containing circular notches. The local risk of rup- 
ture in the vicinity of the notch root approaches 
unity for m > 8, i.e. failure is almost always 
caused by flaw located near the notch root. This is 
why a linear approximation of the stress field in 
the vicinity of the notch root, from which a 
closed-form solution of the stress integral can be 
derived, agrees very well with the values of the 
stress integral obtained by numerical integration 
of the exact stress field. 
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Appendix 

A uniaxial stress state leads to the following rela- 
tions for the normal stress a,, (mode I loading) 
and the shear stress T (mode II loading): 

a” = (T,* . cos28 (AlI 

7 =(T~ 1 sin 8 cos 8 1 (A-2) 

where eqns (4)-(7) have been used. Equation (10) 
yields for the equivalent stress: 

(A3) 

Hence the integral Hn, eqn (27), has the following 
form: 

’ cos”t? . sin8 d0 (A4) 

which can be integrated in closed form for even 
values of m. 

With the binomial relation 

and the substitution x = cos 8, the integral eqn 
(A4) can be written as: 

(1 - x*)~ dx (A@ 

The following relation can be derived by succes- 
sive integration by parts: 

I 
I 

0 

X*m - *k . (1 _ X*)k dx = 

GI ?k 
n: L 

(2m + 1) . (2m - 1) . . . . (2m - 2k + 1) 
(A7) 

which leads to the following expression for Ho: 

ml2 

Equation (A8) is valid only for even values of m. 
The orientation integral Hn for general values of 
m can be obtained by interpolation. 

Equation (A8) can be simplified using 

m - 21 < m-21 

2m-21-1 - 2m-41 
=+forl= 1, 

. ..) y-1 (A9) 

and 

m - 21 m-21 
, , 

2 
= 2m-21-l-2m-1 - 2m-1 for 1 0, 

m _ __ . ..) 
2 

1. (Al01 

The following bounds are obtained for Hn after 
some re-arrangement of the sums: 

1 

2m+l’ 

‘-((&r. 2m2-1 r+’ 
l_ 2 * ( - 1 2 

2-v 2m - 1 

1 
5 

2m+l’ 

1-((2--y+’ 
2 

l- - 
( 1 

* 1 

2-v ?- 

1 

(Al 1) 

(2m + 1)(2m - 1) 

These bounds can be used to obtain an estimate 
of Ha for general values of m, since Ho is a 
smooth function of m. Equation (Al 1) implies that 

H$d- 
m 

6412) 

for m 2 10. The same relationship can be obtained 
for other criteria with the proportionality factor 
depending on the multiaxiality criterion. 
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Abstract 

Barium titanate based F’TC thermistor materials 
have been examined using the conductive mode of a 
scanning electron microscope. Under an applied 
voltage bias, at temperatures above the Curie tem- 
perature, bright and dark lines which are due to 
P-conductivity appear cokident with grain bound- 
aries. The mechanisms qf contrast formation are 
discussed. Such contrast can be used to evaluate the 
distribution of this type of active grain boundary. 
0 1996 Elsevier Science Limited. 

1 Introduction 

The positive temperature coefficient (PTC) of 
resistance properties of barium titanate ceramics 
and similar materials has long been used for appli- 
cations such as thermal protection and current- 
limiting devices. ‘,2 Early -models of the PTC effect 
invoked double Schottky barriers at grain bound- 
aries due to a build-up of negatively charged 
acceptor states at the interface.3 This gives rise to 
a potential barrier whose height at a given temper- 
ature depends on the dielectric constant, which 
changes rapidly around the Curie temperature 
(T,). Extensions to this model by Jonker included 
the spontaneous polariza.tion which occurs below 
T, and reduces the expected potential barrier 
height.4 Daniels and Wernicke5 modelled the 
behaviour by considering an extended grain 
boundary layer in which the donor dopants are 
heavily compensated by barium vacancies, frozen- 
in during cooling from the sintering temperature. 
In practice, these models are still the subject of 
some debate,6 and probably only represent special 
cases of the overall situation, with microstructural 
heterogeneity also being an issue in considering the 
overall electrical properties of electronic ceramics.’ 

Remote electron beam induced current (REBIC) is 
a specialized form of conductive mode microscopy, 
which essentially involves making two connections 

to the sample: one to earth, and one through a 
current amplifier to earth. The images and line- 
scans formed with the amplified output may show 
contrast due to three main mechanisms: 

(1) 

(11) 

(III) 

charge collection due to separation of gener- 
ated electron-hole pairs at built-in fields and 
their subsequent collection at the electrodes,8 
P-conductivity, a direct analogue of photo- 
conductivity, due to the localized injection 
of charge carriers by the electron beam 
and increased local conductivity observed 
under voltage bias,‘,” and 
resistive contrast due to the specimen act- 
ing as a current divider for the absorbed 
beam current to travel to earth” and non- 
linear resistance variations, giving a signal 
step at resistive barriers. 

Resistive contrast is observed to some extent at 
most grain boundaries, and is rather weak, as the 
signal containing this effect is necessarily smaller than 
the beam current. The other two contrast types are 
caused by the electron-hole pairs generated by the 
electron beam, and as the electron beam energy is 
orders of magnitude greater than the electron-hole 
pair formation energy, each beam electron generates 
thousands of electron-hole pairs in the sample. The 
resulting signals are therefore much stronger than 
those due to resistive contrast. According to Hey- 
Wang’s model,3 the grain boundary is characterized 
by interface charge which gives rise to a back-to-back 
Schottky diode structure. It is the electric field due 
to band bending associated with these barrier struc- 
tures which can give rise to electron-hole pair 
separation and subsequent collection, resulting in 
contrast due to the first mechanism described 
above. The n-i-n grain boundary structure of 
Daniels’ model has two regions of band-bending, 
which are separated by a boundary layer. 

The REBIC technique has recently been applied to 
the study of electronic ceramic materials such as zinc 
oxide’2,13 and barium titanate.14 REBIC offers one of 
the few means of visualizing such electrical properties 
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at individual grain boundaries. In this contribution, 
we describe @zonductivity contrast in PTC thermis- 
tors, an effect that has not previously been 
reported in these materials. 

2 Method 

Commercial barium titanate PTC thermistor material 
was cut into 1 mm thick sections and polished on 
nylon cloth using a water-based slurry of 0.3 pm 
cw-alumina powder. Electrical contacts were formed by 
evaporating aluminium through a fine transmission 
electron microscope grid to form an array of 
closely spaced contacts, After mounting the samples 

C. Leach 

on insulating stubs they were observed in a scanning 
electron microscope @EM) fitted with an Oxford 
Instruments H 1001 heating stage. Micromanipulator 
probes, attached through the side port of the SEM, 
were then placed directly in contact with the elec- 
trodes, and the collected REBIC signal amplified 
with a high-sensitivity current amplifier for both 
imaging and quantitative linescans. 

3 Results 

At room temperature the specimen resistance is 
very small and REBIC images are very noisy due 
to instrumentation considerations.‘4 However, on 

Fig. 1. SE (a) and REBIC images (b,c) taken at 180°C with biases of +0.161 V and a.054 V respectively, showing a reversal in 
the Pconductivity contrast. The two aluminium contact pads can be seen on the left and right of the images, while one of the 

probes can be seen on the visible area of the left contact. The scale bar indicates 20 Mm. 
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heating samples in situ above the Curie transition 
temperature, the specimen resistance becomes 
large enough to facilitate high-quality imaging of 
the electrical activity at tlhe grain boundaries. 

Previous studies have shown principally resistive 
contrast in this system, g;iving rise to a step in the 
signal level as the grain boundary is traversed by 
the electron beam scanning between the contacts,14 
and this effect is also (observed in the samples 
described here. However, under an applied bias bright 
or dark lines also appear, coincident with some, but 
not all, grain boundaries [Figs l(a) and (c)]. These 
lines are not due to any feature in the secondary or 
backscattered image of the SEM [Fig. l(b)]. Often, 
the grain boundaries which show this contrast are 
those which are aligned transversely in the gap 
between the electrodes [on the left and right in 
Figs l(b) and (c)l, an orientation which corresponds 
geometrically to the maximum electric field gradient. 
It is also apparent that reversing the bias reverses the 
contrast at all active grain boundaries. For a given 
bias, only dark or bright contrast is observed. Not- 
withstanding the difficulties of imaging low-resistance 
samples, on decreasing the temperature towards the 
Curie temperature it is found that the contrast is 
steadily reduced until at the Curie temperature it 
has disappeared. 

Quantitative linescans taken across an active 
grain boundary with positive and negative biases 
are shown in Fig. 2. The axes are offset to compen- 
sate for the large standing currents which flow 
between the contacts through the sample due to 
the applied bias. In these cases, the excess current 
which flows when the beam is incident at the grain 
boundary, Igb, is about 15 nA, compared with the 
beam current of 1.6 nA. 

4 Discussion 

Polycrystalline materials often show bright or 
dark contrast caused by built-in fields at the 

IlIlA 
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Fig. 2. REBIC linescans across a grain boundary like those 
shown in Fig. 1, with applied biases of +0.2 V and -0.2 V, 
and a beam current of 1.6 nA. The vertical scales of the two 
curves are offset to allow for the relatively large standing 

currents which flow. 

Schottky barriers, due to charged grain boundary 
interface states. This contrast has been well char- 
acterized in silicon, I5 and several other semicon- 
ductors,‘6J7 and has also been observed recently in 
electronic ceramics such as zinc oxide.i2 Such con- 
trast consists of characteristic parallel bright and 
dark lines at a single grain boundary, although 
recently single line contrast which might also be 
due to built-in fields has been observed in such 
systems13 

It would appear that the contrast observed here 
is due to &conductivity rather than charge collec- 
tion (of electron-hole pairs separated by built-in 
fields) for a number of reasons. Firstly, with no 
applied bias, it is very weak, and the contrast 
which does occur can be nulled completely to 
give a flat linescan profile by applying a very 
small bias (-mV) to compensate for the amplifier 
input offset voltage. Secondly, the contrast 
reversal with change in sign of the applied bias 
(which occurs for Schottky barrier contrast) 
would be accompanied by a lateral shift equal to 
the width of the electron beam excitation vol- 
ume,i2 but no such shift is observed in these PTC 
thermistors. It is therefore concluded that the 
observed contrast is due to some form of 
enhanced conductivity induced by the electron 
beam. Since no type I contrast was observed here 
even though band bending is expected at both 
back-to-back Schottky barrier and n-i-n struc- 
tures, we must conclude that either the band 
bending is too small to permit adequate charge 
separation or, more likely, that the generated elec- 
tron-hole pairs recombine in and near the deple- 
tion region before becoming completely separated. 
This would make the charge collection currents 
too weak to be observed. 

P-Conductivity depends on variations in the 
local resistivity under irradiation by the electron 
beam, and is a direct analogue of photoconduct- 
ivity.” In the semiconducting grains of barium 
titanate, the conductivity u is given by: 

u = e(npe + ~144 (1) 

where e is the electronic charge, n and p are the 
carrier concentrations and &_ and j.+, are the 
mobilities of electrons and holes, respectively. The 
generation of electron-hole pairs by the impinging 
electron beam increases the local carrier concen- 
tration, leading to a localized conductivity increase. 
When the beam is incident within the grains this 
effect is relatively small, because the carrier con- 
centration is already large. due to oxygen vacan- 
cies and aliovalent impurities which give strong 
n-type doping. At the grain boundaries, however, 
the conductivity is much smaller due to the barriers 
caused by charged grain boundary acceptor states, 
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and perhaps also by the presence of an intrinsic 
layer. In addition, lattice disorder, the presence of 
impurities and possibly also thin intergranular 
phases will reduce the carrier mobility. The local 
injection of excess electron-hole pairs can increase 
this grain boundary conductivity drastically either 
by simply increasing the number of carriers avail- 
able for transport [eqn (l)] or by lowering the bar- 
rier itself when holes drift in the grain boundary 
electric fields to cause a transient, local neutraliza- 
tion of the grain boundary acceptor states.” 
Hence, although well above the Curie temperature 
grain boundary resistance is very large, it can be 
drastically reduced by electron-beam generated 
carriers, and give rise to a local increase in the 
current which flows under applied bias. 

To describe how Igb depends on the beam current 
and the applied bias, we assumed a simple, linear 
model of grains with low resistivity and 
grain boundaries with very high resistivity. 
Assuming that the excess carrier concentration 
(hence conductivity increment) at the grain 
boundary is proportional to the beam current Ib, 
it can be shown (Appendix A) that the expected 
variation of Igb with beam current for the 
P-conductivity effect is of the form: 

(2) 
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Fig. 3. Variation of the excess current which flows when the 
electron beam is incident at an active grain boundary, Igb 

(see Fig. 2), as a function of applied bias. 
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Fig. 4. Variation of IBb with the beam current. The solid line 
is fitted to the expected form given by eqn (2). 

where K is a constant and V is the applied bias. 
The experimental variation of Igb with bias at 
constant beam current is shown in Fig. 3 and is 
linear, and hence consistent with eqn (2). The 
variation of Igb with the beam current at constant 
bias was also measured (Fig. 4), and a best-fit line 
calculated using eqn (2). It can be seen that the 
predicted relationship is followed closely_ by the 
experimental measurements. At high beam 
currents I.,, saturates, since in this regime the 
resistivity of the thin insulating layer is sufficiently 
decreased by the electron beam that the overall 
sample resistance is dominated by grain resis- 
tances alone. 

5 Conclusions 

We have reported P-conductivity contrast in bar- 
ium titanate PTC thermistor material for the first 
time, and discussed mechanisms by which it might 
arise. It provides a means of observing directly 
individual grain boundaries which are electrically 
active in this way. 

The REBIC technique provides a very sensitive 
means by which many electrical properties of indi- 
vidual electronic ceramic grain boundaries can be 
characterized and compared, and is expected to 
become an important technique for studies of 
material behaviour and heterogeneity in the 
future. 
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Appendix A: Derivation of Eqn (2) 

We assume that the current path between the 
contacts can be treated one-dimensionally, and 
that there are two types of material: 

(i) grain interiors consisting of extrinsic semi- 
conductor with a high electron concentra- 
tion; and 

(ii) grain boundaries which have very low 
electron concentration. 

The configuration we shall consider is shown in 
Fig. Al, from which we can write the total resis- 
tance between the contacts for the current path 
which traverses the grain boundary as: 

R = R, + R,, without the beam 
R’= R, + Rlgb with the beam incident at 
the grain boundary 

where R, is the resistance which is unchanged by 
the beam and R,, is the resistance at the grain 
boundary of interest. Throughout, priming indi- 
cates the new value of a variable when the elec- 
tron beam is incident at the grain boundary. The 
excess current which floqws due to the beam is 
given by: 

Zgb=Z’_Z= AL-L 
Rg + Rgb R, + R,b 

II 
R,, -- Rlgb 

CR,+ Rgb) CR,+ R’,,) 
(A.1) 

where I and V are the current through and poten- 
tial difference across the structure under consider- 
ation (Fig. Al). In a real material, additional 
current will flow by other parallel current paths, 
but as such currents do not change when the 
beam is incident at the grain of interest, I&, is 
unaffected. 

Under low injection conditions, the effect of the 
electron beam is to increase the equilibrium free 
electron concentration no by an amount n^ which is 
proportional to I,,: 

& (k is a constant) 

Thus, eqn (1) becomes 

(T’ = (no + n^ )ep = n,ep = kIb 

and 

(A.3 

where d is the thickness of the grain boundary 
layer, and A is the area of the grain boundary 
which is affected by the beam. In addition, it 
should be noted that when the beam is incident in 
a grain no is already high, so that the change in 
carrier concentration has a negligible effect on a, 
hence such regions show no change of I.&,. 
Substituting eqn (A.2) into eqn (A.l) gives: 

= ’ 
Rgbk& 

(R,+R,,) (R,+ R, kz,+R,, 

kR,b 

(Rg + Rgd2 
W,l 1 

(Rg + Rgb) + r, 
which is of the same form as eqn (2), with all 
terms apart from V and &, constants. 

contact grain gb grain contact 

Rg=R, +R2 

Fig. Al Geometry used to obtain eqn (2), with R, = R,+ R,. 
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Abstract 

Bi3/2ZnSb3,J07 pyrochlore was prepared both by 
conventional solid-state reaction of mixed oxides and 
by a coprecipitation method, and the reaction sequence 
to pyrochlore via both methods was investigated. In the 
mixed oxide powder pyrochlore is formed above 700°C 
with the appearance of 24Bi,O,.ZnO (Bi,,ZnO,J 
compound at about 550°C due to the heterogeneity 
of the powder compact. Colprecipitatedpowder reacts 
directly to give pyrochlore at around 550°C without 
formation of any additional compound due to the 
atomic-scale mixing In the Bij,J_,,Zn, + XSb3,z_x/207_X 
pyrochlore system with zinc concentration between 
x = 0.1 and x = 1.2, Zn incorporation to replace Bi 
and Sb led to formation of spine1 and Bi-rich liquid 
along with pyrochlore of undefined composition. 
0 1996 Elsevier Science Limited. 

1 Introduction 

The crystal structure of the mineral pyrochlore, 
(Ca,Na),(Nb,Ta),(OH,F)-,, was first determined by 
von Gaertner’ to belong to the space group Fd3m 
(No. 227 in Volume 1 of the International Tables of 
X-ray Crystallography). Since then a large number 
of compounds have been discovered with this type 
of crystal structure, including many with potentially 
useful electrical properties. Interest in electrical 
pyrochlores has been high since Cook and Jaffe2 
discovered that Cd2Nb207 was ferroelectric with a 
peak dielectric constant of about 1200. 

The crystal structure of pyrochlore may be 
regarded as an anion-deficient fluorite structure in 
which the cations form a face-centred cubic array 
and the anions assume an ordered arrangement in 
the tetrahedral interstices of the cation array.2 As 
well as being a fluorite derivative, the crystal structure 
of pyrochlore has been described as two interpene- 
trating cristobalite-like networks3 and as a network 

* To whom correspondence should be addressed. 

of BX6 octahedra (where B is a sixfold coordinated 
cation and X is an anion) linked corner to corner 
with the A cations filling the interstices4 These differ- 
ent descriptions arise because the cation coordination 
polyhedra change shape with the value of the anion 
positional parameter, x. The general formula for 
pyrochlore compounds is A2B2X7 (whereas fluorite 
would be A,B,X,) with large A-type cations in eight- 
fold coordination, smaller B-type cations in sixfold 
coordination and X-type anions. Two different anion 
positions occur so that the general formula can be 
written A,B,X,Z, with the X anions having two A 
and two B near neighbours and the Z anion having 
only A near neighbours. As the mineral formula indi- 
cates, multiple cation/anion replacements are possible. 

Pyrochlores can be classified according to the ion 
sites and valency as normal A:+BpX,, Ai+Bi+X,, 
types or, by removing combinations of A and Z ions, 
a variety of defect pyrochlores occur with non- 
stoichiometry on cation or anion sites. Defect 
pyrochlores have the general formula A2__YBzX,Zy 
(0 I x I 1 and 0 I y I 1) giving, for example, 
AB2X6, A2BzX&,. However, an enormous range 
of ions of various valencies can be substituted into 
the pyrochlore structure so that it is difficult to fully 
classify them. For example, the pyrochlore of interest 
in the present work is believed to be Bi:t5Zn2’Sb:t.07.5 

Normal A:+Bi+X,-type pyrochlores are the most 
common due to the many suitable A and B cations. 
An excellent review of the pyrochlore structure is 
given by Subramanian et aL6 

Pyrochlore compounds have many potential appli- 
cations due to their electrical, dielectric, magnetic, 
optical and catalytic properties. For example, R2Zr2 
0, (R = rare earth) pyrochlores have possible applica- 
tions as fluorescence centre hosts, high-temperature 
heating elements and oxidation catalysts. Bi2Ru207 
pyrochlore, suitably modified by solid solution with 
Cd,Nb,O,, has been suggested as a thermistor mate- 
rial and Gd2(Zr,Ti,~,)0, is a prospective solid oxide 
fuel cell electrolyte. While these applications are for 
ceramics where the pyrochlore is the major phase, 
they may also occur in the microstructure as a second 
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phase, where frequently they degrade the desired 
electrical behaviour. For example, many Pb(A,B,,) 
O3 perovskite relaxor ferroelectrics such as PbMg,,, 
Nbz303 (PMN) contain pyrochlore as an unwanted 
intermediate polymorph. The transformation to the 
desired perovskite crystal structure is slow and the 
two polymorphs coexist with the non-ferroelectric 
pyrochlore dramatically reducing the dielectric 
constant. 

ZnO varistors are composed of ZnO grains, Biz03- 
containing grain boundaries responsible for the non- 
linear response, and intergranular phases such as 
Bi,,2ZnSb,,,07 (BZS) pyrochlore and Zn,SbzO,, 
spinel.7 In the pure ZnO-B&O,--Sb,O, system 
pyrochlore forms above 650°C and melts at 1280°C. 
Inada’ found that pyrochlore forms and disappears 
on heating [reaction(l)] but may be reproduced on 
slow cooling [reaction (2)]: 

mixed and milled in ethanol for 4 h using zirconia 
balls before drying, and by a coprecipitation route 
involving preparation of cation solutions from 
antimony chloride (SbCl,, >99.5%), zinc chloride 
(ZnCl,, >98%) and bismuth oxide (B&O,, >99.9%). 
Figure 1 shows block diagrams of the main steps 
in the processing routes via mixed oxide [Fig. l(a)] 
and coprecipitation [Fig. l(b)]. In the coprecipita- 
tion route the starting materials were dissolved in 
HCYH,O by using excess acid and poured into 
KOH solution to give a pH of >12, which is neces- 

950-l 050°C 
4Bi3,2ZnSb3,207 + 17ZnO A 

3Zn,Sbz0,, + 3Bi,03 (1) 

950~850°C 
3Zn7Sbz0i2 + 3Bi,03 A 

4B&ZnSb,,,O, + 17ZnO (2) 

The pyrochlore is undesirable in ZnO varistor systems 
since it ties up some of the B&O, that would otherwise 
migrate to grain boundaries and provide the non- 
linear response and also because the ZnO-pyrochlore 
interphase boundaries do not show a non-linear 
response.9 

If the o-spine1 polymorph is stabilized by adding 
e.g. Co, Mn and Cr, which dissolve in the bismuth 
oxide liquid and appear in the spine1 crystal struc- 
ture,7 reaction (2) will not occur. The amount of 
pyrochlore formed on slow cooling, therefore, 
depends on the additives present and can be reduced 
to low levels in commercial systems. 

Bi,,*ZnSb,,,O, has been fabricated from solid-state 
reaction of mixed oxide powders and via powder 
produced by a coprecipitation method. Thermal 
analysis and X-ray diffraction have been used to 
investigate the reaction sequence and the micro- 
structural evolution has been determined using 
electron microscopy. Moreover, the effect of Zn 
replacing Bi and Sb in the Bi,,,ZnSb,,,O, pyro- 
chlore phase has been examined. 

2 Experimental 

Bi3,2ZnSb3,207 pyrochlore powder was prepared both 
by solid-state reaction of bismuth oxide (Bi,O,, 
>99.9%), zinc oxide (ZnO, >99.9%) and antimony 
oxide (Sb203, >99%) powders,* which were wet- 

I . 
I Mill I 

7oc1oC, 4 h in air 

I 

r Press 1 250MPa 

,-A-] 12OCY4h inair 

[*I 1050°C 10 min. 

(a) 

HCI+H 20 

Stirring 

Precipitation at room 

temperature , ~H>12 

i Wash 
Wet-Solid ; Waste sol. 

13O”C, 24 h 

I Calcine I 7OO”C, 4 h in air 

I Press I 250MPa 

1200%, 4 h in air 

03 
Fig. 1. The processing route for (a) mixed oxide powder and 

(b) coprecipitated powder. 

* All chemicals were supplied by Aldrich Chemical Company Ltd, Dorset, UK. 



sary to precipitate the pyrochlore powder. Bismuth 
and antimony metal salts; could be precipitated at 
low pH values of between 1 and 2 with KOH.7,10,‘1 
Both of these hydroxides are weak bases and the salts 
of these metals are hydrolysed by water, yielding 
insoluble salts such as BiOCl and SbOC1.12 Conse- 
quently, on preparing pyrochlore solution, excess 
acid is used to stabilize the solution of Bi and 
Sb.12,13 However, zinc chloride could be precipitated 
with KOH at high pH values of around 10, giving 
zinc hydroxide. 7,1’ Precipitates were removed from 
the solution by centrifuge and washed several times 
with distilled water. Wet-mixed oxide and coprecip- 
itated powders were dried1 at 130°C for 24 h. Both 
dried mixed oxide and coprecipitated powders were 
calcined for 4 h at 700°C. After calcination the copre- 
cipitated powder was ball-milled for 4 h in ethanol 
to break up the agglomerates. Chemical analysis 
of the natant solution remaining after precipitation 
was performed by inductively coupled plasma 
atomic emission spectrometry (ICP-AES). 

The phase development in dried but uncalcined 
powders was examined using differential thermal 
analysis (DTA) and thermogravimetric analysis 
(TGA) at a heating rate of 10 K min-’ in air. In 
addition, pellets 10 mm diameter X -1 mm thick 
were uniaxially pressed at 250 MPa from uncalcined 
powder, heated at a rate of 300 K h-’ and air- 
quenched at 50°C intervals between 350 and 800°C 
to determine the possible reaction sequence. The 
resultant powders and heat-treated pellets were then 
analysed by X-ray diffraction (XRD) with a Philips 
diffractometer using CuK, radiation from 28 = 10 
to 85” at a speed of 1” mi:n-‘. The lattice parameter 
of the pure pyrochlore phase based on XRD was 
determined using a least-squares method and an 
internal gold standard olver a high-angle region 
and at a low speed of 0.25” min-‘. 

An extensive study of the Bi3,2_.x,2Zn, +xSb3,2_.r/Z 
O7__Y pyrochlore system w.as made by changing the 
zinc concentration from x = 0.1 to x = 1.2. As 
indicated by the formula, as the Zn concentration 
increases, Bi and Sb decrease to accommodate the 
Zn cations into the Bi and Sb sites to make a sub- 
stitutional solid solution. These compounds were 
sintered at between 1035 and 1200°C for 4 h after 
calcining at 700°C for 4 h. Changes in the XRD 
pattern and the lattice constant were determined 
to indicate the range of Zn content in the pyro- 
chlore structure and the lattice distortion associ- 
ated with its incorporation. 

were examined using scanning electron microscopy 
(SEM, Camscan series 2) and transmission electron 
microscopy (TEM; Jeol2OOCX operated at 200 kv). 
SEM samples were thermally etched at -1050°C in 
air .for around 10 min. Energy-dispersive spec- 
troscopy (EDS) was performed using a LINK AN 
10000 system with a Be-window detector. Pellet 
density was determined with a mercury densitometer. 

3 Results and Discussion 

3.1 Powder characterization 
Chemical analysis of the natant solution (Table 1) 
after precipitation and filtering the wet solid showed 
that 99.2% of the starting materials was precipitated 
at a pH value of about 12. After drying the copre- 
cipitated powder at 13O”C, the white precipitate 
became yellowish probably due to the decomposition 
of Bi(OHX at around 100”C.‘” Although the decom- 
position temperature of bismuth hydroxide is around 
415’C,14 it starts to lose water to form BiO(OH), 
and subsequently Bi,O, when heated to 100°C.‘o 

Figure 2(a) shows the TG-DTA curves of the 
mixed oxides of 3Bi,O,-3Sb203*-4Zn0 prepared 
via the solid-state reaction. The exothermic peak 
at approximately 550°C is thought to be due to 
oxidation of antimony oxide as the TG shows a 
weight gain around this temperature. Camelley and 
WalkerIs showed that pure Sb203 undergoes a weight 
gain between 400 and 600°C due to oxidation. In 
addition, Kim et &,I6 report that pure Sb203 shows 
a sharp exothermic peak due to oxidation of Sb,O, 
at about 530°C and also that in ZnO doped with 
2.0 mol% Sb203, this exothermic peak occurs at a 
lower temperature. In addition to this peak, two 
smaller exothermic peaks were observed at temper- 
atures of between 500-600°C and 700-800°C. The 
cause of these two peaks was determined by XRD 
on samples heated to temperatures either side of each 
peak using identical conditions as for the thermal 
analyses. The former peak was due to the formation 
of 24Bi,O,.ZnO (Bi,Zn073, JCPDS card no. 26-230) 
and the latter was because of formation of pyro- 
chlore. The DTA curve fell in an endothermic 
direction indicating that melting occurred above 
85O”C, probably due to unreacted Bi203 (m.p. 825°C). 

Table 1. ICP-AES chemical analysis of solutions after precipi- 
tation at pH 12. 

Dense, polycrystalline ceramic pellets were fabri- 
Element Amount (pg mr’) Accuracy (pg mt’) 

cated from the calcined powders by uniaxial pressing Zn 9 +I2 

at 250 MPa and firing for 4 h in air at 700-1200°C. <I - 

The resulting microstructures in polished samples 
:; 57 +3 

*Antimony III oxide oxidizes to antimony v oxide and enables formation of the Bi,,2ZnSb,,,0, pyrochlore formula. 
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Figure 2(b) shows the TG-DTA curves of’the 
coprecipitated mixture. No weight loss was observed 
since any possible hydroxides present were removed 
upon drying at 130°C for 24 h. The exothermic 
peak at about 400°C was considered to be due to the 
formation of antimony IV oxide (Sb,O,). Another 
exotherm at 570°C is due to the crystallization of 
pyrochlore directly from the coprecipitated powders. 
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Fig. 2. Thermogravimetric and differential thermal analysis 
of (a) mixed oxide and (b) coprecipitated powder having an 
atomic ratio of Bi:Zn:Sb = 3:2:3. Note that DTA figures in 

(a) and (b) have different scales. 

4 

2 

Subsequently, the DTA curve fell in an endothermic 
direction, after approximately 1000°C. 

XRD analysis of the calcined mixed oxide powder 
[Fig. 3(a)] not only revealed pyrochlore but also 
/3-Bi203, Sb,O,, ZnO and Bi,ZnO,, (BZ). However, 
XRD of the calcined coprecipitated powder [Fig. 3(b)] 
showed only single phase pyrochlore due to the 
higher reactivity of the coprecipitated powder. SEM 
images of these powders (Fig. 4) reveal that after 
calcination they consist of fine (sub micrometre) 
ultimate particles although in both cases the powders 
are highly agglomerated due to the calcination pro- 
cess. In addition, coprecipitated powders [Fig. 4(b)] 
have spherical and uniform particle shape. 

3.2 Reaction sequence 
XRD of crushed pellets of uncalcined powder 
[Fig. 5(a)] revealed no reaction of the mixed oxides 
up to -55O”C, with the appearance of 24Bi,O,.ZnO 
(BZ) being detected [reaction (3)] above 550°C. The 
formation of this compound produced the exother- 
mic peak in the DTA [Fig. 2(a)]. At higher tempera- 
ture, 7OO”C, the amount of BZ increased. This phase 
must arise because of poor mixing (heterogeneity) 
of the mixed oxide powders so that locally regions 
rich in B&O, can react with ZnO to give BZ. Sub- 
sequently, at temperatures between 700 and 75O”C, 
the BZS pyrochlore compound started to form 
from the reaction of BZ with the antimony oxide and 
unreacted ZnO and Bi,OJ [reaction (4)] or BZS 
compound may simply occur as in reaction (5) by 
reaction of the oxides after decomposition of BZ. 
Finally, nearly pure pyrochlore phase was observed 
at around 800°C consistent with the DTA exotherm 
at 700-800°C [Fig. 2(a)]. 

24Bi,03 + ZnO 
>55O”C 
- Bi,,ZnO,, 

Bi,,ZnO,, + 6Bi,O, + 30Sb,O,+ 39ZnO 
700-750°C 

1 502 A 40Bi,,,ZnSb,20, 

3Bi,O, + 3Sb,O,+ 4ZnO + 
500-550°C 

(3) 

+ 

(4) 

(5) 

While intermediate reactions lead to pyrochlore 
formation in the mixed oxide powder, coprecipi- 
tated powder reacts directly to form pyrochlore at 
around 550°C without forming any intermediate 
compounds [reaction (5)] [Fig. 5(b)]. The forma- 
tion of pyrochlore from coprecipitated powder 
gave an exothermic DTA peak at about 570°C 
[Fig. 2(b)]. The low formation temperature of 
pyrochlore in the coprecipitated powder can be 
attributed to the homogeneity of the coprecipi- 
tated powder [Fig. 4(b)]. Atomic-scale mixing of 
the components is considered to be attained in 
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coprecipitation. Consequently, the improved homo- 
geneity and enhanced reactivity will decrease the 
diffusion path and encourage the reaction of BZS 
pyrochlore at lower temperatures. 

3.3 Characterization of BZS pyrochlore 
Bi,,zZnSb,,,O, is isostructural with the pyrochlore 
type having general formula A,B,O,. Its XRD peak 
data are listed in Table ;!. Based on these results, 

aooo 

7000 

6000 

E- 
pooo 
boOo 

Bi3,2ZnSb3,207 was determined to have a cubic 
pyrochlore structure with the lattice parameter a0 
= 10442 f 0.001 A. Inada17 found a0 for BZS 
pyrochlore to be 10.45 A. Since XRD of BZS 
pyrochlore did not show any superlattice re&ctions, 
the cations are randomly distributed over the A 
and/or B sites in the A,B,X, pyrochlore structure. 

Pellet densities after holding for 4 h at 700-1200°C 
are shown in Fig. 6. Densities of the coprecipitated 

0 
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Fig. 3. XRD of calcined (a) mixed oxide and (b) coprecipitated powder. Calcination was for 4 h at 700°C. P = Pyrochlore, 
BZ = Bi,,ZnO,,, S = Sb204, B = P-B&O, and Z = ZnO. 

(4 6) 
Fig. 4. SEM micrographs of (a) mixed oxide powder calcined at 700°C for 4 h and (b) coprecipitated powder calcined at 700°C 

for 4 h showing aggregated submicrometre primary particles. 
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powder pellets are generally higher since the starting 
powder has a lower ultimate particle size and 
more spherical particles, giving better packing. 
However, at the highest sintering temperature 
(1200°C) pellets from both powder types gave more 
than 90% of theoretical density, which is calculated 
as 7.86 g cmm3 from the X-ray results for a compo- 
sition of Bi3,,ZnSb3,*0,. At 1200°C the incomplete 
density of the pellets may be caused by the powder 
agglomerates (Fig. 4) and/or B&O, and/or Sb203 
volatilization since some weight loss was observed 
around this temperature in both powders (Fig. 2). 
Liquid-phase sintering is probable (Fig. 2) with 
melting occurring above 850°C for mixed oxide 
and 1000°C for coprecipitated powders. In addition, 
the sharp increase in density (Fig. 6) after approx- 
imately 1000°C suggests the occurrence of a 
liquid. 

While SEM images of the dense pellets indi- 
cated only single pyrochlore phase [Figs 7(a) and 
7(b)], TEM revealed occasional second phases at 

28 

Fig. 5. XRD analysis of powders made from crushed pellets 
derived from (a) mixed oxide and (b) coprecipitation after 
air-quenching from different temperatures to determine the 
possible reaction sequence in both methods. P = Pyrochlore, 

BZ = Bi,ZnO,,, B = B&O,. 

triple junctions consistent with liquid formation. 
Pellets made from coprecipitated powders have 
finer grains than those from mixed oxide. The sec- 
ond phases observed in the mixed oxide were 
generally crystalline and analysed as B&O3 by 
EDS [Fig. 8(a)], while in coprecipitated pellets 
these second phases were amorphous [Fig. 8(b)]. 
EDS analysis of the amorphous phase revealed Bi 
and a trace of K, a contaminant from the KOH 
used for precipitation which could flux the B&O, 
and cause it to remain amorphous. No signifi- 
cant glassy phase was observed at the grain bound- 
aries in both pellets, suggesting that any liquid is 
transient.18 

Table 2. Powder XRD of Bi,,,ZnSb3,20, pyrochlore 

a’ (A) hkl 

6.042 5 111 
3.699 1 220 
3.154 2 311 
3.02 100 222 
2.616 24 400 
2401 4 331 
2.134 1 422 
2.015 2 511 
1.851 26 440 
1.769 1 531 
1.744 1 600 
1.655 1 620 
1.578 22 622 
1.511 8 444 
1.466 1 551 
1.363 1 731 
1.309 2 800 
1.234 1 822 
1.201 6 662 
1.17 5 840 

0 

0 P q 

a.00 w 

es0 760 060 060 io5o llw l250 

Fii. 6. Density of mixed oxide and coprecipitated pellets 
held for 4 h at temperature. 
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3.4 Zn cation incorporation into the BZS 
pyrochlore 
XRD of Zn-doped samples is shown in Fig. 9 for 
Bi ,X,lZn,+Sb,,_,O, pyrochlore for x from 0.1 to 
1.2. During incorporatio8n of the Zn cation into 
the pyrochlore structure the spine1 phase with the for- 
mula Zn,Sb20r2 (beta spinel, JCPDS card no. 
36-1445) forms and incre,ases with greater Zn con- 
centration. Figure 10 shows the relative peak inten- 
sities of the spine1 (3 11) reflection, corresponding 
to a 3.577 A d-spacing, and1 the BZS pyrochlore (400) 
reflection, which corresponds to a d-spacing of 
approximately 2.60 A, as a function of excess Zn 
concentration, x.- This gives a semi-quantitative 

measum of the spinel-to-pyrochlore ratiolg and reveals 
that as the amount of Zn doping increases, the 
spine1 percentage also increases. Consequently, it 
appears that increasing Zn concentration to replace 
Bi and Sb in the BZS pyrochlore was unsuccessful. 
Instead, spine1 and B&O, liquid formed along with 
pyrochlore of undefined composition. 

The microstructure of the Zn-doped compound, 
after quenching from the sintering temperature, where 
x = 1.2 (Fig. 1 l), revealed not only pyrochlore and 
spine1 phases, but also some Bi-rich phase present. 
This is consistent with reaction (1) where BZS 
pyrochlore in ZnO varistors takes the ZnO from the 
bulk matrix and transforms to spine1 and liquid 

(4 lb) 
Fig. 7. (a) Sintered mixed oxide pellet after 4 h at 1200°C showing only large (5-20 pm) single-phase grams. (b) Coprecipitated 

pellet after 4 h at 1200°C showing pyrochlore phase and finer (3-10 pm) grain structure. 

0 E-w* bv IS 0 m. ka 15 

Fig. 8. (a) Bright-field (BF) TEM image of sintered mixed oxide pellet after 4 h at 1200°C showing crystalline second phase at 
grain junction. EDS analysis suggests the second phase is B&O3 (0 is not detected). (b) TEM micrograph of coprecipitated pellet 

after 4 h at 1200°C showing glassy phase at triple junctions. EDS analysis reveals K as well as Bi. 
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Bi,03.’ Inada* showed that BZS pyrochlore reacts 
easily with ZnO to produce spine1 and B&O3 liquid. 
SEM of this compound revealed large black (lO- 
50 km) spine1 grains in the grey/white pyrochlore/ 
Bi-rich phase matrix. Well developed faceted spine1 
grains indicative of crystallization from a liquid phase 
can be seen in the pyrochlore matrix [Fig. 1 l(a)]. 
In addition, spine1 grains were frequently observed 
containing pyrochlore and Bi-rich phases [Fig. 1 l(b)]. 

TEM examination of Zn-doped samples sintered 
for 4 h at 1035°C reveals a range of grain sizes 
and additional intergranular phases (Figs 12 and 
13). The TEM reveals the small pyrochlore grains 
(l-2 pm), large spine1 grains (15-35 km from 

P= F’yrochlore 
Sp= Spine1 

x=0.8 

x=0.6 

x=0.1 

Fig. 9. XRD of Bi,,*Zn,+.Sb~,~_,,~07_, compositions sintered 
at 1200°C for x = 0.1 and 0.6, and sintered at 1035°C for 

x = 0.8 and 1.2. Sp = spinel, P = pyrochlore. 

2.5 

Fig. 10. Relative peak intensity ratio of spine1 (3 1 1) to 
pyrochlore (400) as a function of excess Zn concentration, x, 

in Bi3,2-x,2Zn,+xSb3,2-*,207-x. 

SEM, Fig. 11) and impure Zn/Sb containing &B&O, 
crystals (indicated by electron diffraction). Inada’ 
found that Bi-rich liquid phase dissolves a large 
amount of Zn but much less Sb. SBi20J is a high- 
temperature polymorph having a cubic structure 
and it completely surrounds the pyrochlore grains, 
suggesting that when liquid it was fully wetting. 

In summary, addition of Zn to Bi,,2ZnSb,20, 
pyrochlore (and lower Bi and Sb) is observed to 
encourage it to transform to spine1 with associated 
formation of Bi,OJ-rich liquid which crystallizes to 
S-B&O, on cooling, rather than causing single- 
phase pyrochlore formation. 

The lattice parameter of BZS pyrochlore increased 
with increasing Zn cation content (Fig. 14). Similar 
behaviour was reported by Inada,17 who measured 
the lattice constant of BZS pyrochlore as a function 
of ZnO in the ZnO varistor system, and by Kara- 
novic et ui.,*’ who examined phase transformations 
in the system containing a mixture of varistor addi- 
tives. The increased pyrochlore lattice parameter 
could be due to incorporation of Zn ions into the 
pyrochlore structure. The lattice parameter of BZS 
pyrochlore increased linearly up to x = O-6 but 
then a sharp increase was observed. The last three 
samples were sintered at lower temperatures (1035°C) 
than the initial ones (1200°C) since these compounds 

Fig. 11. Backscattered electron SEM images of a pellet of 
the Bi3,2_x,2Zn,+xSb3,2_xn07-x composition sintered at 1035°C 
for 4 h where x = 1.2: (a) large faceted spine1 grains, (b) grey 

and white pyrochlore and B&rich phases. 
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partially or mostly melt alt the higher sintering tem- 
perature. This may have caused the sharp increase 
because at high temperatures more B&O, evapo- 
rates and a higher proportion of the large Bi atom 
(radius I.17 A) at the lower sintering temperature 
would increase the lattice parameter. 

4 Conclusions 

(1) Bi,,,ZnSb,,,O, pyrochlore was prepared 
both by conventional solid-state reaction of 
mixed oxides and by a coprecipitation 
method. 

(2) Investigation of the reaction sequence to 
pyrochlore via both methods showed that, in 
the mixed oxide method, pyrochlore is formed 
with the appearance of 24Bi,O,.ZnO com- 
pound above 550°C due to powder inhomo- 
geneity. However, coprecipitated powder reacts 
directly to form pyrochlore at around 550°C 
due to atomic-scale mixing. 

(3) Incorporation of Zn to replace Bi and Sb 
causes pyrochlore-spine1 transformation rather 
than forming a single pyrochlore phase This is 
thought to be due to the reaction of pyrochlore 
with ZnO forming spine1 and Bi,O,-rich liquid, 
as observed in ZnO varistors. In addition, 
Zn incorporation leads to an increased lattice 
parameter of BZS pyrochlore. 
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Fig. 13. BF TEM image of Zn-doped BZS pyrochbre 
(Bi,,,-,,Zn ,+xSb3,2_x,207_x. x = 1.2) sintered for 4 h at 1035°C 
showing large spine1 grains (Sp) with pyrochlore (P) and 

Bi-rich phase (B) with EDS analysis from spinel. 

a , Bi b 

E 

Fig. 12. BF TEM image of Bi3,2_x,2Zn,+xSb3,2_x/207_x composition where x = 1.2 sintered at 1035°C for 4 h with EDS analysis 
from (a) Bi-rich phase (B) and (b) pyrochlore (P). 
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Fig. 14. Variation of the lattice constant with excess Zn concen- 
tration, x, in the Bi3,z_x,zZn, + ,Sb 3n_x,207_x compositions sintered 
at 1200°C (first five samples) and at 1035’C (the last three 

samples) for 4 h. 
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Abstract 

A single-phase YBa,Ti,OB.s ceramic located in the 
BaO-rich corner of the BaO-Y,O,-TiOZ ternary sys- 
tem was synthesized. The dielectric properties of this 
material (permittivity E = i’9, quality factor Q = 1000) 
are reported here for the first time. Compositions 
with the BaO: Y,O,:TiO, ratio equal to 6:1:.5 and 
5:1:4 were also synthesized. The Y61.5 ceramic con- 
sists of two phases ( YBa3Ti,0,., and BaTiO,), and the 
Y514 ceramic consists of three phases ( YBa3Ti208.s, 
BaTiO,, and YzTiO,). They are dense ceramic 
composites. 0 1996 Elsevier Science Limited. 

1 Introduction 

Dielectric compositions with high-performance 
dielectric properties at high frequency or/and 
microwave frequency were discovered in the TiO,- 
rich corner of the BaO-Re,O,-TiO, system (Re = 
rare earth).’ Figure 1 shows their positions in the 
ternary system. Compositions with the proportion 
of BaO:Re,O,:TiO, equal to 1: 1:2, 1: 1:3, 1: 1:4, 1: 15, 
and even 1:1:7 have been synthesized.* In the case of 
compositions around the proportion 1:1:4 
(BaRe,Ti,O,,) or 1:1:5 (BaRe2Ti,01,), excellent micro- 
wave ceramics have been obtained for a variety of 
microwave devices such a.s filters and oscillators.* 

The new compound YBa,Ti,O,., was reported to 
occur when the high transition temperature super- 
conductor YBa2Cu307_, film was deposited in a 
SrTiO, single crystal matrix3 or when YBa,Cu,O,_, 
was composed with a Ba.TiO, ceramic.4 Although 
this compound has bee:n reported, its electrical 
characteristics, e.g. the dlielectric properties, have 
not yet been studied. Compared with BaRe,Ti,O,, 
(Re = La, Nd, Sm, . ..). which is located in the 
TiO,-rich corner of the BaO-Re,O,-TiO, ternary 

* To whom correspondence should be addressed. 

system, the YBa,Ti,O,., is located in the BaO-rich 
corner. In recent work, the authors synthesized a 
new series of dielectric ceramics having general 
composition ReBa,Ti,O, + s (Re = rare earth, such 
as, Y, Nd, Sm, . ..). they are in the BaO-rich corner 
of the BaO-Re,O,-TiO, system (see Fig. 1). The 
primary experimental results indicated that this 
group of materials has permittivity E > 25, and 
quality factor Q > 1000 at 1 MHz.’ 

It is important to study the chemical reactions 
among the starting materials, the phase-forming pro- 
cess, the crystal structure and the ceramic microstruo 
ture of this new series of materials. The present 
paper is concerned with the synthesis and charac- 
terization of these compounds in the BaO-rich 
corner of the BaO-Y,O,-TiO, ternary system. 

2 Experimental Procedure 

The ceramics were prepared by the mixed oxide 
method. High purity starting materials, BaCO, 
(May & Baker Co.), TiO, (Johnson Matthey Co.) 
and Y2O3 (Fluka Chemie AG Co.), were weighed 
according to the BaO:Y,O,:TiO, ratios of 6:1:4, 6:1:5 
and 5: 1:4 (where the ratios 6:1:4, 6:1:5 and 5:1:4 
are denoted as Y614, Y615 and Y514, respectively). 
The weighed batches were wet-mixed in agate pots 
by a planetary-type ball mill for 5 h. Then the 
powders were dried and calcined at 1200°C for 2 h. 
The calcined powders were milled again, dried, and 
isostatically pressed into discs at 300 MPa. Finally, 
the samples were sintered in air at 15 15°C for 6 h. 

Moreover, the powder mixture for each compo- 
sition from the starting materials BaC03, Y,O, and 
TiO, was calcined at 900, 1000, 1100, 1200, 1300 
and 1400°C for 2 h, in order to study the phase- 
forming process. 

Thermogravimetric analysis (TGA) and differential 
thermal analysis (DTA) (Netzsch STA 409C) were 
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BaO 

-m Re&s 

Fig. 1. Phase diagram of the BaO-Re203-Ti02 ternary system 
(Re = Y, Nd, and Sm). 

performed for the Y614 system with the heating 
rate of 10°C mini. 

The calcinations at each calcining temperature and 
the final sintered samples were examined by X-ray 
powder diffraction (XRD) (Rigaku, Cu radiation) at 
room temperature to determine the phase assem- 
blage. The microstructure of the sintered samples 
was observed by scanning electron microscopy 
@EM) and electron probe microanalysis (EPMA) 
(Hitachi S4100 scanning electron microscope). The 
dielectric permittivity and dissipation factor of the 
samples were measured in the temperature range 
from 100 to 300 K at 1 kHz, 10 kHz, 100 kHz and 
1 MHz (APD Cryogenics, Keithley 3330 LCZ, 
and HP4277A). 

3 Results and Discussion 

3.1 The phase-forming process in the BaO-rich cor- 
ner of the BaO-Y@-Ti02 system 
3.1.1 6BaO- Y,O+ITiO, ( YBa,Ti208.,) system 
Figure 2 shows the TGA and DTA results for Y614. 
In the thermogravimetric curve, the small weight loss 
around 300°C is due to the evaporation of residual 
organic materials, caused by the manufacturing pro- 
cess, and absorbed water. A large weight loss 
occurring in the temperature range 850-1021 “C 
corresponds to the release of CO,. The DTA curve 
reveals two endothermic peaks in the range 801- 
850°C and 949-1045”C, which correspond to the 

! 
hase transformation of BaC03. The first peak arose 
rom the y-BaCO, to /3-BaC03 phase transforma- 

tion,’ while the second peak (949-1045°C) was 
attributed to the P-BaC03 to a-BaC03 phase 
transformation.6 No peak in the DTA curve was 
observed above 1100°C. 

0 200 400 600 600 1000 1200 1400 1600 

Temperatura I’C 1 

Fig. 2. Thermogravimetric and differential thermal analysis 
curves of the 6BaO-Y,O+ITiO, sample. 

The phases of powders calcined at various tem- 
peratures and of samples sintered at 1515°C were 
identified by XRD. The results are shown in Fig. 3. 

It is assumed that the following chemical reac- 
tions occurred: 

BaCO, + TiO, + BaTiOJ (1) 

BaCO, + TiOz + Ba,TiO, (2) 

BaTiO, + BaC03 + Ba,Ti04 (3) 

BaTiO, + Ba,TiO, + Y,03 + YBa3Ti20s5 (4) 

(1) 

(2) 

(3) 

(4) 

The powder calcined at 900°C contains five 
phases: BaC03, Y,03, BaTiO,, Ba,TiO, and 
YBa,Ti,O,.,. The main phase is BaTiO,, and 
only a small amount of the YBa,Ti,O,.S 
phase was formed. Some of the raw mate- 
rials, BaCO, and Y,03, remain. The TiO, 
phase has not been detected; this implies that 
TiO, has reacted completely. Reactions 
(I), (2) and (3) predominate at 900°C. 
The phases are YBa,Ti,O,.,, BazTiOd, 
BaTiO,, and Y,03 for the powders calcined 
at 1000 and 1100°C. 
An increase in the YBa3Ti,0,., takes place at 
12OO”C, with small amounts of the Ba,TiO,, 
BaTiO, and Y,03 phases remaining. At 
13OO”C, the process is the same as that at 
1200°C. 
Above 14OO”C, only the single-phase 
YBa,Ti,O,., is observed. The reaction pre- 
dominating is illustrated by eqn (4). 

Figure 4 shows the relative intensity of specific XRD 
peaks for each phase as a function of heating 
temperatures. It is clear that the relative intensity 
of the YBa,Ti,O,., phase increases continuously 
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Fig. 3. X-ray powder diffraction patterns of 6Ba&Y@- 
4Ti0, powders calcined and sintered at various temperatures. 
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Fig. 4. Relative intensity of specific XRD peaks for each 
detected phase as a function of heating temperature for the 

Y614 sample. 

and reaches nearly 100% in the high-temperature 
range ( 1400-1515°C), the relative intensities of the 
other phases decreasing with increasing temperature 
and becoming zero at 1400°C. 

3.1.2 6BaO-Y20r5Ti02 system 
The typical composition of the TiO,-rich phases of 
the BaO-Re,03-Ti02 ternary system is that with 
the BaO:Re,03:Ti0, ratio = 1:1:4 (written as 
BaRe2Ti4012). However, it is reported that the mate- 
rial with higher TiOZ content, in which the ratio 
BaO:Re,O,:TiO, is 1: 15, also exhibits excellent 
dielectric properties at microwave frequencies.* 
Correspondingly, it might be interesting to study 
the BaO-rich corner in the BaO-Re,O,--TiO, 
ternary system with high proportion of TiO,. The 

#-BaTi 

X - Y2O3 

O- Ba2TiO4 

l - Y Ba3Ti208.5 

l 

1000*c 

0 
l 
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A 

l II 
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:;; 

10 20 30 40 50 60 70 60 

?e I’1 

Fig. 5. X-ray powder diffraction patterns of 6BaO-YrO,- 
5Ti02 powders calcined and sintered at various temperatures. 
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Fig. 6. X-ray powder diffraction patterns of SBaO-Y,O,- 
4Ti0, powders calcined and sintered at various temperatures. 

powder mixture with the Ba0:Y,03:Ti02 ratio 
equal to 615 was calcined at 900, 1000, 1100, 
1200, 1300 and 1400°C for 2 h and sintered at 
1515°C for 6 h respectively. The X-ray powder 
diffraction results are shown in Fig. 5. The reactions 
can be also described by the eqns (l)-(4). 

After calcining at 900°C for 2 h the powder 
contains four phases: BaTiO,, Ba,TiO,, Y,O, and 
a small amount of YBa,Ti,O,+ Ti02 and BaCO, 
have not been observed; this implies that TiOa and 
BaCO, have reacted completely with each other 
and with Y,O,. After calcining at 1000°C for 2 h, 
and at 1100°C for 2 h, the results are the same as 
those at 900°C and the amount of YBa,Ti,O,., 
has increased. Three phases are observed: BaTiO,, 
YBa3Tiz08.5 and a small amount of Y,03, after cal- 
cining at 1200 and 1300°C for 2 h. Above 1400°C 
only two phases: YBa3Ti,08.S and BaTiO,, are 
observed by XRD. The sample sintered at 1515°C 

for 6 h also shows a two-phase structure consisting 
of YBa,Ti20s5 and BaTiOJ identified from the XRD 
results. 

3.1.3 5BaO- Y,O+TiO, system 
The phase-forming process of the ternary system 
5BaCkYz0,-4Ti02 was studied by the same method 
as used for the 6BaO-Y,O,4TiO, and 6BaO- 
Y,O,-STiO, systems. The XRD patterns of the 
SBaO-Y,O,-4TiO, powder calcined and sintered at 
various temperatures are shown in Fig. 6. The phase 
formation and chemical reactions for the Y514 

Fig. 7. SEM photomicrographs: (a) YBa3TitOs+ (b) Y615 
and (c) Y514 sintered ceramics. 
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during calcining and sintering are similar to those of 
the Y615. However, besides the two main phases 
(Y614 and BaTiO,), another phase was observed in 
the sintered samples which[ was identified as Y,TiO,. 
Here, another solid state reaction occurred: 

TiO, + Y203 + Y2TiOS (5) 

3.2 Microstructure 
Figure 7 shows photomicrographs of polished and 
thermally etched sections of Y614 (YBa,Ti,Os.& 
Y615 and Y514 samples s:intered at 1515°C for 6 h. 
It can be seen that the YBa,Ti,O,., ceramic sample 
shows a dense, single-phase microstructure with 
equiaxed grains. The Y615 ceramic sample shows a 
dense, but two-phase micro~structure: one is the matrix 
phase with equiaxed grains, the other is the sec- 
ondary phase with elongated grains. In the case of 
the Y514 ceramic, a small amount of a third (black) 
phase was observed besides the main two phases. 

The phases were also microanalysed by EPMA. 
The results show that the composition of the matrix 
phase is near YBa,Ti,Os.S; the elongated grains con- 
tain Ba and Ti in the casle of the Y615 and Y514 
ceramics; and the black grains contain Y and Ti in 
the case of the Y514 ceramics. By comparison with 
the XRD results, it is concluded that the matrix 
phase is YBa,Ti,O,.,, the elongated phase is BaTiO, 
and the black grains, in the case of Y5 14 sample, 
are Y,Ti,O,. In addition, it can also be seen that 

the grain size of the YBa,Ti,O,., ceramic is small. 
The average grain size of the YBa,Ti,O,., phase is 
less than 1 pm for single-phase Y614; and the grain 
size of the YBa3Ti,0,., phase in the Y615 and 
Y514 compositions is about 2-3 pm. 

3.3 Dielectric properties 
The dielectric properties of this series of ceramics were 
measured and the results are shown in Table 1, It can 
be seen that all the samples are frequency-stable in the 
range 10 to lo6 Hz. For the single-phase YBa3Ti208+ 
its relative permittivity is about 29 at 1 MHz, and 
dielectric dissipation factor is about 0.001; i.e. the 
quality factor is about 1000. For the Y615 and 
Y514 ceramics, the permittivity is about 100-120 
and the dielectric dissipation factor is 0W4600066. 

The temperature dependence of the permittivity 
of the YBa,Ti,OsS, Y615 and Y514 ceramics is 
shown in Fig. 8. The results indicate that no 
abnormal phenomenon occurred in the tempera- 
ture interval from -173 to 127°C. The temperature 
coefficient in the temperature range -173 to 127°C 
is about +818 ppm ‘C-l for Y614, +132 ppm “C-’ 
for Y615, and +222 ppm “C-’ for Y514. 

4 Conclusions 

YBa,Ti,Os.S (Y614), a compound located in the 
BaO-rich corner of the BaO-Y@-Ti02 ternary 

Table 1. Dielectric properties of BaO-Y,O,-TiOz ceramics 

Sample 

Y614 
Y615 
Y514 

I kHz 10 kHz 100 kHz I MHz 
_ 

E tgli E tgs E tgs E tgh 

30 0.005 29.5 0.0025 29.5 0.007 29 0.001 
120 0.105 118 0.007 117 0.0074 115 0@066 
122 0.133 121 0.0085 117 0.008 115 0.0046 

Y615 
140 

c .a-= 
n ,,,......====....=.=.........,.mmmm 

120 
n m n = n a n 1.‘ ..m. 

* loo- 
.z ..m.. n . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . ..~...... 

. . . . . . . . 1111111= 

P Y514 
C 80 - 
E 
& 
0. 60 - 

40 Y614 

20 ..m.............................H......#..... 
. . . . . . . . . . . . . . . . 

-200 -150 -100 -50 0 50 100 150 

Temperature (“C) 

Fig. 8. Temperature dependence of permittivity of the Y614, Y615 and Y514 ceramics. 
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system, was synthesized and sintered as a single- 
phase ceramic. The dielectric properties of this mate- 
rial (permittivity E = 29, quality factor Q = 1000) 
are reported here for the first time. 

Compositions with the ratio of Ba0:Y,03:Ti02 
equal to 6: 1:5 and 5:1:4, were also synthesized. The 
Y615 ceramic consists of two phases (YBa,Ti,O,., 
and BaTiO,), and the Y514 ceramic consists of 
three phases (YBa,Ti,O,.,, BaTiO, and Y2Ti05). 
They are dense ceramic composites. 

This series of BaO-rich compositions in the BaO- 
Y,03-Ti02 ternary system with high-performance 
dielectric properties, are new kinds of ceramics. 
Their dielectric properties have not been reported 
before, to the authors’ knowledge. The preliminary 
dielectric properties measurements indicate that this 
series of ceramic materials might be good candidate 
materials for high-voltage capacitors or electronic 
devices to be used at high frequency or even at 
microwave frequencies. Further work will be con- 
ducted to study the effect of doping with other ele- 
ments (e.g. Pb, Bi) to promote their dielectric 
properties, and to understand the physical dielectric 
mechanisms responsible for the dielectric properties 
of the YBa3Ti208.5 single-phase compound. 
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Abstract 

Gels of composition xZrO,(I-x)%0,, with x = 10, 
20, 30 and 40 vol%, have been prepared by a wet 
chemical method using fumed silica and zirconyl 
chloride as precursors. Thermogravimetric analysis 
(TG) and dtjrerential thermal analysis (DTA) show 
that weight loss is caused *by release of the absorbed 
water and decomposition of the Zr(OH), gels. Gels 
were heat-treatedfor 2 h at 500, 700, 900, II00 and 
1350°C and the products examined using infra-red 
(IR) spectroscopy. The increasing intensity of the peak 
at 800 cm-’ in the IR spectra with increasing temper- 
ature is attributed to the formation of Si-0-Si 
bonds among deferent Sit3, particles, which means 
that the Si02 particles grow bigger with increasing 
temperature. The DTA exothermic peak as well as the 
IR results reveal that the crystallization of tetragonal 
zirconia (t-ZrO,) begins at about 9OO”C, which is 
confirmed by X-ray d&action (XRD). XRD curves 
also suggest that the silica matrix contributes to the 
thermal stability of t-Zr02. The stability of t-ZrO, 
is interpreted by the particle-size efSect. 0 1996 
Elsevier Science Limited. 

1 Introduction 

The discovery of the strength and toughness of CL@- 
TZP by Garvie et al.’ and the role of tetragonal zir- 
conia (t-ZrO,) have stimulated world-wide interest in 
these ceramics. Tetragonal ZrO, is incorporated into 
ceramics both as precipitates and as dispersed parti- 
cles. On the other hand, in the field of glass technol- 
ogy, zirconia has been used extensively as a nucleating 
agent and/or as an alkali-resistant agent in glass- 
ceramics. More recently, the preparation of ZrO,- 
transformation-toughened glass-ceramics containing 
up to 20 to 30 wt% ZrO, ‘was reported.2 Generally, 
it is difficult to melt glasses, containing high amounts 
of ZrO, because it requires a high temperature. The 

sol-gel method enables glass-ceramics with high ZrO, 
content to be fabricated at a lower temperature. 

To date ZrO,-SiO, monolithic glasses3 and pow- 
ders4 have been prepared by means of the sol-gel 
process. However, the sol-gel method is time- 
consuming and the alkoxide precursors are expen- 
sive; moreover, supercritical conditions are needed 
to deal with the gels, otherwise monolithic glass can- 
not be obtained. The present work concerns the 
preparation of ZrO,-SiOz composite powder by a 
co-precipitation approach using fumed silica and 
zirconium oxychloride octahydrate as raw materials. 
We have successfully obtained homogeneously dis- 
persed ZrOz-Si02 powders. The powders obtained 
were characterized by differential thermal analysis 
(DTA), thermogravimetric analysis (TG), X-ray 
diffraction (XRD), infra-red (IR) spectroscopy and 
transmission electron microscopy (TEM). 

2 Experimental Procedure 

Gels in the composition range xZrO,-( 1 OO-x)SiO,, 
x = 10, 20, 30 and 40 vol%, were prepared from 
fumed silica and zirconyl chloride solution as start- 
ing materials. The fumed silica was first dispersed 
in distilled water, then ZrOC12 solution was added 
under stirring. Next, concentrated ammonia was 
added dropwise to the homogeneous slurry obtained 
above, under vigorous stirring. To ensure complete 
reaction, an excess of ammonia was used and the pH 
value of the mixed solution was maintained above 
10 during precipitation. 

The resulting gels were filtered and thoroughly 
washed with distilled water several times. Finally the 
gels were washed with ethyl alcohol and dried at 
120°C for 24 h. The as-dried gels were then calcined 
in air for 2 h at 500, 700, 900, 1100 and 1350°C. A 
Netzsch STA429 thermal analyser was employed 
to detect the thermal evolution of the as-dried gels, 
at heating rate of 10°C min-‘. The calcined powders 
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Fig. 1. TEM micrographs of (a) fumed silica after being dispersed in water and then dried, and (b) ZrO,SiO, composite powder 
(20ZR) heat-treated at 700°C for 2 h. 

were characterized by XRD (RAX-10 diffractometer) 
using CuK, radiation. Transmittance spectra were 
acquired with an IR spectrophotometer in the 
range 400-2000 cm- ‘. The morphology, particle 
size and distribution of the powders calcined were 
observed by TEM using a JEM-20Ocx instrument. 

3 Results and Discussion 

3.1 TEM observations 
The particle size of the fumed silica was determined 
to be about 20 nm, and some agglomerates were 
also found by transmission electron microscopy 
[Fig l(a)]. Figure l(b) shows the morphology of the 
20 ~01% ZrO,-80 ~01% SiOz sample (abbreviated 
as 20ZR) after calcination at 700°C for 2 h. It can 
be seen that the ZrQ agglomerates take on a sponge- 
like form and that the ZrO, agglomerates and SiO;! 
particles overlap. SiO, agglomerates without the 
cover of the ZrO, sponge-like body can be seen in 
the middle of Fig. l(b). 

3.2 DTA-TG analysis 
All DTA curves (Fig. 2) show an endothermic band 
attributed to water desorption at 100°C and an 
exothermic band (at 3ocrSOO°C) attributed to decom- 
position of the Zr(OH), gels. These assignments 
are based upon the observation that both features 
are associated with a weight loss in the TG curve 
[Fig. 2(a)]. According to the thermochemical calcula- 
tion, the enthalpy change of the reaction Zr(OH),(s) 
= ZrO,(s) + H,O(g), i.e. AH = -93.6 kcal mall’, 
suggests that the decomposition of Zr(OH), is 
responsible for the exothermic peak in the range of 
30@-500°C. Another weak exothermic peak appears 
at 900°C that does not correspond to a weight 
change and becomes stronger with increasing content 
of ZrO, (from 20ZR to 4OZR), indicating the crystal- 
lization of t-ZrO, from the amorphous state. This 
was corroborated by the XRD results (Fig. 3). A 

similar phenomenon was reported by Palladino et 
al3 who observed that the crystallization peak of 
t-ZrO, appears at 910-980°C in the formation of 
ZrOz-SiOz glass-ceramics by the sol-gel route. For 
the pure Zr02 gel, however, metastable tetragonal 
ZrO, began to crystallize at 500°C.5 We assume 
that the temperature differences of the crystallization 
of t-ZrO, are related to the different preparing 
methods, and to the situation around the ZrO, 
particles. In the ZrOSiO, system, the crystallization 
of t-ZrO, at higher temperatures may be ascribed 
to the constraint of the SiOz matrix. 

3.3 XRD results 
ZrOz-SiOz composite powders obtained from the 
co-precipitated method were amorphous to XRD 
(taken on sample 20ZR as an example). After calci- 
nation at 500°C for 2 h, the powder remained 

(a) TG,20ZR I 

100 500 900 

Temperature (T) 

1300 

Fig. 2. DTA-TG curves of as-dried ZrOTSiOz gels. 
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amorphous [Fig. 3(a)]. The broad band at 28 = 30” 
suggests the ordering of small amounts of t-ZrO, 
for the sample calcined at 700°C for 2 h [Fig. 3(b)]. 
XRD on 20ZR powder heat-treated at 900°C iden- 
tified the tetragonal phase, with four major peaks 
corresponding to the 1 1. 1, 2 0 2, 1 3 1 and 2 2 0 
planes in decreasing intensity [Fig. 3(c)]. This result 
is in consistent with that of Saha and Pramanik.4 
The increasing sharpness of the XRD peaks with 
increasing temperatures [Figs 3(d) and (e)] indicate 
the gradual ripening of the t-ZrO, phase and gradual 
growth of t-ZrO, particles. The formation of cristo- 
balite or the trace of ZriSiO, was not observed in 
the XRD spectrum from the sample calcined at 
1350°C [Fig. 3(e)]. The mlost striking feature of the 
XRD curves with increase of calcining temperature 
is that no evolution of monoclinic phase from t-ZrO, 
is detected in the present experiment. According to 
Ramamurthi et al.’ the monoclinic phase gradually 
evolves with increasing ternperature above 700°C for 
the pure ZrO, gel. For the Y-TZP powders co-pre- 

(e) 1350°C t-Z102 

(d) 1100°C 

60 50 40 30 

2-THETA 

Fig. 3. XRD patterns of ZQ-SiOz gel (20ZR) calcined at 
different temperatures for 2 h. 

cipitated by XU,~ the m-ZrO, phase emerged in the 
XRD spectra after the powders were calcined at 
750°C for 2 h. Thus, the absence of m-ZrO, in the 
ZrOz-SiOz system reveals that silica has the ability 
to stabilize the tetragonal zirconia phase. 

According to the literature, the stabilization of 
the tetragonal phase in zirconia may be ascribed to 
the particle-size effect reported by Garvie:7 i.e. the 
smaller the particle size of the t-ZrO, phase, the 
more stable it is at low temperature because of its 
larger specific area. The SiO, grains grow rapidly 
with increasing temperature, reaching 04-0~6 pm 
in size when the calcining temperature was raised 
to 1350°C (Fig. 4). At the same time ZrO, grains 
were encased in silica grains and, since the ZrO, 
particles were embedded in the silica matrix, grain 
growth of ZrO, was impeded. After calcining at 
1350°C for 2 h, the average size of t-ZrO, particles 
was about 50 nm (Fig. 4, the dark round phase 
was zirconia particles). It has been reported that 
the critical size of free t-ZrO, particles is around 
30 nm, while that of ZrO, particles in an A&O, 
matrix is larger, typically 600 nm.7 It is suggested 
that the critical size of t-ZrO, grains has different 
values when the ZrO, grains are dispersed in different 
matrices. Therefore, the stability of 50 nm t-ZrO, 
grains is attributed to its smaller particle size than 
the critical size of t-ZrO, in the present system. 

3.4 IR Spectra 
From the IR spectra (Fig. 5) for the 20ZR sample 
calcined at different temperatures, it is easily seen 
that the observed frequencies of the vibration at 
1200, 1100, 800 and 460 cm-’ for the Si-O-Si bond 
are in good agreement with the values reported by 
Phillippi and Mazdiyasni* and Nogami.’ The bands 
at 1200 and 1100 cm-’ are assigned to the Si-0-Si 
asymmetric bond stretching vibration. The bands at 
800 and 460 cm-’ are associated with the network 

Fig. 4. TEM micrograph of Zr01Si02 gel (20ZR) calcined 
at 1350°C for 2 h (the dark, round, embedded phase is zirconia 

particles). 
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Fig. 5. IR spectra 

1600 1200 

Wavenumber(cm-‘) 

of ZrOz-SiO, gel (20ZR) calcined at 

800 

different temperatures for 2 h. 

Si-0-Si symmetric bond stretching vibration and 
bond bending vibration, respectively. The increasing 
intensity of the 800 cm-’ peak with temperature 
indicates the formation of Si-0-Si bonds among 
the different SiOz particles. That is, the SiOz grains 
grow bigger with increasing temperature. The 
absorption peak at 1630 cm-’ is attributed to the 
coordinated and absorbed water and the peak at 
1400 cm-’ is attributed to the bridging OH group 
in the Zr(OH), gels, both of which decrease with 
increasing temperature. It is clear that the structurally 
coordinated water and the bridging OH group can 
survive higher temperatures. The weak absorption 
peak around 1020 cm-’ for the sample calcined at 
1350°C suggests that a few Zr-0-Si bonds are 
formed,‘O but no trace of ZrSiO, was detected by 
XRD [Fig. 3(e)]. The characteristic band of t-ZrO, 
at about 600 cm’ emerges on the IR profile (Fig. 5) 
for the sample calcined at 900°C and its intensity 
becomes stronger,with increasing temperature. 
This result is in accordance with that of DTA 
curves; the presence of t-ZrO, is also confirmed by 
the X-ray powder diffraction (Fig. 3). 

4 Conclusion 

We have successfully synthesized homogeneously 
dispersed ZrOz-SiOz composite powders adopting 
fumed silica and zirconyl chloride as starting materi- 
als. The DTA-TG results show that the decompo- 

sition of Zr(OH), gels is achieved below 500°C 
accompanied by an exothermic phenomenon. The 
DTA exothermic peak at higher temperatures and 
the emergence of the band at about 600 cm-‘on 
the IR profiles reveal that the crystallization of 
t-ZrO, begins at about 9OO”C, which is confirmed 
by the X-ray diffraction. XRD curves also suggest 
that the silica matrix contributes to the thermal 
stability of the tetragonal zirconia. The t-ZrO, 
grains with smaller size, due to their encasement 
in the silica matrix, result in the survival of t-ZrO, 
in the ZrO,-SiO, gels after calcination at elevated 
temperatures. The formation of Si-0-Si bonds 
among different SiO, particles means that the 
SiOz particle size grows bigger with increasing 
temperature. 
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Abstract 

The versatility of the laser synthesis method has been 
improved during the last ftw years. In this paper we 
present the synthesis of amorphous, nanosized SK,/0 
powders obtained via ultrasonic injection of aerosol 
droplets into the beam of a high-power tunable CO, 
laser, using (CH,)$i( OC12HJ4_, (0 I x I 3) and 
hexamethyldisiloxane as alkoxysilane precursors. 
All these precursors strongly absorb the CO, laser 
emission between 9 and 11 km. The addition of precur- 
sors containing Al or Ti in tetraethoxysilane (X = 0) 
leads to Si,Al or Si,Ti oxide composite powders. The 
evolution of the powders (chemical composition, crys- 
tallization, morphology) during heat treatment under 
air, argon or nitrogen is studied by infra-red absorption, 
thermogravimetric analysis, transmission electron 
microscopy and X-ray d#raction. Silica powders with 
specific surface area up to 500 m2 g-t are obtained 
when heating in air. 0 1996 Elsevier Science Limited. 

1 Introduction 

Since the first experiments by Haggerty et al,’ a wide 
variety of ultrafine powders has been obtained by 
the laser synthesis method. An important application 
of these powders is struct-ural ceramic technology. 
The synthesis method is based on the resonance 
between the emission of a CO2 laser (106 pm) and 
the absorption of a gaseous precursor. It offers 
several advantages: due to the coherent laser beam, 
the chemical reaction zone is very well defined and 
there is no interaction with the reactor walls. This 
ensures extreme purity and very fine sized particles. 
However, the process has not been scaled up due to 
several limitations: the resonance condition clearly 
limits the precursor choice. To obtain Si-based 
powders the most common precursor is silane, 
which is an expensive and hazardous gas. 

Recently, taking advantage of new technical devel- 
opments, the versatility of the method has been 

improved. The ultrasonic injection of liquid precur- 
sors into the beam of the laser greatly extends the 
choice for the reactants. Moreover, it allows the use 
of cheaper and safer products. An example is given 
by the synthesis of %/C/N powders.24 Also, high 
power CO2 lasers tunable between 9 and 11 pm are 
now available.5 

To our knowledge, only two oxide powders Ti026,7 
and Ai2O38 have been obtained by laser driven reac- 
tions in gaseous phases. The possibility to synthe- 
size Si02 from an aerosol of tetraethoxysilane has 
already been reported.’ In this paper we present the 
synthesis results obtained with ditIerent organosilicon 
precursors. Some nanosized silicon-based oxide pow- 
ders have been synthesized using tetraethoxysilane 
and/or appropriate organometallic liquid precursors. 
Such powders may find applications in various fields. 
The organosilicon precursors are inexpensive, 
compared with silane, and after annealing treatments 
it is possible to obtain nanosized SIC powder as 
shown by Li et al. lo for dimethyldiethoxysilane. The 
incorporation of fine carbon particles in silicon 
oxycarbide glasses (black glasses) has improved 
mechanical properties and chemical stability com- 
pared with silica. ” In the field of catalysis there is 
an interest in incorporating tine metallic particles with 
good dispersion in high specific surface area silica. 

In this paper, we report some preliminary charac- 
terization results and the evolution of these powders 
to silica, oxycarbide glasses or oxide composites after 
firing in air, argon or nitrogen between 600 and 
1600°C. 

2 Experimental 

2.1 Procedure 
The experimental device with aerosol generator, reac- 
tion chamber and powder collector has already been 
described?,9 A PRC-Oerliion 1500-W, fast axial flow 
CO2 laser has been modified to accept a grating 
which makes it tunable between 9 and 11 pm.’ 
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The liquid organosilicon precursors with a variable 
O/Si atomic ratio and general formula R,Si(OR’)4, 
where 0 I x I 3, R = CH,, R’ = C2H, and hexa- 
methyldisiloxane [(CH&SiOSi(CH,),] were supplied 
by Fluka Chemie A.G. or Sigma-Aldrich Chimie and 
used without further purification. Table 1 presents 
the different precursors with their chemical formulae: 
x = 0 corresponds to tetraethoxysilane Si(OC2HJ4, 

= 1 corresponds to triethoxymethylsilane 
;CH,)Si(OC 2 5 3, x = 2 corresponds to diethoxy- H ) 
dimethylsilane (CH,),Si(OC,H,), and x = 3 corre- 
sponds to ethoxytrimethylsilane (CH,),Si(OC, H,),. 

Some of these precursors have been used in the 
preparation of SE/O oxycarbide glasses, carbon- 
Si02 glass composites or Sic by the sol-gel pro- 
cess.‘2-‘6 Recently, vaporized diethoxydimethylsilane 
has been irradiated with the focused beam of a 
high-power fixed-frequency CO2 laser for Sic for- 
mation.” These precursors have been chosen because 
they absorb infra-red radiation in the 9-l 1 pm region 
corresponding to SiC or Si-CMi bonds. Weaker 
absorption bands appear near 10.6 ,um for 01 x I 3 
(see Table 1). Figure 1 presents the absorption lines 
of the different liquid precursors and the emission 
lines of the tunable CO, laser, showing that the reso- 
nance condition is easily achieved for this family of 
precursors. 

Composite precursors were obtained by mixing 
liquid titanium propoxide - Ti(OC3H& - or solid 
aluminium isopropoxide - Al(OCH(CH,),), - with 
tetraethoxysilane. The Ti/Si and Al/S1 atomic ratios 
are equal to 0.1 in the liquid phase. 

The aerosols were produced by an ultrasonic 
spraying technique (Pyrosol process) which has been 
widely used in thin layer deposition.17 The aerosol 
characteristics (such as droplet size and flow rate) 
depend on the liquid properties (viscosity, surface 
tension, volatility). The size of the aerosol droplets 
is given by: 

d= =” ‘I3 

( 1 4Pf2 

where u and p are the surface tension and density 
of the liquid respectively, and f is the frequency of 
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Fig. 1. Absorption spectra of the different precursors and emis- 
sion lines of the laser at half discharge current (i = 30 mA). 

the transducer (800 kHz). Using measured or cal- 
culated (T values,18-20 the size of the droplets can 
be calculated for the different precursors: they are 
in the range 2.8-3.0 pm_ 

Table 1 summarizes some properties of the pre- 
cursors used and laser irradiation conditions. The 
aerosol droplets are carried out in an argon flow 
through a 13 mm diameter nozzle into the reaction 
chamber. In order to keep the residence time in the 
laser beam (i.e. the reaction time) constant, the argon 
flow was fixed to 1280 cm3 min’. The droplets inter- 
sect the laser beam (12 mm diameter) orthogonally 
with an incident power in the 35&400 W range 
(discharge current = 30 mA). Powders are collected 
in a glass chamber located between the reaction cell 

Table 1. List of precursors and irradiation conditions 

Precursor Molecular Density of Boiling point Sample Laser Absorbed Wavelength 
weight precursor (“C) 

(g cmA3) 
designation power power (run) 

fg) (W) (W) 

Tetraethoxysilane Si(WHs), 208.3 0.934 165.8 TEOS 400 22&250 9.293 
Triethoxymethylsilane (CH,)Si(OC,H,), 178.3 0.896 143 TEMS 430 22&250 9.293 
Diethoxydimethylsilane (CH&WGH& 148.3 0.840 114-115 EOMS 420 28&290 9.260 
Ethoxytrimethylsilane (CH,),Si(OC,H,) 118.3 0.757 75-76 ETMS 420 330-350 9.293 
Hexamethyldisiloxane (CH,),SiOSi(CH,), 162.4 0.759 99-101 MDSO 345 266280 9.488 
Tetraethoxysilane+ 0.9 Si(OC,H,), 204.25 1.035 solid AlTEOS 440 290-310 9.293 
aluminium isopropoxide + 0.1 Al(OC,H,), 
Tetraethoxysilane + 0.9 Si(OC,H,), 284.26 0.965 170/400 Pa TiTEOS 430 280-300 9.293 
tetrapropylorthotitanate + 0.1 Ti(OC,H,), 
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and the vacuum pump. The typical duration of an following sections for the samples synthesized from 
experiment is 40 min. the different precursors. 

2.2 Characterizations 3.1. I As-produced powders 
Chemical analyses were achieved by conventional 
methods (CNRS analysis laboratory) as previously 
presented.2 The relative uncertainty is equal to f 2% 
for C and 0, f 3% for Si, Ti and Al. The heat 
treatments were carried out either dynamically by 
thermo- gravimetric analysis (TGA) in flowing air, 
argon or nitrogen, or statically in a Nabetherm 
HTOW1750 oven for oxidation in air or in a Pyrox 
GE80 graphite furnace for annealing in argon and 
nitrogen. The heating rate was 10°C min’ and the 
dwell time 1 h. 

X-ray diffraction (XR.D) patterns of the crys- 
talline phases were obtained with an automated 
powder diffractometer (Philips, APD 1700) using 
CL&, radiation. Information on chemical bonding 
was obtained by infra-reel (IR) spectrophotometry 
(Perkin-Elmer 580 spectrophotometer) in the 4000- 
400 cm-’ range using thle KBr pellet technique. 
The specific surface areas were measured by the BET 
method using a Microrneretics Flowsorb 2300. 
The morphology was studied by transmission elec- 
tron microscopy (TEM) (CM20 Philips). 

In all cases the as-produced powders are black and 
amorphous as confirmed by XRD. Table 2 gives the 
chemical elemental analysis (wt%) of the produced 
powders together with the chemical composition of 
the reactive phase. An empirical chemical compo- 
sition of the powders is also presented. The chemical 
composition of the powders is a function of the chem- 
ical composition of the reactive phase. The 0 and Si 
content is higher in the powder than in the precursor. 
The relative evolution is similar for all the chemical 
elements: for example, 0 content in the powders 
decreases when it decreases in the precursor. A more 
precise comment taking into account the nature of 
the chemical bond is presented in the following. 

3 Results and Discussion 

3.1 Si/C/O powders 
During laser pyrolysis a wide yellow flame is observed 
in the reaction zone. The production rate is rather 
low, from 8 to 27 g h-‘, but no effort has been made 
to optimize this. It is correlated with the weight of 
displaced precursor and is very close to our first 
results obtained in WC/N composite powder synthe- 
sis from laser pyrolysis of a hexamethyldisilazane 
aerosol.2 As shown in Table 1, the absorbed laser 
power - in the range 50 to 80% of the incident 
power - is high compared with the absorption in 
gaseous laser-driven reactions, e.g. 10% for SIC 
synthesis. 2’ A partial explanation is given by the 
power excess necessary to vaporize the liquid droplets. 
Table 1 also presents the abbreviations used in the 

The TEM micrographs show that all the powders 
consist of round particles with low size dispersion. 
The particles stick together in a chain-like manner. 
Figure 2 presents micrographs of EOMS and TEOS 
samples, with a smaller grain size (~20 nm) for 
the EOMS sample compared with all other samples 
(>30 nm). These observations are in agreement with 
BET measurements (Table 2). TEM micrographs at 
higher magnification show that most of the particles 
are slightly agglomerated and can be dispersed, but 
in some cases there is a strong connection between 
the particles. Also, some ribbons (similar to car- 
bon ribbons) are present in all the samples. As an 
example, Fig. 2(a) presents the ribbons observed 
in a TEOS sample. 

Table 2 shows no clear correlation between the 
BET surface of as-formed powders and the experi- 
mental synthesis conditions (such as size of the 
droplets, laser power and argon flow). One can see 
that for R,SiR’,, x = 1 to 3, the specific surface area 
decreases with increasing x. 

Figure 3 presents the IR spectra of as-formed 
powders. The TEOS sample corresponds to pure 
amorphous silica (opaline type).22,23 The peaks at 
1100 and 810 cm-’ correspond to antisymmetric 
Si-0-Si stretching and the peak at 470 cm-’ corre- 
sponds to the Si-O-Si bending mode.24 This 

Table 2. Chemical analysis of precursors and as-formed produced powders 

Precursor wt% wt% Equivalent S BET 

C 0 Al Ti Si Samples C 0 Al Ti Si chemical formula (m2 g-l) 

SWGH44 46.1 30.7 13.4 TEOS 21.1 41.8 35.1 SiO,.,C,., 133 
(CH,)Si(OC,H,), 47.1 216.9 15.7 MTOS 27.0 36.6 32.4 SiO,.,,C,.,, 228 
(CH~)NOGH~)~ 48.5 ill.6 18.9 EOMS 28.3 34.0 35.3 Si0,.68C,.87 210 
(CH,)$i(OC,H,) 50.7 13.5 23.7 ETMS 29.4 28.3 42.4 Si01.17CI.62 133 
(CH&SiOSi(CH& 44.3 9.8 34.5 MDSO 29.9 16.7 50.7 SiOO.&, 38 70 
Si(OC2H5)4+ 46.7 30.0 1.2 12.2 AlTEOS 19.2 43.8 3.6 33.8 84 

Al(OCH(CH,)& 
Si(OC,H,),+ 46.6 219.7 2.0 11.8 TiTEOS 23.2 40.6 5.9 31.1 70 

Ti(OGH& 
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observation is in good agreement with the chemical 
composition of the powder: the O&i atomic ratio is 
equal to 2.09, very close to the ratio of pure silica. 
The absorption lines of amorphous silica powders 
are observed in all spectra. In the MTOS sample, a 
new feature at 1260 cm-’ appears. This corresponds 
to a Si-CH, bond and is correlated with the 
presence of Si-CH3 in the precursor. It is attributed 
to partially dissociated precursor remaining trapped 
in the powder. The peak is very weak, indicating that 
a very small part of the precursor remains in the 

powders. In TEOS and EOMS samples C atoms do 
not seem bonded to Si or 0, suggesting the presence 
of an abundant phase composed of free carbon in 
good agreement with the presence of carbon ribbons 
observed by TEM. The samples MTOS, EOMS, 
ETMS and MDSO are produced from precursors 
containing an increasing number of Si-C bonds com- 
pared with Si-0 bonds. The infra-red spectra show 
an increasing contribution of the feature located at 
870 cm-‘, which is attributed to the Si-C bond. 

From the TEM micrographs, the IR spectra and 
using the empirical chemical composition, it can be 
assumed that the samples are mainly composed of 
silica, silicon carbide and free carbon with different 
ratio (Table 3). These compositions are in good 
agreement with the relative intensities of Sic and Si02 
observed in IR spectra. Also, this composition 
(Sic bonds) is related to the number of Sic bonds 
in the liquid precursor (Fig. 4). However, IR spectra 
alone do not enable any conclusions to be drawn 
about the local environment. As already observed 
for WC/O samples obtained by other methods 
(see, for example, Ref. 1 l), we think that in all our 
samples we have a distribution of SiO,C,, tetrahedra. 
The local environment around Si and C atoms will 
be investigated more closely by nuclear magnetic 
resonance spectroscopy. The nature of the C excess, 
designated here as free carbon, should be clarified 
using (for example) Raman spectroscopy. 

The powders obtained by irradiation of vaporized 
diethoxydimethylsilane with the focused beam of a 

Fig. 2. TEM micrographs of as-formed TEOS (a,b) and 
EOMS (c) samples. 

-!-- 

1400 1200 1000 600 600 400 

Wavenumber (cm-l) 
Fig. 3. IR spectra of as-formed SW/O powders. 
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Table 3. Assumed chemical composition of powders, calculated and measured weight evolution with oxidation 
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Sample Composition Am/m (‘%) [calculated] Am/m (%) /measured] 

TEOS SiOz +1.4 C -22 -21.8 
MTOS SiO, +1.94 C -28 -28.4 
EOMS SiOz + 0.19 Sic + 2.03 C -22 -21.8 
ETMS SiOz + 0.71 Sic + 2.05 C -1 -7.8 
MDSO SiOz + 2.45 Sic + 2-30 C +11 +12.2 

high-power fixed-frequency CO, laser” can be com- 
pared with the EOMS sample. The grain size in each 
sample is of the same order of magnitude. The pow- 
ders are amorphous. The chemical analysis shows 
that the EOMS sample is rnore oxidized (34125 wt%). 
This result can be related to the different experi- 
mental conditions, in particular the laser power 

3,5 1 

1 MTOS . EOMS 

n MDSO 

’ ETMS 

o’“e-rT-7 * 4 ’ 4 ’ 6 * 
SIC in the precursor 

Fig. 4. Number of SIC bonds in the produced powders as a 
function of Sic bonds in the precursor. 

density is much lower in the present work: 100 W 
cmm2 compared with 5100 W cmm2 in Ref. 10. 

3. I .2 Annealed powders 

3.1.2. I Annealing in air. Figure 5 presents TGA 
curves of Si/C/O samples after heating to 1600°C in 
air. The weight evolution shows a very different 
behaviour, correlated with the chemical composition 
of the sample. Assuming that annealing under air 
leads to complete oxidation of the different com- 
pounds of the powders and using the chemical com- 
position of Table 3, two mechanisms are involved: 

SiO, + free C + 0, + SiOz + CO, (1) 

Si02 + Sic + O2 + Si02 + CO2 (2) 

It is easy to calculate the weight changes due to 
oxidation for the different samples. The result is 
presented in Table 3. The calculations are compared 
with the experimental results (Fig. 5). For TEOS and 
MTOS samples, the loss is attributed to oxidation of 
free carbon. The weight loss is of the same order 
of magnitude as the C content in the as-formed 
powders (Table 2). For other samples, there is a 

.?, .**...._*~ 

\‘\ ‘-..* 

-20 - ‘\J., -*...* EOMS 

? 
\ 

‘I 
.% . . . . . . . . . . . . . . . . . . . . . . . . . . . . ..“............~ _~-“r. 

*__*__._-.--.--.-- 

\ 
TEOS 

*-.-._._.__ MTOS 
- 30 

-.-.w._.-.- * 1 I I 
0 400 800 1200 1606 

Temperature (“C) 

Fig. 5. TGA curves of B/C/O powders fired under air up to 1600°C (heating rate 10°C min-‘, dwell time: 1 h). 
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competition between weight loss due to reaction (1) 
and gain due to reaction (2). For all samples the 
qualitative agreement is good between calculations 
and experimental measurements, which is a confir- 
mation that the assumed mechanisms are dominant. 

After heating for 3 h at 600°C under air, the chem- 
ical analysis shows that the C content is very weak 
(~0.5%) for all samples except MDSO, and the pow- 
ders turn white. The chemical composition is already 
very similar to that of silica. For sample MDSO, 
after 3 h of heating at 600°C under air, the weight 
increases by 12% and the C content is still 14% 
because it is not so easy to oxidize C bonded to Si as 
compared with free C, as already shown in laser syn- 
thesized SIC powders. 25 IR spectra of annealed pow- 
der show the presence of Sic and SiO bonds, with a 
decreasing contribution of Sic compared with the as- 
formed powder. At higher temperature the 870 cm-’ 
absorption band of SIC disappears and the C content 
becomes negligible. All these observations are in 
good agreement with reactions (1) and (2). 

Figure 6 shows that the specific surface area 
increases markedly after annealing at 600°C for sam- 
ples with x = 0 to 3 and then decreases at higher 
temperatures. A value near 500 m2 g-r is measured 
for the MTOS sample. At 600°C TEM observations 
show no change in the morphology or size of the 
powders, grain growth begins around 900°C corre- 
lated with the decreasing specific surface area. The 
increase in specific surface area is thus attributed to 
an increased porosity due to the departure of C 
atoms. Porosity and density measurements are neces- 
sary to confirm this hypothesis. For the MDSO 
sample, the specific surface area is not as significantly 
modified at 600°C as it is in the other compounds. 
In this latter case, oxidation leads to a less porous 
material. MTOS sample is of special interest because 
the surface area is still very high at 900°C (273 m2 
g-l). At 13OO”C, the specific surface area is below 1 m2 
g-’ for all samples, indicating high densification. 

500 - .-f --MMDSO - 

./ ‘. ---.--- ETMS 
i 

, I’ ,.+, \ 
& 

400 - 
,ZOMS 

,.,’ ., 

,300 _ ,,,<( ” 
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,:’ \, 

‘...., \. ‘\, --t TEOS 

. .,” ‘i \ 
4 
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\ 
: 

__..--*..~ * \ 
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Oxidation Temperature (“C) 

Fig. 6. Evolution of the specific surface area of WC/O powders 
with oxidation temperature. 

Figure 7 presents the evolution of IR spectra of the 
TEOS sample after heat treatments under air at diff- 
erent temperatures, the general trend is identical for 
all the samples. After 1 h of heating at 6OO”C, the 
feature attributed to Si-CH, disappears from the IR 
spectra. The IR spectra still exhibit the characteristic 
features of opaline up to 1200°C. At this temperature, 
TEOS and EOMS samples are still amorphous as 
confirmed by XRD. The O/Si (wt) ratio is very close 
to 1.14 (pure silica) and the C content is about 

> 
i 

- 

! 
h \ /\ - 

1400 1200 1000 800 600 400 

Wavenumber (cm-l) 
Fig. 7. Evolution of IR spectra of TEOS after annealing 

under air. 

Angle (28) 
Fig. 8. Evolution of XRD patterns of TEOS. 

0 



S-based oxide powders by laser spray pyrolysis 1069 

G 100 ppm. After heat treatment in air at 13OO”C, 
TEOS sample crystallizes as shown in Fig. 8. EOMS 
sample is also crystallized. at this temperature. The 
cristobalite structure is identified through IR and 
XRD (JCPDS no. 39-14:!5) (Figs 7 and 8), which 
corresponds to the chemical analysis. A new peak at 
620 cm-’ appears in the IR spectra (Fig. 7) charac- 
teristic of the cristobalite structure.22y23 The broad 
structure between 1000 and 1300 cm’ splits into two 
bands at 1100 and 1200 cm-‘, which correspond to 
the longitudinal and transverse mode of the Si02 
lattice. This indicates a long-range crystalline order.26 

Above 13OO”C, the XRD patterns of TEOS sample 
show an increasing crystallite size with increasing 
temperature. 

At 13OO”C, MDSO sample is still amorphous 
under XRD. The cristobalite structure is identified 
after heat treatment at 14OO”C, and the chemical anal- 
ysis gives the composition of silica O/Si = 1.15 (wt). 

3.1.2.2 Annealing under argon and nitrogen. Heat 
treatment in argon was pe:rformed at 13OO”C, which 
is before the thermal reaction of silica (carboreduc- 
tion), and at 1500°C after the carboreduction. 
Annealing under nitrogen was performed at 1500°C. 
At this temperature, nitrogen becomes active for 
nitridation. IR spectra of annealed powders are 
shown in Figs 9 and 10. 

Under argon at 1300°C [Fig. 9(a)] the IR spectrum 
of the TEOS sample is very similar to that of silica. 
In the other spectra mixtures of silica and silicon 
carbide appear, the silicon (carbide content increasing 
from MTOS to MDSO sample as shown by the 
change in relative intensities of IR bands at 1100 cm’ 

3 
zi 
8 
f 
9 

4 

I: 
i 

Wavenumber (cm-‘) 

for SiO, and at 870 cm-’ for SIC. At 1500°C 
[Fig. 9(b)] only IR bands of Si02 appear for the 
TEOS sample. In the other samples Sic is the dom- 
inant compound, with the IR band at 870 cm-‘. 
The pronounced dip near 1000 cm-’ was observed 
previously2,27,28 and is generally related to the size 
increase obtained by the coalescence of particles 
following the carboreduction of silica. 

- 
1 

Wavenumber (cm”) 

Fig. 10. IR spectra of Si/C/O powders after annealing under 
nitrogen at 1500°C. 
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Fig. 9. IR spectra of Si/C/O powders after annealing under argon at 1300°C (left) and 1500°C (right). 
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IR spectra of the nitrided powders (Fig. 10) show 
differences relating to the initial sample. The IR 
spectrum of the TEOS sample is quite similar to the 
SiOZ spectrum. In the other spectra, IR bands due to 
crystallized S&N, appear in the 500-400 cm-’ region. 

Tables 4 and 5 present the characterizations and 
the chemical compositions of these powders. They 
show a good agreement with the IR results. 

At 15OO”C, under argon or nitrogen, coalescence of 
TEOS sample particles occurs promptly when the 
spe- cific surface area is decreased below 1 m* g-’ 
(Table 4). The remaining C content is low (about 2.5 
wt%) and the nitridation under nitrogen is negligible 
(0.9 wt% N). The calculated chemical composi-tion 
(Table 5) shows silica as the predominant phase. The 
weight loss can be explained by Si02 + C + SiO? 
+ COT with SiO and CO volatilizations. The carbo- 
reduction reaction of the silica can be neglected for 
annealing under N,. The non-nitridation of the TEOS 
sample appears to be different from result relating 
to the preparation of S&N, from alkoxide-derived 
oxides by carbothermal reduction and nitridation.*’ 

In the other samples the C content after annealing 
at 1500°C under argon remains high (25-30 wt%) 
and the 0 content decreases below 10 wt%, relating 
to the carboreduction of the silica and the formation 
of silicon carbide. Similar high weight losses (Table 4) 
- up to 80 wt% - have been observed in the 
preparation of silicon carbide from organosilicon 
gels.16,30*3’ At 13OO”C, XRD patterns show that the 
MDSO sample is slightly crystallized and the P-Sic 
structure is identified (JCPDS no. 29-1129). At 
higher temperature the crystallite size increases. The 

evolution of specific surface area shows that the nano- 
metric structure is conserved up to 1300°C. As in 
the previous case, the specific surface area of the 
MTOS sample is quite high: 242 m* g-‘. 

Annealing under nitrogen at 1500°C leads to a 
very efficient nitridation for these samples. The N 
content seems related to the initial specific surface 
area of the samples and decreases from 24.1 to 
11 .O wt% when the specific surface area decreases 
from 230 to 70 m* g-’ (Table 2). The corresponding 
Si,N, content in the remaining powder is high, up to 
60 wt% for MTOS sample (Table 5). The nitri- 
dation of the EOMS sample appears as different 
from results of Ref. 10, where the heat treatment 
under nitrogen at 1600°C leads to crystalline SIC 
containing 6 wt% of oxygen. 

3.2 Titanium- and aluminiumdoped silica powders 

3.2.1 As-formed powders 
Table 2 shows that the AVSi and TiiSi ratios are 
equal in the reactive phase and in the powders, 
which is interesting when it is intended to produce 
composites with controlled chemical composition. 
Figure 11 presents the IR spectra of as-formed pow- 
ders compared with the spectrum of the pure TEOS 
sample. In TiTEOS, the absorption at 950 cm-’ is 
attributed to SiaTi modes of vibration. No feature 
that could be attributed to a pure TiOz phase can 
be observed. In the AlTEOS sample, there is 
no specific feature that could be related to the 
presence of Al. In both cases, pure amorphous sil- 
ica is identified.22*23 It seems that the incorporation 

Table 4. Characterizations of SiICIO powders after annealing under argon and nitrogen 

Ar, 1300°C, I h Ar, 1500°C, I h N,, ISOO’C, I h 

Am Am 
(& (WY%, (X) (zy) (&, (&, (N) ,9;q (WL, (&, (WL, ;zJ (rz$r) 

TEOS 16.0 39.7 nm. 85 2.5 53.6 -22.9 0.1 2.4 49.3 0.9 -19.5 0.2 
MTOS 26.5 34.7 -24.1 242 26.6 8.6 -74.1 88 10.3 n.m. 24.1 -62.0 101 
EOMS 25.5 32.7 -30.0 173 28.8 n.m. -75.0 20 11.7 n.m. 23.5 -60.4 70 
ETMS 26.9 21.5 -24.8 102 29.3 4.8 49.3 25.5 20.1 6.7 13.4 -38.2 86 
MDSO 28.8 15.5 -38.0 70 27.5 5.3 -33.7 36.5 20.4 5.9 11.0 -2.4 58 

n.m.: not measured 

_ 

Table 5. Chemical composition (in wt%) of SK/O powders after annealing under argon and nitrogen 

Ar, 13OO”C, I h Ar, lSOO’C, 1 h NJ, ISOO’C, I h 

Si02 Sic C SiO, Sic C SiO, S&N, Sic 

TEOS 74.4 13.7 11.9 97.5 0 2.5 92.6 2.3 3.9 
MTOS 65.2 11.9 22.9 16.2 69.4 5.8 n.c. 60.5 n.c. 
EOMS 61.5 18.7 19.9 n.c. n.c. nc. n.c. 58.9 
ETMS 40.3 46.8 12.9 9.0 88.1 2.9 12.6 33.6 ;;c; 
MDSO 29.1 59.0 11.1 10.0 89.1 0.8 11.1 27.4 58.7 

n.c.: not calculated 

C 

1.2 
nc. 
nc. 
6.1 
2.8 
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of a second phase is related to a decrease of the 
specific surface: 133, 84 and 70 m2 g-’ for TEOS, 
AlTEOS and TiTEOS samples, respectively. 

3.2.2 Annealed powders (under air) 

3.2.2. I Titania-silica composite. After heat treatment 
at 600°C the weight loss of the TiTEOS sample is 
25%, which corresponds to the C content in the as- 
formed powder (Table 2). As in the case of TEOS, the 
weight loss is attributed to the oxidation of free C 
[reaction (l)]. The Si/Ti ratio is not modified by 
oxidation up to 1300°C. Figure 12 presents the XRD 
patterns of TiTEOS samples as a function of heat 
treatment. It shows that crystallization begins between 
600 and 900°C. At 9OO”C, two different Ti02 phases 
[anatase (JCPDS no. 21-1272) and r-utile (JCPDS 
no. 21- 1276)] are present s:imultaneously. At 12OO”C, 
the dominant features are attributed to rutile. A 
beginning of silica crystallization into the cristobalite 
phase is observed, also seen on IR spectra (Fig. 13). 
At this temperature, pure s.ilica obtained from TEOS 
is still amorphous. At 14.OO”C anatase has disap- 
peared, cristobalite and r-utile appear well crystallized. 

In the IR spectra of TiTEOS (Fig. 13) only the 
peak at 950 cm-‘, already attributed to Si-0-Ti, is 
added to the pure silica spectra and there is no 
modification of this band with temperature. No band 
of pure Ti02 can be observed. 

The specific surface area evolution is similar to 
the specific surface area evolution of the TEOS 
sample, with a maximum value of 137 m2 g-l. 

rEos 

i 
‘0 1000’ 800 600 400 

Wavenumber (cm- 1) 
Fig. 11. IR spectra of as-formed Al and Ti (composite) powders. 

20 25 30 35 40 45 50 55 60 

angle (28) 
Fig. 12. Evolution of XRD patterns of TiTEOS sample as a 

function of oxidation temperature. 

-!- 

: ; 

1400 1200 1000 800 600 400 

Wavenumber (cm- 1) 

Fig. 13. Evolution of IR spectra of TiTEOS sample as a 
function of oxidation temperature. 
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3.2.2.2 Alumina-silica composite. After heat treatment 
at 600°C the weight loss of the AlTEOS sample is 
17%, comparable with the C content in the as-formed 
powder (Table 2). As in the former case, weight loss 
is explained by reaction (1). Figure 14 presents the 
evolution of IR spectra as a function of annealing 
temperature. It is not possible to identify any line 
of pure alumina A&O, in these spectra. Only a line 
at 880 cm-’ is different from the silica spectra, it 
becomes a clear structure in the spectra at 1600°C 
and is usually attributed to Si-@Al bonds.35 XRD pat- 
terns presented in Fig. 15 show that the crystal- 
lization begins at 1200°C and cristobalite is identified, 
in good agreement with IR spectra. Another crystal- 
lized phase containing Al is present; it is not clear 
whether it is sillimanite or mullite, both of them 
being mixed phases composed of SiO, and A1,03.36 

4 Conclusion 

In this paper we have shown that it is possible to 
produce amorphous, nano-sized, silicon-based oxide 
powders by laser-aerosol interaction. Silica powders 
with high specific surface area have been obtained. 
The incorporation of metallic elements (A1,Ti) in the 
powder is quite easy. In a first step, the evolution 
of the structure of the as-formed amorphous powders 
has been studied as a function of heat treatments 
using conventional characterization methods. The 
results concern long-range order and mainly the bulk. 
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Fig. 14. Evolution of IR spectra of AlTEOS sample as a 
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Fig. 15. Evolution of XRD patterns of AlTEOS sample as a 
function of oxidation temperature. 

In the future, it seems important to characterize 
the microstructure and the short-range order to cor- 
relate these with the properties of the material (sinter- 
ing behaviour). In particular, it would be interesting 
to clarify the C bonding and the role of free carbon 
in the evolution of specific surface area and reactivity. 

New experiments are in progress to synthesize silica 
containing different amounts of C, Al, Ti or other 
metallic elements by adjusting the process parameters. 
The possibility of synthesizing a mixture of different 
phases with controlled chemical composition and 
good dispersion seems very promising, in particular 
for the production of heterogeneous catalysts. Work 
is in progress to compare the properties of such 
powders with properties of powders obtained by 
other methods. 
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Abstract 

Powder mixtures of SiO, glass and cristobalite with 
fine a-Al,O, were heat-treated at dtflerent tempera- 
tures up to 1700°C. Green samples consisting of 
SiOz glass plus a-AlJO (RSS) generally were sin- 
tered to higher densities than those consisting of 
cristobalite plus a-AlJO, (RSC). In both powder 
compacts (RSS and RSC) two dtflerent sintering 
mechanisms were active before and after the onset of 
mullitization, respectively. Before mullite formation 
begins, denstjication occurs in the RSS sample 
through viscous flow sintering and in the RSC sam- 
ple by solid-state sintering. After the formation of 
mullite crystals, transient liquid-phase sintering is 
assumed for both samples (RSS and RSC). The 
amount of SiO,-rich liquid phase, which controls 
degree and rate of the sec,ond-stage sintering mech- 
anism, depends on the am#ount of residual SiO, left 
unreacted after initial muh’itization. 

The temperature-depend.ent mullite formation pro- 
cess was complex. At 1700°C sample RSS formed 
a 80% mullite, while the degree of mullitization of 
sample RSC at the same temperature was * 90%. 
However, this tendency dia’ not hold at higher tem- 
peratures, since both samples displayed near-total 
mullitization at 1750°C. Four d@erent temperature- 
dependent steps of mullite “formation could be distin- 
guished: a temperature field where mullite nucleation 
was observed (<ISOOOC), a temperature range of high 
mullitization degree (15OC”1550°C), followed by a 
low mullitization region ( 1550-1625°C). At higher 
temperatures (>1625”C) high mullitization rates were 
observed again. 0 1996 Elsevier Science Limited. 

Introduction Materials and Methods 

Reaction sintering of Al,O, and Si02 powders is 
a low-cost processing route to achieve mullite 
ceramics with high quality.‘y2 The temperature and 

Materials 
The a-A1203 powder AKP-50 (corundum), pro- 
vided by Sumitomo (Tokyo, Japan), is a highly 

rates of mullite formation depend on different fac- 
tors, the most important of which are the species 
used and their chemical purity and particle size 
distribution.34 Most investigations on the reaction 
sintering of mullite were carried out by using dias- 
pore (AlOOH), gibbsite (Al(OH),) or corundum 
(a-A1203) as Al-sources and silica glass powder, 
quartz or cristobalite as the Si-sources.‘m’2 Mulliti- 
zation mechanisms in mixtures of various poly- 
morphs of Al,O, and SiO, are greatly influenced 
by the properties of the reactants and less by the 
bulk chemical composition.8 Therefore the pro- 
cessing parameters during reaction sintering have 
to be exactly tailored to produce complete mulliti- 
zation and high densification of the mullite ceramics. 
It has been shown that, by using submicrometre- 
sized powders with high surface energies and choos- 
ing fast heating rates during sintering, almost the 
theoretical densities and very high mullite contents 
can be obtained at relatively low temperatures 
(> 1 600°C).5m7 

Due to the wide variety of reaction parameters 
reported in previous studies, it is difficult to deter- 
mine the sintering and mullitization mechanisms. 
The aim of this study was to clarify matters by a 
systematic investigation of the role of two SiOZ 
reactants (amorphous glass and crystalline cristo- 
balite) in mullitization and densification as well as 
the interactions between densification and mulliti- 
zation during sintering, while the same a-A&O, 
powder was used in each case. Together with ear- 
lier studies on quartz/a-Al,O,,’ it may develop a 
new understanding of the role of the Si02 source 
on the mullitization process. 

1075 
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pure (>99.995 wt% AI,O,) and submicrometre- 
sized alumina powder was derived from aluminium 
alkoxide. 

The Si02 glass powder, provided by Heraeus 
Quarzglas (Hanau, Germany), was achieved by 
melting quartz. The as-received powder has coarse 
particle sizes ranging from 63 to 125 pm and con- 
tains 99.9 wt% SiOZ and a very low amount of 
Na,O (119 ppm), K20 (80 ppm) and CaO (80 
ppm). In order to increase the sintering activity, 
the SiOz glass powder was previously ball-milled 
to a particle size of 2 to 3 pm. The particles after 
milling were irregularly shaped and had a smooth 
surface. 

The cristobalite powder was achieved by 
heat-treating a quartz powder (Vp 795-10/l, 
Quarzwerke Frechen, Germany) at 1550°C for 
10 h. The starting quartz powder has submicro- 
metre size and consists of 98.5 wt% SiO*, 1 
wt% A1,03, and 0.05 wt% Fe,O,, 0.1 wt% NazO 
+ K,O and 0.1 wt% CaO + MgO. After conver- 
sion of quartz to cristobalite, the concentrat- 
ions of the impurities did not change. The 
cristobalite powder consists of spherical particles 
with smooth surfaces and particle sizes between 1 
and 10 pm. 

Powder processing and sintering 
The starting oxide powders were mixed in the stoi- 
chiometric composition of 3/2 mullite (71.8 wt% 
a-A1,03 and 28.2 wt% SiOJ. The mixed powders 
and 5 wt% of a combination of binders as press- 
ing aids were dispersed in isopropanol and 
homogenized by ball-milling for 5 h in a polymer 
container with S&N, milling balls. After evapora- 
tion of isopropanol, the mixtures were dried, 
sieved in a sieving machine (500 pm) and finally 
granulated by a tumble-mixer. Granulation of 
the mixtures allowed homogeneous and repro- 
ducible filling of the die, thus minimizing density 
gradients in the uniaxially pressed bar samples 
which had dimensions of 5 X 6 X 55 mm. After 
uniaxially die-pressing, the waxes were carefully 
burned out at 600°C with a very slow heating rate. 
The samples were then pressureless sintered in air 
at temperatures ranging between 1100 and 
1700°C. 

Dilatometer measurements 
Bar-shaped samples measuring 3.5 X 3.5 X 10 
mm were heated up to 1700°C in air in a differen- 
tial dilatometer (Bahr-Thermoanalyse GmbH, 
Hiillhorst, Germany). A constant heating rate of 
400 K h-’ was applied. Dense a-A&O3 was used as 
the reference material. The resulting data of 
length changes were differentiated using a computer 
program. 

Microstructure and observation of the phase 
composition 
Microstructural observations of fracture surfaces 
were carried out with a scanning electron micro- 
scope (Philips SEM 525 M). For further investiga- 
tion, a transmission electron microscope (Philips 
EM 430) with an LaB, filament and an accelera- 
tion voltage of 300 kV was used. X-ray 
diffractometer studies were carried out with 
a computer-controlled powder diffractometer 

(S iemens DSOOO) using Ni-filtered Cu K, 
radiation. Diffraction patterns were recorded in 
the 219 range 10” to 80”, in step scan mode (3 
s/0.02”, 20). Determination of the phase content was 
based on the comparison of X-ray diffraction int- 
ensities of samples with those of reference materials. 

Results 

Sintering behaviour 
Dilatometer studies carried out on green samples 
display, for both A&O, plus Si02 combinations, 
similar sintering behaviours which can be divided 
into four stages, although the temperature limits 
of these stages and rates of densification are differ- 
ent for both samples [Fig. l(a)]. 

During the first stage (up to 1100°C for RSS 
and 1200°C for RSC) no significant progress of 
the densification is observed, only a reversible low 
expansion effect at 270°C detected with the 
a-A&O3 + cristobalite (RSC) sample by differenti- 
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Fig. 1. Sintering behaviour of RSS and RSC samples during 
reaction sintering between room temperature and 17OO”C, 
heated with a rate of 400 K h-‘, and illustrated as (a) length 
shrinkage (dl) and (b) differentiated length shrinkage (dlldt) 

vs. temperature. 
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ating the shrinkage curves. This behaviour is 
related to the displacive low-high phase transition 
of cristobalite [Fig. l(b)]. 

The second stage of densification starts with a 
relatively low rate above about 1200°C for the 
RSC sample and above about 1100°C for the RSS 
(a-A&O, plus SiOZ glass) sample, and extends to 
the temperature at which mullitization starts (1500 
and 1485°C respectively). The rate and extent of 
densification depend on the SiOZ reactant. Above 
12OO”C, the RSS and RSC samples densify with a 
higher rate. The extent of length shrinkage at the 
end of the second stage is 11.8% for RSS and 
7.5% for RSC. 

For the RSC sample, after the third stage, a 
fourth stage above 1600°C has been observed. 
During this last stage, sample RSC exhibits a further 
length shrinkage of 4.7%. Counting the small 
amount of shrinkage whiclh occurs during mullitiza- 
tion (0.6%) the total length shrinkage in the RSC 
sample amounts to 12.8% at about 1700°C. Sam- 
ple RSS shows no length Ichange during this stage. 

Due to the mullite fomnation, the third stage of 
the densification process starts at the temperature 
at which the densification decreases for both sam- 
ples (RSS and RSC). For the RSS sample, this 
stage extends until the maximum temperature 
(17OO”C, after 4 h) is reached. 

Development of phase compositions 
Before the beginning of the mullitization process 
by the reaction of A&O3 and Si02, the amorphous 
Si02 particles of sample :RSS transform partly to 
cristobalite. According to the literature data pro- 
vided by Nurishi and Pa.sk3 on samples sintered 
using amorphous SiOZ and a-A1,03, amorphous 
SiOZ transforms to cristobalite and the successive 
reaction of cristobalite with corundum results in 
the formation of a metastable eutectic liquid 
phase. In this study, it was also observed that 
amorphous Si02 transforms to cristobalite prior 
to mullitization. In the RSS sample, cristobalite 
appears in the temperature range extending from 

RSC 

ipot, , .,A , 1 
” 
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Fig. 2. Glass-phase formation in RSS and RSC samples dur- 
ing reaction sintering between room temperature and 1800°C 

with a constant heating rate of 400 K h-l. 

1450 to 1650°C. Above about 1550°C an amor- 
phous SiO,-rich liquid phase forms which is in 
agreement with the observations of Nurishi and 
Pask3 (Fig. 2). Mullite formation in RSS sample 
occurs above about 1500°C and continues rapidly 
up to 1550°C. Between 1550 and 16OO”C, the rate 
of mullitization slows down but takes up again 
above 1600°C with a relatively fast rate (Fig. 3). 
In agreement with previous observations,7 it is 
determined that during reaction sintering of vari- 
ous A&O3 and Si02 sources, mullitization is corre- 
lated to the presence of cristobalite. 

Figure 3 shows that for both samples (RSS and 
RSC) mullite formation is a multiple-step process, 
extending over four temperature regions: nucle- 
ation (region I), a temperature range of high mul- 
litization rates (region II), a temperature field of 
low mullitization rates (region III) and, finally, at 

Sample RSC begins to mullitize above about 

high temperatures another high mullitization field 

1525°C. This temperature is somewhat higher 
than that of sample RSS, which starts at about 

(region IV). 

1500°C. Formation of amorphous SiO,-rich liquid 
phase occurs in sample RSC above about 1500°C 
being 50°C lower than that in sample RSS; the 
amount of this glass phase is significantly higher 
in sample RSC (Fig. 2). 

Development of microstructure 
By interrupting the heat treatment at definite tem- 
peratures in the range between 1000 and 1700°C 
and cooling the samples to room temperature, the 
development of grain morphology and the poros- 
ity have been observed for each sample by means 
of scanning electron microscopy (SEM). The first 
microstructural investigation was carried out on 
samples heat-treated at the temperature at which 
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Fig. 3. Mullite formation in RSS and RSC samples during 
reaction sintering between room temperature and 1800°C 

with a constant heating rate of 400 K h-‘. 
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the initial shrinkage occurs (approximately 
1200°C). The second check referred to the temper- 
ature of first appearance of mullite (approx. 
15OO’C). Finally, a third group of samples heat- 
treated at the temperature beyond the cristobalite 
stability field (> 1600°C) were investigated 
microstructurally. 

The RSS sample shows a particle rearrangement 
process during heating >I 100°C [Fig. 4(a)]. Owing 
to the production route of the cristobalite powder, 
sample RSC contains a coexisting relatively alkali- 
rich glass phase which was formed during the 

transformation of mother quartz to cristobalite 
[Fig. 5(a)]. This coexisting glass phase is transient 
and disappears above about 1200°C [Fig. 5(b)]. 

Above the mullite formation at about 1500°C 
both samples (RSC and RSS) generally show for- 
mation of contact points and strong adhesion of 
A1,03 particles to the surfaces of SiO, particles. In 
the RSS sample, adhesion of the A&O, particles is so 
strong that the surfaces of the SiOz particles 
become round [Fig. 4(b)]. In the RSC sample, the 
A&O, particles attach themselves onto the cristo- 
balite particle surfaces by neck formation [Fig. 

Fig. 4. SEM micrographs of RSS sample showing morphol- 
ogy changes during reaction sintering. Samples were heated 
to 1200°C (a), 145OT (b) and 1600°C (c) with a rate of 400 K 

h-‘. No holding time was allowed at the temperature. 

Fig. 5. SEM micrographs of RSC sample showing morphol- 
ogy changes during reaction sintering. Samples were heated 
to 1150°C (a), 1550°C (b) and 1625°C (c) with a rate of 400 

K h-‘. No holding time was allowed at the temperature. 
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5(b)]. Therefore, the degree of shrinkage in sample 
RSC (7.5%) is not as high as in sample RSS (11.8%). 

At temperatures higher than 1600°C cristobalite 
either melts or evaporates due to local reducing 
atmospheres, and, as a consequence, pores develop. 
These pores are surrounded by relatively coarse 
but well developed mullite grains and occur in 
previous contact areas of the A1,OJ and Si02 par- 
ticles [Figs 4(c) and 5(c)]. 

Discussion 

A schematic illustration of the microstructural 
development of reaction-sintered silica glass/a- 
Al,O, phase assemblage (RSS) is given in Fig. 6. 
Impurity-free silica glass does not form a viscous 
liquid phase at temperatures lower than 1400°C 
but shows viscous softening only. Due to the 
superficial softening of the SiOZ glass particles 
(>99~9 wt% SiO3, the fine A&O, particles pene- 
trate into the viscous particle surfaces, leading to 
a high degree of shrinkage. Especially above 
125O”C, the densification rate becomes very high. 
We believe that sintering takes place by a semi- 
viscous flow mechanism of the solid A&O3 parti- 
cles in viscous SiO, (Fig; 6). At higher sintering 
temperatures up to 1450°C the viscosity of the 

SiO,-glass 

.rn 

15oo"c 

1 a-Also, 1 

1600°C 

Fig. 6. Schematic illustration of reaction sintering process 
in RSS (amorphous SiO, + wAl,O,) sample demonstrating 

sintering and mullitization mechanisms. 

silica glass decreases, though the original grain 
shapes are preserved. Then, A13’ ions may diffuse 
further within the SiO, particles until the stochio- 
metrical mullite composition is achieved, although 
no muliite formation was observed [(Fig. 7(a)]. 
Above 145O”C, the SiOZ glass starts to transform 
to crystalline cristobalite [Fig. 7(b)] and above 
15OO”C, mullite formation occurs by reaction of 
cristobalite and corundum (region I, Fig. 3). Due 
to the short diffusion distances achieved by viscous- 
flow-assisted sintering, the rate of mullitization is 
high [Figs 3 and 7(a)]. The newly formed mullite 
grains grow, successively replacing the SiOZ parti- 
cles (region II, Fig. 2). According to microstruc- 
tural observations [Figs 4(c) and 7(c)] a ring-like 
formation of mullite grains develops around the 
former SiO, glass particles. Such mullite layers act 
as barriers for diffusing species and thus reduce the 
rate of mullitization (region III). Further increase 
in the sintering temperature above 1650°C causes 
melting of cristobalite and consequently promo- 
tion of mullitization (region IV, Fig. 2). 

A schematic illustration of the microstructural 
development of reaction-sintered cristobalite/a- 
A&O, phase assemblage (RSC) is given in Fig. 8. 
The microstructural investigation carried out on 
the reaction couple cristobalite/a-Al,0, (RSC) 
heat-treated at 1150°C indicates the formation of 
a metastable eutectic liquid phase [Fig. 5(a)]. This 
is in agreement with the observation of Rana et 

aL4 and Risbud and Pask.” The occurrence of a 
metastable liquid phase, in our case, is attributed 
to the presence of some small amount of alkali 
and iron impurities, introduced into the system by 
the cristobalite raw material (see Materials sec- 
tion). Densitication is promoted by the rearrange- 
ment of cristobalite and corundum particles at 
temperatures lower than 1300°C in the presence of 
coexisting viscous glass phase. The liquid phase is 
transient and disappears above 1300°C. As is 
shown in SEM micrographs [Fig. 5(b)], the parti- 
cles of cristobalite and corundum form contact 
points allowing species transport and giving rise to 
the formation of neck areas, which is typical of a 
solid-state sintering. I3 The slow mullitization rate 
may be attributed to the low diffusion rates and to 
the large diffusion distances which have to be con- 
sidered from the bulk to the neck areas. Forma- 
tion of mullite at the neck areas leads to the 
build-up of a stiff skeleton which cannot shrink 
further. This may explain the formation of a 
porous structure which is associated with a low 
degree of densification for RSC. The increase of 
the surface area of cristobalite particles by a pro- 
longed milling time does not increase the sinter- 
ability of the RSC sample but results in an 
increase in mullitization. This behaviour may be 
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attributed to the fact that the increase of particle tion, after mullitization, has been observed in 
contact areas promotes neck formation and mulli- cristobalite/a-Al,03 (RSC) system but not in silica 
tization but reduces the densification. glass/a-A&O3 (RSS) system (Fig. 1). 

As the mullite grains around the former large 
cristobalite particles grow, diffusion barriers form 
between the reaction partners and therefore fur- 
ther reaction to mullite is hindered [Figs 5(c) and 
81. As a result, large residual SiOZ regions are 
observed which are normally surrounded by layers 
of mullite. Above about 162O”C, cristobalite is 
converted to SiO,-rich liquid which enhances den-. 
sification by liquid-phase-assisted sintering but 
does not close all pores. This secondary densifica- 

Conclusion 

Silica glass/a-A&O3 (RSS) and cristobalite/cY-A1203 
(RSC) samples display two different sintering 
mechanisms at low temperatures (<15OO”C). RSS 
sample densifies through semi-viscous-flow sinter- 
ing, whereas RSC sample is characterized by a 
solid-state sintering. Solid-state sintering in RSC 

Fig. 7. TEM micrographs of reaction-sintered RSS sample at 145O’C (a), at 1625°C (b) and RSC sample at 1450°C (c). Samples 
were heated up with a rate of 400 K h-’ to the given temperature and no holding time was allowed. 
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Fig. 8. Schematic illustration of reaction sintering process 
in RSC sample (cristobalite + a-Al,Os) demonstrating sintering 

and mullitization mechanisms. 

samples causes a slower nucleation rate and a 
longer incubation period for mullite formation 
than does the viscous-flow sintering mechanism of 
RSS sample. This also can explain the higher mul- 
litization temperatures in RSC sample than in 
RSS. At temperatures higher than 16OO”C, further 
densification and mullitization are supported by a 
transient liquid-phase sintering in both RSS and 
RSC samples. Since a larger amount of unreacted 
SiO, remains in RSC sample during the solid-state 
sintering, due to the slower densification and mul- 
litization rates at temperatures lower than 15OO”C, 
formation of Si02 liquid phase at temperatures 
above 1600°C results in a higher mullitization rate 

and in an acceleration of densification compared 
with sample RSS [Fig. l(a)]. The two-stage 
process leads to a bimodal grain morphology. 
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Abstract ture coarsened the mullite and, as a consequence, 
the strength decreased. 

The eflect of sillimanite sand as a replacement for 
quartz and aluminakordierite glass-ceramic for 
feldspar was studied. Compositional variations 
were due to the gradual incorporation of alumina in 
place of cordierite glass-ceramic. Increased replace- 
ment of cordierite glass-ceramic by alumina (20%) 
increased the JEexural strength by lOO%, giving a 
value of 195 MPa. Elastic modulus, microhardness 
and fracture toughness also showed sharp increases 
compared with values for conventional triaxial 
whiteware compositions. Improvement in mechani- 
cal properties was attributed to the presence of silli- 
manite and alumina particles present as fracture- 
resistant dispersoids in 0 viscous glassy matrix. 
Increased fracture behaviour is due to minimization 
of the glassy phase and limiting the size of Gr@th ‘s 
flaws. 0 1996 Elsevier Science Limited. 

1 Introduction 

In recent years the electrical porcelain industry 
has been looking for higher mechanical strengths. 
The oldest bodies and those in most common use 
today are the felspathic porcelains made from 
clay, quartz and feldspar. Feldspar acts as a flux 
and quartz imparts rigidity to the wares. However, 
the unreacted residual quartz adversely affects the 
thermomechanical properties due to development 
of internal stresses in the glassy phase during 
phase transformation. 

The function of quartz in the strength of a 
whiteware body is a subject of dispute. Some authors 
assume that quartz particles introduce a prestress 
in the overall body whereby the glass matrix is put 
into compression, thereb.y increasing strength.14 
Others oppose this theory.i’-7 Experimental evidence 
on both views is abundant but remains inconclusive. 

Mullite content and its morphology have also 
been shown to affect the mechanical properties. It was 
reported 8,9 that the strength increased with increas- 
ing mullite content but that firing at high tempera- 

Considerable improvement in the strength was 
also achieved by reducing the particle size of the 
quartz to the range l&30 pm.“7 Attempts were also 
made to substitute quartz by non-conventional 
materials like alumina,““’ zircon,‘2 alumino-sili- 
cates13-15 and crystallizing glass,16 resulting in fruitful 
compositions. It was also shown” that a dispersion- 
strengthened glass matrix with high-strength parti- 
cles dispersed within the glass will limit the size of 
the Griffith flaw, thereby increasing the strength. 

Fluxing of porcelain bodies with feldspar results 
in glass with brittle fracture character. In this study 
feldspar was substituted by cordierite-based crystal- 
lizing glass possessing low thermal expansion and 
high thermal shock resistance. Also, quartz was fully 
substituted by sillimanite sand in an attempt to 
reduce the microstress. The advantage of using sil- 
limanite is twofold. Firstly, it is a waste material and 
is abundantly available. Secondly, being a volume- 
stable and highly fracture-resistant phase, it would 
result in improved mechanical properties. Alumina 
was substituted in place of cordierite glass-ceramic 
to further improve the mechanical properties. 

2 Experimental Procedure 

2.1 Raw materials 
Raw materials used in the present investigation 
were china clay (Rajmahal, Bihar), talc (Jaipur, 
Rajasthan), feldspar (Rajmahal, Bihar), quartz 
(Ranchi, Bihar), calcined alumina (INDAL Co. Ltd), 
beach sand sillimanite (a by-product obtained after 
separation of zircon, rare earths and other minerals 
from beach sand in Kerala) and reagent-grade Ti02. 
All the above materials were procured in ground 
form of at least -250 mesh (75 pm) size. X-ray pow- 
der diffraction (XRD) phase analysis and chemical 
analysis of the raw materials, given in Tables 1 
and 2 respectively, confirmed that the impurities 
present were within the compositional range, and 
thus would not grossly affect the fired properties. 
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Table 1. XRD analysis of raw materials 

Raw materials 

China clay 

Quartz 
Feldspar 
Talc 
Alumina 
Sillimanite sand 
Titanium dioxide 

Major phase 

Kaolinite 

Quartz 
Orthoclase 
Talc 
Corundum 
Sillimanite 
Anatase 

Minor phase 

Muscovite, rutile, 
quartz, illite 

Rutile 
Illite, muscovite 
Quartz, illite 

Quartz, zircon 

Table 2. Chemical analysis of raw materials 

Constituents China Feldspar Talc Quartz Calcined Sillimanite Titania 
(wt(%) Clay alumina sand 

SiOZ 4163 
Al@, 37.89 
Fe@3 0.56 
CaO 0.48 
MSQ 0.13 
Na,O 0.10 
K2O 0.18 
TiO, 0.61 
L.O.1 12.42 

6563 63.29 
19.19 0.76 
0.17 0.39 
Tr Tr 
0.49 31.56 
3.56 0.82 

10.42 0.06 
Tr Tr 
0.65 1.80 

99.06 0.09 37.50 0.38 
0.30 99.93 59.78 Tr 
0.19 0.06 0.37 0.21 
0.23 Tr 0.52 0.32 
Tr Tr 0.50 0.34 
0.06 0.05 0.07 0.10 
0.09 _ 0.04 0.26 
Tr Tr 0.16 98.01 
0.28 _ 0.30 0.32 

The glass-ceramic used in the present investigation 
was essentially of cordierite composition. Raw 
materials used were 37% china clay, 32% talc, 12% 
feldspar, 9% calcined alumina and 10% TiO, as a 
nucleating agent. Raw mixes were melted in an 
electric furnace and cooled for nucleation and 
growth of crystalline constituents. XRD analysis 
confirmed the presence of a-cordierite as the 
principal constituent. The nucleated powder was 
ground and added as a replacement for feldspar. 

2.2 Sample preparation 
Respective batch compositions (Table 3) were 
mixed in the required proportions and wet-milled 
in porcelain pots for 20 h with porcelain grinding 
media. Resultant slurries were passed over a mag- 
netic separator to remove iron contamination and 
sieved through -300 mesh (50 pm). They were fur- 
ther dried in Plaster of Paris moulds, just enough 
to make them amenable to extrusion. This was 
done to retain the plasticity of the clay. Previous 
experience with oven-dried powders did not give 
good results during extrusion as oven drying at 
110°C for 24 h destroyed the plastic nature of clay 
mixes. Mould-dried compositions were further aged 
in a moist atmosphere for regaining additional 
plasticity. 

Mixes were extruded in a vacuum extruder twice 
for thorough mixing. Resultant kneaded mixes were 
extruded in the form of cylindrical rods 6.0 cm in 
length and 0.8 cm diameter. After air drying at 
room temperature for 24 h they were further dried 
in an oven for 24 h at a temperature of 110°C. 

Samples were biscuit fired at 1000°C and were 
again ground and milled to powder of -300 mesh. 
Resultant powders were uniaxially pressed in the 
form of rectangular bars of dimensions 9.0 X I .O 
x 1 .O cm. They were oven dried and machined to 
cylindrical rods of 5.0 cm length with a diameter 
of 0.7 cm prior to firing. 

2.3 Measurements 
Density and porosity of fired samples were deter- 
mined by Archimedes’ immersion technique, involv- 
ing boiling in water for 2 h and a further soaking of 
24 h at ambient temperature. Relative densities 
of the fired test bars were determined from the 
bulk densities divided by their respective true 
densities. True densities were calculated by the law 
of averages. 

Bending strength was measured using an electro- 
mechanical universal tester (Instron 1195) in a four- 
point bending fixture. The crosshead speed was 
2 mm min’ with an inner and outer span of 20 
and 40 mm, respectively. 

Table 3. Raw material composition (wt%) used in the batches 

Raw material 
SI5 

China clay 50 
Sillimanite sand 25 
Cordierite 

glass-ceramic 15 
Alumina 

10 Quartz 

Ao 

50 
25 

25 
- 
_ 

Batch 

A/o 

50 
25 

15 
10 
_ 

‘415 A20 

50 50 
25 25 

10 5 
15 20 
- - 
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Modulus of elasticity was measured by the pulse- 
echo method by an ultrasonic tester (USIP 12). 

Microhardness and fracture toughness were 
measured on mirror polished surface by the inden- 
tation technique in a Vickers microhardness tester 
(Shimadzu HMV 2000). For each case a mean of 10 
measurements was taken. Fracture toughness was 
calculated from the form.ula given by Evans and 
Wilshaw.18 

3 Results and Discussion 

3.1 Vitrification behaviour 
Five batch compositions (Table 3) of porcelain 
bodies were fired between 1250 and 1550°C and the 
fired linear shrinkage, apparent porosity and bulk 
density measured to determine the vitrification 
behaviour. Results are shown in Fig. 1. Upon firing, 
all the properties measured showed the trend typical 
of conventional porcelain compositions. 

From Fig. 1 it is apparent that, in the present 
compositions, the porosity decreases with increasing 
firing temperature, with a corresponding rise in 
linear shrinkage and bulk density values. Optimum 
vitrification was achieved when the apparent porosity 
reached a minimum value tending to be nearly 
zero. Firing above the vitrified range resulted in a 
drastic fall of the physical properties due to forced 
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Fig. 1. Vitrification behaviour of porcelain compositions. 

expulsion of the entrapped gases, resulting in ‘blis- 
ters’ and ‘bloating’. Samples with increased alumina 
content vitrified at higher temperatures, giving 
greater shrinkage values due to elimination of 
porosity. Increase in shrinkage values also ensured 
more complete wetting and densification of the 
individual grains during the vitrification process. 

Differences in density of vitrified products is 
brought about primarily by the changes in porosity 
and the presence/formation of phases with varied 
densities. Correctly fired hard porcelain is non- 
porous in the sense that it is vacuum-tight and does 
not de-gas. On the other hand, it is porous as it has 
a number of closed unconnected pores, indicated 
by the difference between bulk and true powder 
densities. With increased replacement of cordierite 
glass-ceramic by alumina, bulk density increased 
with the rate decreasing comparatively at higher 
alumina (20%) content. Apparent porosity showed 
an inverse relation with bulk density, as expected. 

Increase in bulk density resulted from the progres- 
sive addition of higher density alumina (3.98 g cmm3) 
in place of nucleated cordierite (2.65 g cmm3) and also 
due to less formation of closed pores. Addition of 
15% quartz in place of alumina, however, increased 
the apparent porosity in vitrified samples. This was 
due to non-wettability of the crystalline phases by 
the lower amount of liquid phase formed. Simul- 
taneously the bulk density also decreased. 

3.2 Densification and flexural strength 
To discuss the degree of densification relative den- 
sity rather than bulk density must be compared, 
because the contents of the crystalline phases 
differed in their compositions. Figure 2 shows the 
relative densities of the four batches. The relative 

Firing temperature PJ 

Fig. 2. Densification behaviour and flexural strength variation 
with firing temperature. 
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density did not vary between them; all the bodies 
achieved a relative density between 91 and 92%. 
Generally, after the apparent porosity reaches zero, 
the closed porosity on extended heating tends to 
increase because of socalled ‘bloating’ with an abrupt 
decrease in relative density. Although the closed 
porosity could not be measured, uniform relative 
density values ensured almost similar presence of 
closed porosity in the vitrified compositions. 

In Fig. 2 the variation in flexural strength of the 
four compositions with increase in firing temperature 
is also shown. Flexural strength increased with 
increasing firing temperature reaching an optimum 
value at the respective relative density. Further 
heating decreased the flexural strength, similarly 
affecting the relative density. The temperature 
dependences of sintering and flexural strength were 
almost identical. Increased temperature of vitrifi- 
cation with higher alumina content was due to 
reduced glassy phase and increased presence of 
high refractory particles of alumina. 

3.3 Effect of body composition and fired phase 
assemblages on mechanical properties 

3.3. I Flexural strength 
Raw material compositions consisted of equal 
amounts of china clay and sillimanite sand, with a 
variation in the alumina and cordierite glass-ceramic 
contents. Fired compositions consisted almost wholly 
of mullite, undissolved sillimanite and an amorphous 
silica-rich phase. 

With increasing alumina content replacing the 
cordierite glass-ceramic, the flexural strength of 
vitrified samples increased in a parabolic manner 
(Fig. 3). Increased strength was attributed to: 

(i) the absence of quartz; 
(ii) the formation of mullite; and 
(iii) the presence of insoluble second phase. 

The increase in strength with progressive substitu- 
tion of cordierite glass-ceramic by alumina (Fig. 3) 
opposes the quartz prestressing theory.lA To prove 
the present conclusions, alumina in A,, was sub- 

112 J 

8 
I I I 

.O 1.4 
Alumina : Cor&%e 

4.2 

Fig. 3. Variation in flexural strength with increased alumina 
content. 

stituted completely by quartz. The drastic fall in 
strength confirmed that quartz does have a deleteri- 
ous effect on strength when present in a porcelain 
composition. 

Mullite in these compositions was formed from 
decomposition of the clay. With increased vitrification 
temperature, fine acicular needles of mullite dissolved 
and recrystallized as a stouter form. Thus the 
reported increase in strength was partly due to the 
stouter morphology of mullite needles. However, 
the observed variation in strength was also governed 
to a great extent by other factors, as the highest 
strength samples (A& showed no trace of mullite 
needles even when examined microscopically. 

Increased strength in the present compositions was 
mainly due to a dispersion-strengthened glassy matrix 
reinforced by high-strength alumina and sillimanite 
particles dispersed within the glass. These particles 
acted as a barrier to crack propagation when a 
stress was applied and also limited the size of 
Griffith’s flaws, thereby increasing strength. 

An additional factor for increased strength was 
the incorporation of cordierite glass-ceramic in place 
of feldspar which, due to controlled crystallization 
during cooling, led to the formation of high-strength 
microcrystalline structures. 

3.3.2 Modulus of elasticity (MOE) 
Figure 4 shows the effect of increasing alumina 
content (in lieu of cordierite glass-ceramic) on the 
MOE of vitrified specimens. With increasing alumina 
content MOE increased in a parabolic manner. 
Since elasticity depends on the amount and nature 
of porosity, its dependence on porosity is also 
shown in Fig. 5. This plot showed an inverse linear 
dependence between elasticity and porosity, as 
expected. The widely held view that Young’s modulus 
is directly proportional to the flexural strength’* 
has also been confirmed here. Factors responsible 
for increased strength also governed the increase 
in MOE values. 

21o I 
196 - 

140 I 
0.0 1.4 2.8 4.2 

Alumina : Cordierite 

Fig. 4. Variation in MOE with increasing alumina content. 
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3.3.3 Microhardness and fracture toughness 

Recently large toughness improvements were 
reported during the desig;n of new microstructures 
consisting of refractory particles dispersed as a sec- 
ond phase in a ceramic matrix. According to Rice,” 
significant toughness improvements require (1) that 
the diameter of the partic.les should be smaller than 
the typical flaw size in the ceramic matrix (= 20- 
50 pm) and (2) that the second phase should be 
dense and uniform in order to reduce the interparticle 
distance to a dimension smaller than the typical 
flaw size of the matrix.20 

With increased replacetment of cordierite glass- 
ceramic by alumina, both the microhardness and 
fracture toughness increased considerably (Fig. 6) 
compared with those of conventional triaxial white- 
ware composition. Increas,e in microhardness values 
on gradual substitution of cordierite glass-ceramic by 
alumina was due to the presence of high-hardness 

Ob7 - 0.00 * 0.14 0.21 0.28 

Apparent porosity IX1 

Fig. 5. Dependence of MOE on apparent porosity in vitrified 
samples. 

1120 . 

1.25 - I 

4.2 

Fig. 6. Variation of Vicker’s microhardness and fracture 
toughness with increasing replacement of cordierite glass- 

ceramic by alumina. 

and high-modulus sillimanite and alumina disper- 
soids embedded in a highly viscous glassy matrix. 

Increased toughness of vitrified specimens with 
increased alumina additions was due to crack imped- 
iment and deflection phenomena in a dispersion- 
strengthened high-viscous glassy matrix. This 
mechanism requires a fracture-resistant second phase, 
such as refractory particles (sillimanite and alumina 
particles in the present compositions) and is highly 
dependent on the dispersoid-matrix property mis- 
match.2’ The initial crack could be deflected by 
sufficiently weakened dispersoid-matrix interfaces 
which were preferred crack paths. The model of 
Faber and Evans2’ indicated that there was about a 
100% increase in the toughness values for particulate 
composites reinforced with spherical particles like 
alumina, sillimanite or small rods of mullite with an 
aspect ratio lower than about 3. Disc-shaped particles 
also have a considerable effect on composite 
toughening. 

4 Conclusion 

Replacement of quartz and feldspar by sillimanite 
sand and alumina/cordierite glass-ceramic, respec- 
tively, in a conventional porcelain composition 
increased both the physical and mechanical properties 
of the fired bodies. Increased shrinkage values at 
higher alumina additions (replacing cordierite glass- 
ceramic) denoted a greater densification and lesser 
formation of porosity. At lower temperatures of 
firing, mullite formation aids in increasing strength. 
At higher firing temperatures (1 SOO°C), although mul- 
lite dissolved in the glass, increased strength was due 
to a dispersion-strengthened glassy matrix. Rounded 
particles of sillimanite and alumina acted as disper- 
soids and helped in inhibiting crack propagation, 
thus increasing both the strength and fracture tough- 
ness values. Lowering of Griffith’s flaws was also 
favourable in improving the mechanical properties. 
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Abstract 

A great deal of research .work has been devoted to 
lowering the sintering temperature of ceramic powders 
of varied nature, to fulfil a variety of purposes. Both 
experimentation and theory show that the sintering 
temperature of alumina clan be lowered to 1400°C 
and below by using small particle sizes and certain 
additives like TiO, and/or A4nO. The general idea is 
that sintering is aided by the development of a liquid 
phase at this low temperature, due to the presence 
of the additives. However, there is no phase diagram 
available to throw light on this matter. For this reason, 
the present work was aimed at investigating the phase 
equilibrium relationships in the ternary, non-condensed 
system AlJO,-Ti01A4n0, in air. 

Selected compositions in this system were prepared 
from reagent-grade oxide,s, uniaxially pressed into 
6 mm cylindrical pellets, @red at temperatures between 
1000 and 1650°C for 2 ,to 22 h, water-quenched, 
and observed by X-ray dtflraction and scanning 
electron microscopy, the composition of some of the 
phases identtjied being evaluated by energy-dispersive 
spectroscopy. These experiments led to the de$nition 
of the compatibility triangles and a tentative location 
of the boundary curves between primary phaseJields 
is presented. 0 1996 Elsevier Science Limited. 

1 Introduction 

To aid the sintering process, i.e. to sinter faster or 
at lower temperatures, the reactivity of the particles 
to be sintered must be increased. In other words, 
finer grain sizes are needed. This effect is well docu- 
mented in the literature, for a variety of systems. 
However, in those cases in which the properties of 
the sintered body are not unduly reduced by the 
use of sintering aids, this is still the easiest way of 

*To whom correspondence should be addressed. 

lowering the sintering temperature. These aids 
promote sintering either by causing the development 
of solid solutions and lattice defects, or the develop 
ment of a liquid phase, both favouring the diffusion 
processes necessary to sintering. 

A number of researchers have studied the effect of 
various additives on the densification of non-reactive 
alumina powders, based on the liquid-phase mech- 
anism. l-3 The general conclusion is that there is an 
optimum amount of each additive at a given tem- 
perature to reach maximum density and, the higher 
the temperature, the smaller the amount of additive 
needed. With a liquid phase present at high tem- 
peratures, the resulting sintered alumina bodies are 
not adequate for structural applications. But alumina 
is still the ideal material for cold abrasion/erosion 
applications (e.g. thread guides, spray nozzles), 
where it is important to be able to sinter at lower 
temperatures. In these cases, the high-temperature 
liquid phase can even enhance the cold mechanical 
strength, an indirect measure of the abrasion resis- 
tance of the ceramic body. 

The work of Cutler et al. ’ on the effect of addi- 
tions of manganese, copper and titanium oxides 
on the sintering behaviour of alumina, showed 
that combinations of manganese and titanium 
oxides were the most effective in lowering the sin- 
tering temperature, especially when present in 
equal amounts. The authors detected the presence 
of a liquid phase and found that minimum grain 
growth occurred for 34% mixed additive, sintered 
between 1300 and 14OO”C, the resulting ceramic 
having reached densities of the order of 3.80 g 
crnSm3 More recently, Filbri et a1.3 investigated this 
same system from a different perspective, since 
they were trying to sinter high alumina composi- 
tions without a significant reduction in porosity. 
The authors kept the total amount of additives 
very low (2 O.S”), to stay close to the solid solu- 
bility limits (although there is no consensus on this 
value) and avoid the development of a liquid phase. 
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Research work such as this would be much easier 
if the phase diagram of the system A&O,-TiO,- 
MnO,-MnO was available. This system is a non- 
condensed one, in which the phase stability is deter- 
mined not only by the temperature and composition 
but also by the oxygen partial pressure in the gaseous 
phase. In air, it was observed4 that the evolution of 
oxygen as the temperature rises is not easily reversed 
on cooling. In other words, the high-temperature 
reduced forms tend to be retained at lower tempera- 
tures. This will be more the case when other com- 
ponents are present, with which the reduced oxide 
can react. Therefore, the phase equilibrium relation- 
ships in the system Al@-TiO,-MnO,-MnO can 
be approximated by those for the Al,O,-TiO,-MnO 
system at temperatures above 800°C. 

In the literature, only the isobaric phase diagrams 
of the binary systems are available,5 albeit old. Four 
binary compounds are reported, namely A1,03.Ti02 
(AT), MnO.Al,O, (MA), MnO.TiO, (MT) and 
2MnO.Ti0, (M,T). If no ternary compounds are 
formed within the system, its phase diagram should 
contain five solid-phase compatibility triangles and 
the corresponding five invariant points. The present 
work was aimed at investigating the phase equilib- 
rium relationships in the ternary, non-condensed 
system Al@-TiO,-MnO in air, and tentatively 
locating the position of the invariant points. 

2 Experimental Procedure 

In the present work, selected compositions were pre- 
pared from BDH alumina powder (chromatography), 
after dry grinding in a planetary mill for 30 min, 
Ti02 (Merck) and MnO, (Merck) powders, all 
sieved through 43 pm (325 mesh). 

Prior to any experiments, the mineralogy of the 
starting powders was confirmed by X-ray diffraction 
(XRD; using Cu K, radiation). Moreover, the oxi- 
dation behaviour of the manganese oxide, kept dry 
in sealed containers, was investigated by thermo- 
gravimetric analysis (TGA) using a Stanton Redcroft 
thermobalance with a 2°C min’ heating (and cool- 
ing) rate, up to 1200°C. 

The appropriate amounts of the reactants were 
dry-mixed for 30 min in a Glen-Creston mixer- 
miller, and uniaxially dry-pressed into 6 mm cylin- 
drical pellets using a hard-steel die under a pressure 
of -50 MPa. Each pellet was then wrapped in 
platinum foil, lowered into the furnace held at the 
chosen soaking temperature (Sic vertical tube fur- 
nace for temperatures up to 1450°C or a molybde- 
num-wound vertical tube furnace for higher 
temperatures), kept at that temperature for 2 to 22 
h, and water-quenched. Temperatures were mea- 
sured with Pt/Pt-13% thermocouples. 

To guarantee that equilibrium had been estab- 
lished, particularly in those samples fired at lower 
temperatures, the same composition was held for 
successively longer times at the particular temper- 
ature, until the phase assemblage observed did 
not change any further. The shortest time required 
to attain this was then considered to be enough to 
establish the equilibrium state. Naturally, samples 
fired at higher temperatures, most of which con- 
tained a liquid phase, needed shorter firing times. 

The fired samples were then prepared for 
X-ray powder diffraction and/or scanning electron 
microscopy (SEM) analysis (Jeol JSM-35C) on 
epoxy-mounted polished surfaces. Different phases 
present different morphologies and colours, to each 
of which a typical composition could be indexed 
by semi-quantitative energy-dispersive spectrometer 
(EDS) analysis (Tracer TN 2000). Sample charging 
in SEM and EDS was prevented by carbon coating. 
EDS was carried out using elemental standards, 
the oxygen being calculated by difference. 

Table 1 gathers the relevant data so obtained, after 
correcting the compositions for the corresponding 
oxygen loss. This table is constructed in the usual 
way for phase equilibrium studies in ceramic oxide 
systems, 6 i.e. only the major phases present are 
listed, those present in only trace amounts, or 
when they do not represent true equilibrium, 
being shown in parentheses. Sometimes, due to 
the poorly defined microstructure, some details 
could not be determined unambiguously during 
microscopic examination. In these cases the particular 
phase assemblage is listed as ‘poor microstructure’. 

3 Results and Discussion 

3.1 Oxidation behaviour of manganese oxide 
Although alumina and titania are stable oxides in 
air, even at high temperatures, in the Mn-0 system 
the oxides MN02, Mn,03, Mn,O, and MnO exist 
as stable phases that can interconvert depending on 
the temperature and the oxygen partial pressure. 
The reactions between the condensed phases and 
the oxygen of the gaseous phase in such metal- 
oxygen systems can easily be investigated by TGA, 
where the oxygen evolution caused by the tempera- 
ture rise translates into directly recordable weight 
loss. In the binary systems like Mn-0, it is partic- 
ularly helpful to‘convert the weight loss curves into 
dissociation curves, plotting the remaining oxygen/ 
initial metal molar ratio, O/Mn, against temperature. 

Figure l(A) shows the weight loss curve obtained 
in air from a sample of manganese oxide initially 
weighing 354.8 mg. As can be observed, there is 
an initial, small, slow weight loss corresponding to 
the change in oxygen stoichiometry as the isobar 
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Table 1. Selected compositions and phases identified in the system A1203-Ti02-MnO 
(A = alumina; T = titania; M = manganesia) 

A&O, 

Composition (w&J) 

MnO TiOz 

Temp Time Phase iden tljied 

f”C) (h) (SEM) 

65.00 3000 
(1) 

65.00 25.00 

(2) 

65.00 17Gl 

(3) 

65.00 10.00 

(4) 

49JlO 46.00 
(5) 

40.00 55.00 

(6) 

4@00 4500 

(7) 

4040 35.00 

(8) 

40.00 20.00 
(9) 

40.00 5.00 
(IO) 

20.00 62.50 
(11) 

20.00 54.00 

(12) 

20.00 43xKl 

(13) 

2000 2oxIO 

(14) 

1oNl 85.00 
(15) 

1oIIo 550l 

(16) 

10.00 5@0 
(17) 

5xMl 1457 4 MA+A+liquid 
1496 2 MA+A+liquid 
1600 4 MA+A+liquid 

lOxI 1300 18 MA+A+liquid 
1342 4 MA+A+liquid 
1386 4 MA+A+liquid 
1447 4 MA+A+liquid 
1496 2 MA+A+liquid 

1800 

25.00 

5xYJO 

5.00 

15.00 

25.00 

4oxKl 

55.00 

17.50 

26.00 

37.00 

1250 
1342 
1396 
1447 
1496 

1335 
1378 
1447 
1600 

1100 
1200 
1300 

1290 
1340 
1381 
1446 
1535 

1100 
1340 
1381 
1457 
1535 

22 
4 
4 
4 
2 

Poor microstructure 
Poor microstructure 
A+AT+liquid 
A+liquid 

MA+MT+liquid 
MA(+MT)+liquid 
MA+liquid 

MA(+T)+liquid 
MA+liquid 
MA+liquid 
MA+liquid 
MA(+T)+liquid 

MA+MT+liquid 
MA(+MT)+fiquid 
MA(+MT)+liquid 
MA+liquid 
liquid(+MA) 

1030 19 Poor microstructure 
1208 11 MT+MA+A(+liquid) 
1250 16 MT+MA(+A)+liquid 
1290 10 MT+MA(+A)+liquid 
1320 17 MT(+A)+liquid 
1400 4 Abundant liquid 

1340 4 MT(+A)+AT+liquid 

1342 
1446 
1650 

1100 

1035 16 Poor microstructure 
1098 4 MT+MA+liquid 
1210 72” MT+MA+liquid 
1250 16 MT+MA+liquid 
1300 12 Abundant liquid 

1035 16 
19 
7z’ 

19 
18 
16 

Poor microstructure 
Poor microstructure 
Poor microstructure 
MT+MA+liquid 
MT+abundant liquid 
Abundant liquid 

Poor microstructure 
Poor microstructure 
MT+AT+liquid 
MT+AT+liquid 

M(+T)+MA+liquid 
M(+T)+liquid 
M(+T)+liquid 

1098 
1210 
1250 
1300 
1380 

60X)0 1100 
1126 
1210 
1252 

5.00 1200 
1300 
1380 

35xHl 990 
1126 
1252 
1290 

85.00 1300 

16 A+MT+liquid 
4 A(+MT)+liquid 

19 A+liquid 
4 A(+MT)+liquid 
2 A+liquid 

4 
4 
6 

22 

4 
5 
720 

!9 

12 
12 
16 

12 Poor microstructure 
5 MT+MA(+A)+ab.liquid 

19 MT+M,T+liquid 
11 MT+M,T+liquid 

12 T+AT+liquid 

AT+T(+A)+liquid 
AT+T+liquid 
AT+liquid 

MT+M,T+liquid 
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traverses the dioxide single-phase field. At constant 
pressure, isothermal weight losses, corresponding to 
sharp changes in the O/Mn molar ratio, describe the 
isobaric invariant equilibrium between two con- 
densed phases. Such a sharp change can be observed 
at ~630°C which corresponds to the invariant 
equilibrium between the original ‘MnO,’ and non- 
stoichiometric Mn,O,. Up to =725”C a gradual 
conversion to Mn,O, occurs, suggesting that there 
is a region of continuous mutual solid solubility 
between the sesquioxide and the spine1 instead of 
invariant equilibrium between the two phases. This 
is followed by a second gradual conversion of the 
spine1 to MnO, which is complete at 2: 800°C. Above 
this temperature MN0 is the stable oxide, showing 
clear oxygen deficiency above 960°C. Assuming that 
the O/Mn molar ratio at = 800°C is unity, then, by 

70.0 

60.0 
t 

%” LL[ 
0 200 400 600 

Temperature CC) 

(B) 2-oo- 
1.80 - 

.S 
1.60 - 

E 
1 1.40 - 

S 
O 1.20 - 

I”‘1 “““‘I 
O**Oo 

“““““‘I 
200 400 600 800 1000 1200 

Temperature (“C) 

Fig. 1. TGA curves obtained for 354.8 mg of original MnO,: 
(A) weight loss curve, and (B) corrected dissociation curve. 

working backwards, it is possible to calculate the 
oxygen stoichiometry in the starting manganese oxide 
and plot a corrected O/Mn molar ratio vs. tempera- 
ture curve, as shown in Fig. l(B). It is known that 
commercial ‘Mnq varies from MN01.98 to Mn01.7,, 
and the starting oxide was found to be MnO,+,,. 

The difficulty in reversing the oxygen loss became 
apparent when no significant weight gain was 
recorded upon cooling. This was confirmed by X-ray 
diffraction of the powder after TGA, which showed 
only MnO and Mn,O, (no MnO,) peaks. 

In the light of these findings, it is valid to approx- 
imate the phase equilibrium relationships in the 
system Al@-TiO,-MnO,-MnO to those for the 
Al@-TiO,-MnO system at temperatures above 
800°C. 

3.2 Choice of the solid-phase compatibility triangles 
Only the isobaric phase diagrams of the binary 
systems are available in the literature’ and four 
binary compounds are reported: A120,.Ti0, (AT), 
MnO.Al,O, (MA), MnO.TiO, (MT) and 2MnO.Tiq 
(M,T). Of these, only MT shows incongruent melt- 
ing behaviour. As for AT, there has been a recent 
resurgence of interest in this material due to radical 
improvements in microstructural control allied to its 
excellent thermal properties. Its successful application 
relies on the ability to control the microcracking 
phenomenon and understand the decomposition 
behaviour. Even though considerable work has been 
carried out to explain the mechanism of decompo- 
sition and the effect of additives on such behaviour, 
the important fact remains that AT is unstable 
below - 1200°C 7-9 

As described ‘elsewhere,” preliminary work was 
carried out to investigate which were the compati- 
bility triangles in the system. If no ternary com- 
pounds are formed within the system, its phase 
diagram should contain five solid-phase compati- 
bility triangles (which can be arranged in seven alter- 
native ways) and the corresponding five invariant 
points. A set of carefully chosen compositions was 
fired between 1100 and 1400°C for 4 to 7 h, to estab- 
lish equilibrium, and slow-cooled to ambient temper- 
ature. Powder X-ray diffraction analysis carried out 
on these samples showed that no ternary compounds 
are indeed formed within the system and that the 
solid-phase compatibility triangles are set as shown 
in Fig. 2 (AT room-temperature instability is 
accounted for by showing the AT-MT tie-line as a 
dashed line). 

3.3. Microstructure analysis of selected 
compositions 
In all the samples, and when present, the titania 
grains appear as rounded white crystals [Fig. 3(A)]; 
alumina is always very dark grey (almost black) and 
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*Z”3 

MI-l0 
M2T MT 

TiO, 

Fig. 2. Layout of solid-phase compatibility triangles” (AT 
room-temperature instability is accounted for by showing the 

AT-MT tie-line as a dashed line). 

appears either as well developed long polygonal 
grains [Fig. 3(B)] or smaller round ones; AT crystals 
are also polygonal, but of a lighter grey (Figs 3(A), 
(B)]; MT grains show up with smooth contours and 
are very light grey [Figs 3(B), (C)] whereas MA grains 

the system A1,OrTiO,-MnO 1093 

are long, smooth and medium grey [Fig. 3(C)]. M 
crystals are polygonal and light grey. The M2T 
phase is rather hard to pick up and usually 
appears as grey areas associated with T and/or 
MT grains. The intergranular phase of various 
greys (lighter in the alumina-rich compositions, 
darker in the manganesia-rich ones) is the liquid 
(glass) phase. Black spots are pores. 

Samples frequently appear profusely cracked, 
particularly the glassy phase, due to the thermal 
shock during quenching. It was found that the liquid 
phase sometimes devitrifies during quenching, with 
crystallization of dendrites. Also, unreacted alumina 
and/or titania grains can sometimes be found. Such 
non-equilibrium phases, readily identified in the 
microstructure, are placed in parentheses in Table 1. 

3.4 Tentative phase diagram for the system 
A1,03-TiO,-MnO 
The first working hypothesis assumed during this 
investigation was that the MT phase would keep 
it perithetic behaviour inside the ternary system. 
That was never contradicted by the experimental 
data obtained. Then, the location and character of 

(4 (B) 

Fig. 3. Representative microstructures observed in the samples investigated: (A) 40 A&O3 + 55 TiO, + 5 MnO, at 1342’C show- 
ing titania grains (white) and AT grains (grey), thermal shock cracks, liquid films and pores (black). (B) 40 A&O, + 40 TiO, + 20 
MnO, at 1340°C showing one unreacted alumina crystal (very dark grey), AT grains (grey), MT grains (light grey), a patch of 
devitrified liquid phase and extensive thermal shock cracks. (C) 20 A1,Oj + 26 TiOz + 54 MnO, at 1250°C showing MA grains 

(medium grey), MT grains (light grey) and intergranular liquid films. 
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Al 
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o Liquid(L) 

q A+L 

x M+L 

+ MA+L 

0 AT+L 

lsl MT+L 

* M+MA+L 
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Fig. 4. Isoplethal sections: (A) at constant 65 and 40 wt% A1203 and key to symbols, (B) at constant 20 and 10 wt% A1203 and 
(C) at constant 5 wt% TiOz and 5 wt% MnO. 
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the ternary invariant points had to be chosen and 
worked with. For each of these working hypotheses, 
isoplethal sections similar to those in Fig. 4 were 
constructed. When a conflict between the phase 
fields in the isoplethal sections and the experimen- 
tal data was found, the location and/or character 
of the ternary invariant points (and the boundary 
lines connecting them) was changed in order to 
resolve the conflict. Several such iterations were 
needed until the final version of the isoplethal 
sections, presented in Fig. 4, was reached. 

From them and the relevant information extracted 
from the binary systems,’ Fig. 5 was constructed. 
Shown in the diagram are the composition points 
mentioned in Table 1 and the corresponding primary 
crystallization paths. In this diagram, the location 
of all the liquid isotherms and the invariant points 
are but educated guesses, to suit the experimental 
results obtained. 

4 Implications for the Low-Temperature Sintering 
of Alumina 

The ternary system Al,O,-TiO,-MnO is a rather 
good example of how the combination of three 
refractory components can produce low-temperature 

liquid phases. From the three binary systems that 
compose the ternary Al,O,-Ti02--MnO, only the 
liquid phases in the binary TiO,-MnO can be con- 
sidered as low-temperature ones. Thus, any low- 
temperature liquidus region within the ternary was 
expected to lie close to this binary. What could 
not have been guessed was the extension (and flat- 
ness) of the low-temperature liquidus plateau at 
about 13OO”C, occupying most of the central region 
of the ternary, bordered by sharp rising liquidus 
surfaces towards the high-temperature binaries 
Al@-MnO and A1,03-Ti02. In fact, the results 
of the present work suggest that there might be a 
scant 100°C decrease in liquidus temperature over 
a composition range of roughly 40% in alumina. 

Given the low solid solubility of TiO, and MnO 
in alumina reported by various authors, particularly 
at low temperatures,3 the sintering-aid effect of these 
oxides would mostly be accomplished by a liquid- 
phase mechanism, noticeable at temperatures above 
1300°C. Since the low-temperature liquidus plateau 
is roughly circular and located almost symmetri- 
cally in relation to the Al,O,-MnO and Al,O,-TiO, 
binaries, it is no surprise that equal amounts of 
manganese and titanium oxides are the most effec- 
tive combination in lowering the sintering temper- 
ature of alumina. Also, the amount of liquid phase 

A1203 
-2050 “C 

-1785 “C 
-1330 “C 

TiO, 

w 
-1845 “C 

Fig. 5. Tentative phase diagram for the system Al@-TiO,MnO. The locations of all the liquid isotherms and the invariant 
points are but educated guesses, to suit the information extracted from the binary systems’ and the experimental results obtained. 
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formed depends on the proximity of the eutectic 
valley to the alumina corner: the closer the valley, 
the larger the amount of liquid. This explains why 
that particular combination is an effective sinter- 
ing aid even when present in such small amounts. 

Another feature to note is the steepness of the 
liquidus surface towards the alumina corner and 
away from the central region. This implies that the 
quantity of liquid needed to aid sintering can be cho- 
sen carefully by selecting the correct composition; 
the quantity of liquid will then be relatively con- 
stant for a wide span of temperatures. This gives a 
highly convenient system from the point of view of 
manufacturing in precisely the same way that the 
liquid immiscibility plateau in the lime-silica system 
explains the special aptitude of lime as additive in 
the manufacture of silica bricks or that the silica 
viscosity makes the manufacturing of porcelains 
relatively forgiving. A quick calculation using the 
lever rule shows that 4% of the mixed oxides pro- 
duce a quantity of liquid that varies very little 
with temperature, as shown below: 

Temperature(“C) 1200 1250 1300 1400 1500 
%Liquid phase 6.3 7.0 7.2 7.7 7.9 

5 Conclusions 

Earlier research workle3 showed that non-reactive 
alumina powders could be sintered at temperatures 
below 1400°C using combinations of titanium and 
manganese oxides as sintering aids. Phase equilibrium 
research work carried out with selected composi- 
tions in the system Al,O,-TiO,-MnO, in air, led 
to the construction of a plausible version of its 
phase diagram. The tentative diagram shows that in 
the composition range for low-temperature sinter- 
able aluminas (containing sintering aids), initial 
melting occurs below 1300°C and sintering is assisted 
by a liquid phase as proposed by the earlier authors. 

In this diagram, the location of the liquid isotherms 
and the invariant points are educated guesses and 
extensive experimental work would be needed to 
establish their exact location. 
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Abstract 

The influence of yttrium on the microstructure and 
toughness of a-alumina is studied as a function of oxy- 
gen partial pressure and chemical state of the doping 
element. For doping amounts higher than 0.03 mol% 
of Y,O,, Y,AI,O,, garnet precipitates and the alumina 
grain size is then limited by such a precipitation along 
grain boundaries. For doping amounts lower than or 
equal to 0.03 mole/o of Y,O,, yttrium ions are in solid 
solution as defect complexes of the type (2 Y-i, + m VG 
+ nOJWW . and segregates along grain boundaries. 
The stability of the defect complexes is promoted by 
low oxygen pressures and the grain size is limited 
by the yttrium segregation along grain boundaries. At 
high oxygen pressures, the yttrium solubility decreases 
and an enrichment in yttrium is observed at the sample 
surface. Simultaneously, an abnormal alumina grain 
growth appears. The alumina toughness, estimated by 
indentation, is improved by the presence of defect com- 
plexes at low oxygen pressures while the Y,Al,O,, 
garnet precipitates increase the alumina brittleness. 
0 1996 Elsevier Science Limited. 

Nous avons ktudit! le Me de l>ttrium sur la 
microstructure et sur la tknacitt de l’alumine-a en 
relation avec la pression purtielle dbxygkne et l’ktat 
chimique du dopant. Pour des teneurs en dopant plus 
grandes que 0,03% mol. Y,O,, ljlttrium prkcipite 
sous forme Y,Al,O,,, la taille de grains est alors 
limitke par la prkpitation de cette phase aux joints de 
grains. Pour des teneurs I t3,03%, mol. Y203 l’yttrium 
est en solution solide et s&&ge aux joints de grains. 
Dans cet Ptat 1 yttrium forme des dkfauts complexes 
du type (2Yi, + m Vi+ n0i”)2(n+ni ’ dont la stabilitk est 
favorike par les faibles pressions partielles d’oxygtine, 
Dans ce cas, la taille de grains et leur grossissement 
anormal sont limit& par la skgrkgation de I’yttrium 

aux joints de grains. Les fortes pressions dbxyg&e 
au contraire diminuent la solubilitb de l’yttrium ce 
qui induit alors, aprb recuit un Pnrichissement de la 
surface des echantillons en yttrium provenant du coeur 
du matkriau et un grossissement anormal des grains 
d hlumine. La tknacitk de 1 ‘alumine a ttt &al&e par 
indentation: La ttnacitP de l’alumine est 1kgPrement 
amkliorke en prksence de complexes de dkfauts intro- 
duits aux basses pressions d’oxyggne alors que la phase 
durcissante Y,Al,O,, rend le matkriau plus fragile. 

1 Introduction 

Alumina is one of the most stoichiometric oxides and 
both its transport properties and its microstructure 
are strongly dependent on the amount of impurities 
present. 

In the case of an intrinsic ceramic, the thermody- 
namic factors responsible for the creation of point 
defects during its elaboration are the temperature 
and the oxygen pressure. At high oxygen partial 
pressure, the promoted point defects consists of alu- 
minium vacancies ([VA,“‘] 0~ (JJO,)~“~) and oxygen 
interstitials ([O,“] 0~ (p0,)“6) whereas, at low oxygen 
pressure, the promoted point defects are the oxy- 
gen vacancies ([V@ = (p02)-“6) and the aluminium 
interstitials ([Al:;‘] 0~ (JJO,)~~“~). 

In the case of an extrinsic alumina doped by 
yttrium, studies by EXAFS of the local disorder 
around yttrium atoms and by electron diffractionlm3 
indicate that for yttrium contents greater than 300 
ppm mol Y,03, most of the yttrium is precipitated 
as yttrogarnet phase Y3Al5O,2, while for yttrium 
contents less than or equal to 300 ppm mol Y2O3, 
yttrium atoms are in solid solution in the polycrys- 
talline alumina samples. This is shown schematically 
in Figs l(a) and (b) where it appears that the Fourier 
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transformed spectra of 1 or 0.1 mol% Y,O,-doped 
A&O3 are close to that of Y,A1,0i2 [Fig. l(a)] while 
the spectrum related to 300 ppm mol Y,O,-doped 
A1,03 is close to that of A&O, [Fig. l(b)], indicating 
that yttrium ions (Y3+) in solid solution are localized 
on cationic sites. The number of first neighbouring 
atoms around yttrium on aluminium sites (N, = 3, 
see Table 1) is lower than that around aluminium 
ions in alumina (N, = 6) or that in standard com- 
pounds such as Y,03 and Y,Al,O,,, for which the 
coordination is equal to 6 or 8, respectively. Due 
to their great size, yttrium ions in solid solution 
induce oxygen lattice distortions:‘m3 around each 
yttrium ion ‘m’ oxygen vacancies (V;;) are created 

D 1.4 2.3 4.2 5.6 7 

R(h 

(a) 

0 2 

‘R(A) * 
5 5 7 

W 

Fig. 1. (a) Fourier transform spectra (uncorrected for phase 
shift) of standards: Y,Al,O,r, Y,O, and highly doped rY-aluminas 
(1 mol% of Y,O,). (b) Fourier transform spectrum calculated 
for a-Al,Os with dissolved yttrium ions located on aluminium 
sites (taking into account the size effect of yttrium ions with 
the creation of oxygen vacancies in the first shell of oxygen 
neighbouring species) and experimental spectrum for the 

0.03 mol% Y,O,-doped a-alumina. 

Table 1. Values of the parameters R,{A) and Nj for undoped 
alumina, and determined from the A and B peaks for the 
0.03 mol% Y,O, polycrystalline doped alumina [Fig. l(b)]. 
R,(A) is the distance between neighbouring atoms and Nj is 

the number of neighbouring atoms 

Sample Shell R/A) q 

YAI-O 1.912 6 
Y,,-Al 2.755 4 

-41203 Y,,-Al 3.403 9 
yAl-” 3.405 9 

<Y-o>1 2.325 f 0.08 2.7 + 0.5 
0.03 mol% Y,03 <Y-Al>2 2.741 f 0.08 2.6 f 1 

<Y-o>3 2.845 + 0.08 1.7f 1 

with m = 2.7, and ‘n’ oxygen interstitials appear in a 
second intermediate shell with n = 1.7. This corre- 
sponds to the creation of defect complexes which 
can be written as: 

30, + 2yxAi +~Y$J + rn& + nOi”)*‘“““) + 

3-n 
2 O2 + 2(m - n)e’ with m > n (1) 

with m > n. Thus, the concentration of the defect 
complex (2Yi, + mV;+ nOf’)2cm-n)*) depends on the 
oxygen pressure. 

Observations and analyses by transmission electron 
microscopy have suggested that most of the yttrium 
is segregated along grain boundaries.‘y3 Segregation 
phenomena and the amount and nature of the 
point defects in a ceramic such as alumina are very 
important for most of its properties, particularly 
for transport and mechanical properties or for the 
protective character of alumina scales developed 
on former alumina alloys. Thus it is important to 
relate the microscopic defects (point defects, segrega- 
tion, etc.) to the macroscopic properties of alumina. 
In the first part of this work, the effect of yttrium 
doping on the microstructure of a-alumina will be 
presented, and the influence of oxygen pressure on 
the amount and nature of the point defects and on 
segregation phenomena will be analysed. In the sec- 
ond part, the evolution of alumina toughness as a 
function of the microstructure and the chemical 
state of yttrium will be presented and discussed. 

2 Experimental Procedure 

2.1 Materials and heat treatments 
Several a-aluminas, either without or with yttrium 
doping corresponding to 1, 0.1 and 0.03 mol% 
Y203,3,4 were prepared by powder sintering carried 
out under secondary vacuum in a graphitic crucible 
(PO, = 1@i3 atm).5 The microstructural observations 
were made on five types of sample: as-sintered 
samples (PO, = 10-13 atm); and samples heat-treated 
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at either 1400 or 1650°C for times varying between 
15 min to 75 h, then air-quenched. 

The heat treatments were performed either in air 
in an alumina crucible or at low oxygen pressure 
via CO gas (PO, = lo-l6 atm at 1650°C). In the 
case of heat treatments in a reducing atmosphere, 
in order to avoid carbon contamination the samples 
were placed first in a alumina crucible which, in 
turn, was placed in a closed graphitic crucible. 

2.2 Microstructural observations and image analyses 
The sample microstructure was observed by scanning 
electron microscopy @EM:) with backscattered elec- 
trons on a digitalized Stereoscan Leica 260 SEM 
equipped with an energy-dispersive X-ray analysis 
(EDAX) system. Image treatment was conducted via 
OPTILAB software from Graftek. It is first neces- 
sary to reproduce the sam:ple surface microstructure 
obtained from backscattered electrons on tracing 
paper. Such plots are then transformed via an optical 
camera into binary images which are then transferred 
to the computer to be analysed. 

Complementary data were obtained by chemical 
analyses performed on thin foils by transmission 
electron microscopy (TEM[) equipped with scanning 
tunnelling electron microscopy (STEM) device 
and an EXDS system. Such a technique was used 
especially for the a-alumina doped with 0.03 mol% 

Y@3. 

2.3 Toughness measurements 
In order to characterize the ceramic toughness and 
the effect of yttrium doping, indentation tests were 
performed in macrohardness mode with a load 
of 1 kg and in microhardness mode with a load of 
200 g, using a Vickers indentor. This technique, 
first proposed by Evans and Charles6 allows a 
quick determination of the toughness of small 
samples of ceramic materialsc9 In the conditions 
used, the imprints have an average size of about 
30 pm with the macrohardness mode and 15 pm 
with the microhardness mode. 
enabling the Vickers hardness H, 
ness K to be calculated are: 

The relations 
and the tough- 

H, = 1.8544 pg 
(2a)2 

and 

where P is the applied load, g is the acceleration 
due to gravity, 2a is the imprint diameter, E is the 
Young’s modulus of the material and 2c is the radial 
crack length. Measurement of the crack length 
(2~) and the imprint size (2~) was performed by 
optical and scanning electron microscopies. 

3 Results and Discussion 

3.1 Morphology of samples heat-treated in air at 
1400 or 1650°C 
Grain size distribution plots were established on a 
population of about 1300 grains at 1400 and 1650°C. 
As an example, Fig. 3 shows the grain size distribu- 
tion as a function of the amount of yttrium dopant 
(0, 0.03 and 1 mol% of Y2O3) and duration of the 
heat treatment (1, 24 and 72 h) at 14OO”C, in air. 
Simultaneously, observations of the sample surface by 
SEM (Fig. 4) indicate that, whatever the temperature 
and duration of the heat treatment in air, the grain 
size of highly doped alumina samples (1 mol% of 
Y2O3) is smaller than that of other alumina samples 
(undoped or 0.03 mol% of Y203). In the highly doped 
samples, the grain size and the distribution of the pre- 
cipitated second phase (Y3Al5O12) are homogeneous 
on all the sample, whatever the heat treatment tem- 
perature [Fig. 4(a)]. In contrast, for the weakly doped 
samples [particularly for 0.03 mol% of Y2O3, 
Fig. 4(b)], there is heterogeneous grain size distribu- 
tion with an abnormal grain growth. Such an analysis 
indicates that the amount of yttrium necessary to 
avoid the abnormal grain growth during heat treat- 
ments in air at high temperature is around 1 mol% 

y2°3* 
The results of a kinetic study on the surface segre- 

gation of yttrium associated with precipitation of 
the yttrogarnet phase Y3Al5O32 at 1400 and 1650°C 
are collected in Fig. 5 for the density of precipitates 
according to their surfaces and in Fig. 6 for the 
microstructure in the case of a-alumina doped with 
0.03 mol% Y2O3 as an example. Whatever the tem- 
perature and the yttrium content, the amount of 
Y3Al5O12 phase at the alumina surface increases with 
time. This indicates that a dynamic segregation occur- 
ring during cooling can be excluded and that the 
precipitation of yttrogarnet results from an equi- 
librium segregation. The relative proportion of the 
Y3Al,Oi2 phase localized along grain boundaries 

Fig. 2. Micrograph and scheme of Vickers indentation on doped 
c~-Al,0~ (1 mol% YzO,), showing the radial crack extension. 
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and in the bulk of the grains (Fig. 5) varies with time, to about 2 after 72 h of treatment. For a treatment at 
and the ratio [Y3A150,2]pd~3A150,Z]bulk decreases 1650°C and for the same duration (72 h), the amount 
with heat treatment duration from about 8 after 1 h of Y,Al,O,, precipitates along grain boundaries is 
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Fig. 3. Distribution of the grain size of undoped alumina (a) 300 ppm yttrium-doped alumina (b) and 1 mol% Y,O,-doped 
alumina (c) samples as a function of the heat treatment duration at 1400°C in air. 
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three times greater than the amount of yttrogarnet 3.2 Influence of oxygen partial pressure on the 
precipitates in the bulk of the grains due to the microstructure of a-alumina doped with 0.03 mol% 
grain size variation with temperature. y203 
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Fig 3. Continued 

Chemical analyses of thin foils by TEM were per- 
formed on alumina samples doped with 0.03 mol% 
Y,O,. On as-sintered samples (i.e. elaborated at a low 
oxygen pressure, p02 = lo-l3 atm, see section 2.1), 
the analyses show an important increase of the 
yttrium concentration towards grain boundaries 
(Fig. 6). The amount of yttrium along grain bound- 
aries C,, is greater than the amount of yttrium in 
the bulk C,, and the concentration ratio CgdCb = 50. 
However, on samples heat-treated in air at 165O”C, 
no yttrium segregation or precipitation is observed 
along grain boundaries. 

SEM observations of weakly doped samples 
(0.03 mol% Y,O,) heat-treated in a reducing atmo- 
sphere of CO can be compared with the microstruc- 
tures obtained in air (compare Figs 4(b) and 7). 
The micrographs indicate that the morphology of 
the grain boundaries and the grain size are different, 
depending on the oxygen partial pressure during 
heat treatment. For the samples heat-treated in air 
[Fig. 4(b)] a bimodal distribution of the grain size is 

Fig. 4. Influence of yttrium on the microstructure of samples 
heat-treated for 24 h at 1650°C in air. White particles are 
Y,A150,, (arrow), average size = 1.8-2.6 pm. (a) 1 mol% of 

YzO,-doped sample; (b) 0.03 mol% Y*O,-doped sample. 
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observed: some of the grains have a small size 
(1-5 ,um) while others can reach 140 pm (abnormal 
growth). Simultaneously, the amount of Y,Al,O,, 
precipitates at the sample surface increases with 
heat treatment duration (cf. Fig. 6). In contrast, 
for samples heat-treated in CO (Fig. 7) the num- 
ber of garnet precipitates at the sample surface is 
negligible and the grain size distribution is homo- 
geneous: most of the grains have a size between 4 
and 15 pm. These observations indicate that the 
yttrium solubility in the bulk of the a-alumina 
samples is greater at low oxygen pressure than at 
high p02 The yttrium segregation along grain 
boundaries (cf. Fig. 6) hinders both the segrega- 
tion at the surface and th,e abnormal grain growth 
which are observed afte:r heat treatment in air. 
This means that the yttrium draining from the 
sample bulk towards the sample surface during 
heat treatment in air is due to the driving force 
related to the concentration gradient of point defects 

bulk 

0 0.5 1 1.5 2 2.5 3 
xOlm) 

Fig. 6. STEM analyses on thin foils of as-sintered a-alumina 
doped with 0.03 mol% of Y,O,.. showing the evolution of the 

Lq X-ray emission from a grain boundary to the bulk. 

Fig. 7. Microstructure of 0.03 mol% Y*O,-doped alumina 
heat-treated in a CO atmosphere (in carbon graphite crucible) 

at 1650°C !for 24 h. 

such as oxygen vacancies or interstitials (V,, Oy) 
from the bulk to the surface:‘&i3 

F, 0~ kTA+ 

The diffusion of these defects is the origin of the 
yttrium segregation associated with the precipitation 
of Y3A150i2 at the sample surface. 

3.3 Toughness 
The variation of the toughness of the samples as a 
function of the yttrium content is reported in Fig. 8 
for as-sintered samples [Fig. 8(a)] and for samples 
heat-treated for 24 h at 1400°C in air [Fig. 8(b)]. 
The average values of toughness obtained in this 
work are of the same order of magnitude as those 
given by Mckinney et ~1.~ for polycrystalline com- 
mercial alumina but somewhat higher than those 
determined on single crystals by Evans and Charles.6 
In our case, it can be observed that heat treatments 
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Fig. 8. Variations of toughness as a function of yttrium doping 
amount. (a) As-sintered samples (treatment in a reducing atmo- 
sphere); (b) samples heat-treated in air for 24 h at 1400°C. (+) 

Experimental points, line represents average value. 



1106 M. K. Loudjani, C. Haut 

in air lead to slightly smaller average toughness 
values than when the alumina samples are heat- 
treated in CO atmosphere. Moreover, independent 
of the atmosphere (air or CO), the toughness vari- 
ations go through a maximum value for the weakly 
doped samples (0.03 mol% of Y,OJ. Thus the 
toughness seems to be more dependent on the sto- 
ichiometry and the microchemistry of the samples 
(point defects, yttrium grain boundary segregation) 
than on the alumina macrostructure (grain size, 
heterogeneous distribution of the garnet precipitates). 
Indeed, in the case of the as-sintered alumina samples 
doped with 300 ppm Y,03, yttrium ions in solid 
solution in the bulk or segregated along grain 
boundaries (see Fig. 6) lead to the generation of 
defect complexes according to eqn (1). This type of 
defect seems to improve the mechanical properties 
of alumina. After a heat treatment in air, the amount 
of Y3A150,2 precipitates at the sample surface 
increases significantly and simultaneously a decrease 
of the toughness is observed whatever the material 
may be. 

4 Conclusion 

A study of the microstructure and toughness of 
polycrystalline cy-aluminas doped with various 
amounts of yttrium and heat-treated either in reduc- 
ing atmosphere or in air leads to the following results. 

(1) 

(2) 

(3) 

(4) 

In alumina, the amount of yttrium necessary 
to avoid grain growth of the garnet phase is 
about 1 mol% of Y,O,. 
The yttrium solubility increases when the 
oxygen pressure decreases. 
At low oxygen, pressure, the abnormal grain 
growth is less important than at high oxygen 
pressure. This is related to the yttrium segre- 
gation along grain boundaries which is 
promoted at low p02. This phenomenon 
corresponds to an equilibrium segregation. 
The mechanical properties of a-alumina are 
improved when yttrium is either in solid solu- 
tion or segregated along grain boundaries. 
Precipitation of the Y,A150,2 phase decreases 
the alumina toughness, whereas, in contrast, 

the toughness is improved by the presence 
of structural defects introduced during the 
elaboration (point defects, grain boundary 
segregation). 
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Abstract 

The fracture toughness (K,,,) of pressureless-sintered 
monolithic a-alumina and its composites with 5, 10 
and 15 ~01% Sic nano-sized particles was investigated 
using Vickers indentation and a new Hertzian (ball) 
indentation technique. Both methods showed that 
the fracture toughness of the composites is better 
than that of alumina, although the results from the 
Vickers indentations were complicated by a change 
in crack geometry from median/radial (alumina) to 
Palmqvist (composites) An analysis of the number 
and size of surface Jaws using the Hertzian test indi- 
cates that, for the same polishing treatment, the 
composites have a better surface jinish. 0 1996 
Elsevier Science Limited. 

Introduction 

Small additions of nano-sized SIC particles to alumina 
(to produce ‘nanocomposites’) enhance its bend 
strength, compared with ‘pure’ alumina of the same 
grain size. 1*2 The mechanisms behind this enhance- 
ment of the mechanical properties remain unclear. 
Possible mechanisms could be: 

(1) 
(2) 

(3) 

an increase in fracture toughness; 
a reduction in the number and size of process- 
ing-induced flaws; and 
an improved response to grinding and polish- 
ing, resulting in a reduction in the number 
and size of polishing-induced flaws. 

While increases in strength as high as 186%’ and 
36%2 have been reported for unannealed 5 ~01% 
Sic-alumina composite (299.5% theoretical density), 
only modest increases in toughness have been 
reported. For instance, using the Vickers indentation 
technique, Zhao et al2 reported a maximum increase 
in K,, of 24”h for this 5 vol% Sic-alumina ‘nanocom- 
posite’. (A similar sample,, sintered to 98.2% of its 
theoretical density, showed a 7% reduction in K,c.2) 

* To whom correspondence should be addressed. 

Use of Vickers indentation methods to determine 
fracture toughness can be problematic. Ponton and 
Rawlings3 list 15 formulae for deriving K,, from 
measurements of surface crack lengths (c, measured 
as half the total crack span) around indentations 
made with a load P, in a material with Young’s 
modulus E and hardness H,.assuming that the crack 
geometry is of the ‘median/radial’ type. These are 
generally of the forms: 

or 
K,, = (Y (E/H)“(P/c~‘~) (1) 

K,, = /3 (P/c’/2) (2) 

with varying pre-factors IY and p depending on the 
assumptions that have been made about the indenta- 
tion stress field, and n equal or close to 0.5. Given 
the very complex nature of deformation beneath a 
sharp indenter, especially in brittle materials, it is 
not easy to justify the choice of one variant of these 
formulae over the others, although versions where 
the hardness and elastic modulus of the material 
are included [eqn (l)] are probably preferable. Thus 
this method should be regarded with suspicion if 
absolute values for the fracture toughness are derived. 
Even if the Vickers indentation method is used simply 
for comparative studies of materials, the possibility 
that the crack geometry could change from one 
material to another should be considered. In eqns (1) 
and (2) the cracks are generally assumed to be ‘half- 
penny’ shaped (Fig, 1) - and this is not always, or 
even often, the case.4 A further possibility is that the 
geometry of the crack may change more radically to 
the ‘Palmqvist’ type (Fig. l), typically found in 
tougher ceramics such as WC-Co. Again, several 
formulae3 have been produced relating K,, to crack 
length (1, the surface crack length on one side of the 
indentation), load P, and the indentation’s semi- 
diagonal length a. They are generally of the form: 

K,, = y (EMQ8 P/(uZ”~) (3) 

In previous studies of the indentation fracture tough- 
ness of nanocomposites,5 it has generally been 
assumed the indentation cracks are of the median/ 

1107 
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radial type. In this study, we examine this assumption 
more closely by performing experiments to establish 
the actual crack shapes. 

An alternative method for determining the fracture 
toughness of brittle materials has recently been estab- 
lished,6 based on Hertzian indentation. Here a spher- 
ical indenter is used, so that the stress field under 
the indenter is well defined (unlike the case for the 
sharp indenter used in Vickers tests), and values 
of K,, in good agreement with values determined 
by four-point bend tests are obtained. The method 
makes use of a full analysis of the Hertzian contact 
field, in which it was found that even for a badly 
abraded surface, where a dense population of flaws 
of all sizes exists, there is always a minimum load 
needed to cause formation of the characteristic 
Hertzian ‘ring crack’. This minimum load depends 
only on K,,, E and v (Poisson’s ratio) of the test 
material, and on the size of indenting ball used. 

The Hertzian test can also be used to determine 
the size of the surface flaw which, in a given test, 
results in the formation of a ring crack. Analysis of 
many such tests (-20 or more) on a sample enables 
the density (number per unit surface area) of such 
flaws to be determined.7 

This study investigates the fracture toughness of 
pressureless-sintered Al&SIC composites by both 
Vickers and Hertzian indentation methods, and also 
uses the Hertzian tests to investigate the surface 
flaw sizes and densities in these materials. 

Materials and Experimental Methods 

The powders used were a-Al,O, (AES 1 lc, Sumi- 
tomo) and Q-SIC (UF-45, Lonza) with average 
particle sizes of 400 and 200 nm, respectively. Mono- 
lithic alumina and three composites with 5, 10 and 
15 ~01% Sic in an alumina matrix were fabricated. 
Powders were mixed by attrition milling, and then 

cold-isostatically pressed to 175 MPa. Materials were 
then pressureless-sintered at 1560°C for 2 h (alumina) 
and at 1775°C for 4 h (composites). The materials 
produced were found to be of 299.7% of their theoret- 
ical densities. The grain sizes of all materials were 
3.5 f 1.5 pm, though the alumina showed a bimodal 
grain structure. Full details of the preparation routes 
will be reported elsewhere. 

The Young’s modulus E of the materials and their 
Poisson’s ratios were determined by use of a 
‘Grindosonic’ instrument (MK4i). Results are 
given in Table 1. 

Samples of 6 mm thickness were cut from all four 
types of material using a diamond saw. They were 
all simultaneously ground and polished to a 3 pm 
finish. Vickers indentations were carried out at loads 
of 49,98, 196 and 294 N. For each load at least five 
indentations were made, and the average indentation 
size and crack length parameters were used in analy- 
sis. To reduce any possible effects of environmentally 
assisted cracking, the measurements were always 
made within 2 h of indentation. Some indented 
samples were then polished to remove -5 pm from 
the surface, to identify the crack geometry as either 
median/radial or Palmqvist. Analysis of fracture 
toughness based on these results is discussed later. 

The Hertzian indentations were made with a 5 mm 
diameter alumina ball using a modified ‘ET500’ 
testing machine (Engineering Systems, Nottingham, 
UK). The loads at which ring cracks were formed 
were detected by acoustic emission. The loads were 
recorded, and the sizes of the matching ring cracks 
were measured by optical microscopy using Nor- 
marski differential interference contrast to enhance 
visibility of the ring cracks. Tests were performed 
on alumina, alumina-j% Sic and alumina-15% Sic 
composites. The test surfaces were finished with 
either 3 or 14 pm diamond paste. The 3 pm finish 
was used to compare the surface finishes produced 
by a ‘good’ polish on the various materials, while the 
14 pm finish, with larger surface cracks, was used to 
determine K,,. Whereas the ring-cracks on the 3 pm 
polished composite could be observed without any 
further treatment, the cracks in the 14 pm ground 
samples required etching with KOH at 400°C fol- 
lowed by light polishing with 3 pm diamond paste, 
to render the cracks visible. Ring cracks in monolithic 
alumina were made more visible by etching in KOH. 

Results and Discussion 

Vickers indentation 
Fig. 1. Schematic representation of median/radial (left) and 
Palmqvist (right) crack systems. Upper diagrams show cross- 
sections of the crack systems below the surface, and lower 
diagrams plan views after polishing to the level shown. The 
crack trace becomes detached from the indentation for the 

Palmqvist system. 

Crack paths 
Table 1 gives a summary of the Vickers indentation 
results. Analysis of the results to give K,, requires 
knowledge of the crack type around the indentations. 
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One method4 of doing this would be to fit the data Figure 2 shows the results of polishing away the 
of crack length to load: one would expect c = Pa3 surface of indented samples. The crack system in 
for median/radial cracks [eqns (1) and (2)] or 1 = monolithic alumina is median/radial (cracks are con- 
P”2 for Palmqvist cracks; [eqn (3)]. However, the tinuous under the indentations), while that of all the 
data in Table 1 do not fit either relationship well; composites is of Palmqvist type (cracks are separate 
no conclusion can be drawn from these data about wings on either side of the indentations). The conti- 
the active crack types. nuity of the crack system across the indentation in 

Table 1. Vickers indentation results 

Load Diagonal Crack length 

Alumina 

E = 397.4 f 3.0 GPa 
v = 0.249 

5% Sic 

E = 399.5 f 4.0 GPa 
v = 0.254 

10% Sic 

E = 407.2 f 2.0 GPa 
v = 0.250 

15% Sic 

E = 409.5 * 4.0 GPa 
v = 0.237 

49.1 
98.1 

196.2 
294.3 

49.1 
98-1 

196.2 
294.3 

49-1 
98.1 

196.2 
294-3 

49.1 
98.1 

196.2 
294-30 

72.8 f 0.5 
103 * 2.0 
150 * 1.0 
181 * 1.4 

69.6 * 0.7 
99.2 + 0.3 

142.2 + 0.4 
176 f 0.3 

69.3 f 1.00 
97 f 0.5 

135 + 1.0 
168 + 0.5 

65.8 + 0.4 
95.5 f 0 
134 f 2.0 
163 + 1.0 

106 * 10 
167 + 8 
249 f 11 
299 I? 13 

98+ 12 
170+6 
260 * 18 
309 f 30 

90 + 7 
140* 7 
245 f 15 
338 f 20 

83 + 5 
124 f 14 
235 f 18 
308 z!z 40 

17.16 + 0.24 18.51 III 0.26 2.14 + O-23 3.06 f 0.33 4.09 f 0.28 
17.15 + 0.69 18.49 Lx 0.74 2.25 * o-17 3.22 f 0.24 4.61 f 0.30 
16.17 f 0.22 1744 + 0.23 2-57 f O-15 3.67 I!Z 0.22 5.31 f 0.20 
16.66 + 0.26 17.97 + 0.28 2.88 f d-17 4.11 A10.24 5.95 f 0.24 

18.78 + 0.38 20.25 + 041 2.28 f o-3 1 3.25 rf: 044 4.31 f @39 
18.49 f 0.11 19.94 f 0.12 2.16 f 0.10 3.08 * 0.15 4.62 f 0.13 
17.99 * 0.10 19.41 Y!z 0.11 2.36 + 0.20 3.38 + 0.28 5.26 f 0.24 
17.62 + 0.06 19.00 &- 0.06 2.73 f 0.30 3.90 f 0.43 590 f 0.35 

18.94 f 0.56 20.43 f. 0.60 2.52 f 0.24 3.60 f 0.34 453 f 0.32 
19.33 f 0.20 20.85 ?I 0.22 2.68 + 0.16 3.83 f 0.23 5.15 + 0.19 
19.96 f 0.30 21.53 + 0.32 2.47 f 0.19 3.53 f 0.27 5.52 f 0.27 
19.34 + 0.12 20.85 z!z 0.12 240 & o-17 3.43 f 0.25 574 f 0.35 

21.01 f 0.26 22.66 + 0.28 2.67 f 0.19 3.82 f 0.27 478 * 0.22 
19.95 f 0.00 21.51 !I 0.00 3.04 rt: 0.35 4.34 f 0.50 5.50 * 0.36 
20.26 f 0.62 21.85 + 0.67 2.59 + 0.26 3.70 f 0.37 5.66 f 0.42 
20.54 I!Z 0.25 22.15 f 0.27 2.63 + 0.30 3.76 f 0.55 606f@54 

H H 
(conv.) (Hamer) 

K,c 
(median) 

(a = 0.016) 
(MPa m’12) 

kc 

(median) 
(a = 0.022) 
(MPa rn112) 

KIC 
(Palmqvist) 

l/2 (MPam ) 

Fig. 2. Crack systems of materials around 98 N Vickers indentations: (a) as indented - (i) alumina, (ii) 5 ~01% Sic composite; 
(b) polished after indentation -- (i) alumina, (ii) 5 ~01% Sic composite. The 10% and 15% composites are similar to the 5 ~01% 

Sic composite. 
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the monolithic alumina has a tendency to encourage 
grain fall-out in these indentations. It has been sug- 
gested*y9 that Palmqvist cracks at lower loads could 
evolve into median types at higher loads. This was 
not the case in this study. Figure 3 shows surfaces 
polished after indentation with 294 N load for 

Fig. 3. Crack systems around a 294 N Vickers indent: (a) 
alumina; (b) 5 ~01% SIC composite. 

Fig. 4. Micrographs of crack paths (arrowed) in: (a) thermally 
etched Al2O3 (optical image); (b) chemically etched 5% SIC 
composite (scanning electron image). Note the intergranular 
nature of the path in alumina [with bridge (B) and deflection (D) 
positions marked] and the transgranular path in the composite. 

alumina [median/radial type cracking, Fig. 3(a)] and 
5 ~01% Sic composite [Palmqvist type, Fig. 3(b)]. 

The crack paths are predominantly intergranular 
for alumina [Fig. 4(a)] with bridges (for example, 
B) and deflections (D), whereas in the composites 
[Fig. 4(b)] cracks are principally transgranular. This 
possibly indicates a strengthening of the grain bound- 
aries relative to those in monolithic alumina. This 
difference in crack paths has been observed by other 
workers.” 

Determination of K,, values 
Table 1 shows K,, values determined for the materials 
tested. The formula used for median/radial cracks 
was the equation proposed by Anstis et al.” 

K,, = 0.016(E/H)“2(P/c3’2) (4) 

The table also shows K,, determined in this manner 
but with a deformation field geometry constant of 
0.022: 

K,, = O.O22(E/H)“2(P/C3’2) (5) 

Equation (5) was used so as to compare our results 
directly with those obtained for sintered 5 ~01% Sic 
nano-composite by Zhao et aL2 They used eqn (5) 
in order ‘to compensate for the effects of environ- 
mentally assisted crack growth’ (although they did 
not show that this had occurred). However, since 
we measured crack lengths soon after indentation, 
any such effect should be minimal. Equation (4) is 
typical of those using E/H, for the median/radial 
crack system with c/a 1 2 (see review by Ponton 
and Rawlings3); other such formulae give similar 
results with a maximum deviation of f13%. 

Palmqvist cracks were treated using the equation 
proposed by Niihara et aZ.:12 

K,, = 0.0089(E/H)2’5(aZ”2) (6) 

Hardness values were calculated with the standard 
equation: 

H = 1854.4P/(2a)2 (7) 

where P is the applied load (N) and 2a the indenta- 
tion diagonal (pm), to give H in GPa, and 

H = 1000P/2a2 (8) 

for direct comparison with hardness values given 
using this equation by Zhao et aL2 

Vickers indentation K1, results 
Table 1 shows that Sic additions appear to improve 
the toughness of alumina with the greatest change 
being between monolithic alumina and alumina- 
15% SIC. However, these differences depend on using 
the equations appropriate to the crack geometries 
seen (values given in bold in the table); the differ- 
ences disappear if the same equation is used for all 
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materials. Given the uncertainties in the numerical 
pre-factors in equations such as (4)(6), due to the 
poorly defined indentation stress fields, the results 
from this type of test must thus be regarded with 
extreme caution. 

For a given material, the calculated fracture 
toughness increases with increasing load and thus 
crack size, as shown in Fig. 5(a). Such increases 
may be due to a number of effects, e.g. crack bridging 
and friction in the crack wake, or effects of residual 
stresses. If the effect is due solely to an internal 
stress field (as will arise from the thermal expansion 
mismatch of the SIC particles in the A&O, matrix), 
one might, by analogy with effects seen in transfor- 

(4 
IG, (MPa mm) 

0.00 l-H--eF-l 
0 100 200 300 400 500 

Crack Length ( pm) 

(b) 

Kc (MPa mln) 

6.00 

5.00 

4.00 

+ Alumina 

--t 10% SIC 

t- 10% SIC 

~15%SiC 

0.00 5.00 10.00 15.00 20.00 25.00 

( Crack Length ( pm) )In 

Fig. 5. Vickers indentation toughness K,, as a function of: 
(a) crack length; (b) square root of crack length. 

mation-toughened zirconia,13 expect the toughness 
to increase linearly with the square root of the crack 
size. That is not, however, the case for our materials 
[see Fig. 5(b)]; any direct effects of residual stresses 
on K,, appear to be less important than other possible 
‘R-curve’ mechanisms. 

Since the Vickers indentation methods for deter- 
mining K,, in these materials gave ambivalent results, 
highly dependent on the formulae used, another 
method for determining K,, was used. This method 
is based on Hertzian indentation. 

Hertzian indentation 

Fracture toughness 
Recent analyses of the stress intensity acting on 
cracks in the Hertzian stress field (that due to the 
elastic contact between a sphere and a flat surface, 
or between two spheres) have led to a new technique 
for determining the fracture toughness of brittle 
materials.6 The near-surface radial stresses of the 
Hertzian field are tensile only very close to the sur- 
face, and rapidly become compressive with depth. 
The stresses also decay rapidly away from the contact 
area. Detailed analysis shows that there is a minimum 
load at which a surface flaw can propagate into 
the characteristic Hertzian ‘ring/cone’ crack, even 
if the surface is densely populated with flaws of all 
sizes and orientations. This minimum load depends 
only on the elastic moduli of the ball and surface and 
the fracture toughness of the surface (for cases where 
the ball and surface have the same elastic moduli; if 
they are dissimilar, then frictional tractions also must 
be taken into account). The method has been shown 
to give accurate values for K,,, compared with four- 
point bend measurements, for alumina and glass.6 

Tests are performed by indenting a moderately 
abraded surface (to give a high density of surface 
flaws, so that one corresponding to the minimum 
load for fracture is likely to be found near a given 
indentation). The fracture toughness K,, may be 
calculated with the formula6 

Ki, = [(E*PiZZ,i,)ICR]1’2 (9) 

E* = E/2(1 - v2) (9a) 
where PFmin is the minimum fracture load in all tests, 
C is a constant depending only on the Poisson’s 

Material 

A1203 

Al2O3-5% Sic 
A1203-1 5% Sic 

Table 2. Fracture toughness measured by Hertzian indentation 

Surface jnish 

3 pm diamond 14 pm diamond 

PFmin (NJ KI,( A4Pa m”‘) PFmin ( N) KIC (A4Pa m’12) 

330 + 9 2.9 f 0.1 335 * 9 2.9 f 0.1 
465 + 5 3.6 f 0.1 511 f 14 3.7 f 0.1 
520f 15 4.0 * 0.1 590 f 30 4.3 f 0.1 
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ratio v of the material being tested, E is its Young’s 
modulus and R is the radius of the spherical indenter 
(polycrystalline A1203). 

Values of K,, obtained are shown in Table 2. 
The values obtained with the two different surface 
finishes are reasonably consistent. The results are also 
consistent with the trends in the values obtained 
from the Vickers indentation tests, if the differences 
in crack geometry between the alumina and the 
composite samples are taken into account. We are 
thus confident that the fracture toughness of the 
composites is genuinely higher than that of pure 
alumina of the same grain size. 

Flaw statistics 

Figure 6 shows the cumulative probability of ring- 
crack formation with increasing load in a Hertzian 
test for the alumina and a 5% Sic composite. The 
fracture loads for the composite are -80% higher 
than those for alumina. Since the fracture toughness 
values of the materials vary only by -4O%, this indi- 
cates that the surface flaws from which fracture 
originates are smaller in the composite material, 
although all materials received the same nominal sur- 
face finish. By measuring the ring-crack size for each 
test, it is possible to calculate the depth of the original 
surface flaw from which the ring crack originated.7 

Figure 7 shows the results of such analysis on sam- 
ples finished with 14 pm diamond [Fig. 7(a)] and 
3 pm diamond [Fig. 7(b)], as histograms of the 
fraction of surface flaws found in a given size range. 
The majority of the surface flaws for the composites 
finished with 14 pm diamond are in the 3.5-5.5 pm 
size range, while for the alumina, flaws of all sizes up 
to 13 pm deep were found. It was not possible to 
measure ring-crack sizes on 3 pm finished alumina 
samples, but the nanocomposites finished to this level 

SW 4w 500 wo 700 8Ln 4 5 6 7 8 9 10 11 12 13 

Load (N) Crack Size (pm) 

Fig. 6. Cumulative probability of failure P(F) versus Hertzian 
indentation fracture loads for the monolithic alumina and the 

5% SC composite, both finished with 3 pm diamond paste. 

Fig. 8. Flaw statistics on samples finished with 14 pm diamond, 
as area density of surface flaws in a 1. pm size range centred 

about the crack depth shown. 

of polish showed a tighter distribution of flaws than 
those finished with 14 pm diamond. 

Further analysis of the results gives the area 
density of surface flaws in a given size range, using 
a development by Warren et al.’ of Wilshaw’s 
‘searched area’ method.14 The new analysis takes 
into account the variation with depth of the Hertzian 

Fraction found (%) 
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3 4 5 6 7 8 9 10 11 12 

a) 
Crack size (km) 

Fraction found (%) 
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4 5 6 7 8 9 
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b) 

Fig. 7. Flaw statistics on samples finished with (a) 14 pm dia- 
mond and (b) 3 pm diamond, as histograms of the fraction of 
surface flaws in a 1 pm size range centred about the value 

shown. 
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stress field and all possible orientations of surface 
flaws. Results for the 14 pm polished specimens 
are shown in Fig. 8. As expected from Fig. 6, the 
composites have a much higher density of small 
surface flaws compared with the alumina, which has 
a significant density of large flaws. 

Typical ring cracks are shown in Fig. 9(a) for 
alumina- and Figs 9(b) and (c) for the 5 ~01% SIC 
composite. It can be seen that the rings are not as 
well formed in alumina as in the composite. Note 
also the large number of grain pull-outs in the alu- 
mina surface compared with the composite; this 
may be either a result of, or a cause of, the large 
flaws found on the alumina surfaces. 

A common method of analysing data similar to 

Fig. 9. Ring cracks from Hertzian indentations: (a) alumina, 
ground to 14 pm finish; (b) 5 ~01% SIC composite, ground to 
14 pm finish; (c) 5 ~01% SIC composite, ground to 3 pm 

finish. The rings, or segments, are arrowed for clarity. 

those in Fig. 6 is to perform a ‘Weibull analysis’, 
assuming that the probability of failure P(F) varies 
with stress a, and area (volume) tested A, as: 

1 - P(F) = exp- 
[ zy$[] (lo) 

where go is a normalizing stress and A, is a nor- 
malizing load. For simple cases (e.g. bend tests, 
tensile tests), the stress and stress intensity on a 
flaw rises linearly with applied load (L) in the test. 
In this case, plotting ln{ln[ll(l-P(F))]) against In 
(L) yields a straight line with gradient m. Figure 10 
shows such plots for the data of Fig. 6. It is imme- 
diately apparent that a straight line does not 
result. This is because of the complexity of the 
stress field around a Hertzian indenter, which has 
two effects on the assumptions of the Weibull 
analysis: 

(1) 

(2) 

the stress intensity on a given flaw does not 
rise linearly with applied load, especially for 
larger flaws; and 
the area ‘searched’ for a flaw of a given size 
is not the whole specimen, but depends in a 
complex way on the loads applied in the 
whole series of tests. 

Warren15 has analysed a simplified case of the effects 
of Hertzian indentation on a surface with a flaw 
distribution where the flaw density p(c) for a given 
flaw size, c, is given by: 

p(c) = A c-’ (11) 

where r is a constant. In this case, for small flaws 
(i.e. those that are totally contained within the tensile 
surface stress), a relationship exists between the 
slope on a ‘Hertzian Weibull’ plot (such as Fig. lo), 
mu and the normal Weibull modulus, m: 

(12) 

2.0 
lo I 

30 

25 

5.7 5.9 6.1 6.3 6.5 6.7 

IN Load (NJ) 

Fig. 10. ‘Weibull plot’ of data from Fig. 6. Note the non- 
linearity of the plots, especially in the low fracture load (i.e. 
large flaw) regime. The local slopes, mn, of the lines are calcu- 
lated as ‘floating’ linear regressions of 20 points centred 

around the load shown. 
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The ‘small flaw’ region on Fig. 10 corresponds to 
the highest fracture loads, where indeed the gradi- 
ent is very nearly constant. Values of m derived 
from Fig. 10 are: alumina, m = 4 (i.e. mH = 2); 
alumina 5% Sic, m = 10 (i.e. mH = 4). How- 
ever, our data only give information about the 
‘small flaw’ end of the complete flaw distribution; 
flaws in this size range are not those likely to cause 
failure in bending or tension. The Weibull moduli 
thus derived may not, therefore, apply directly to 
the relative tensile reliability of these materials. 

Conclusions 

The results given in detail above may be summarized 
as follows. 

(1) 

(2) 

(3) 

(4) 

(5) 

Indentation of sintered monolithic alumina 
produces a median/radial crack geometry, 
while indentation of its composites with up 
to 15 ~01% SIC particles produces Palmqvist 
cracks. 
Calculation of Vickers indentation fracture 
toughness using formulae appropriate to 
the crack types gives K,, values of -2.0-3.0 
MPa m”2 for the alumina and -4.5-6.0 
MPa m”2 for the composites. 
The Vickers indentation K,, of all the 
materials tested increases with crack length 
(higher loads) - a behaviour similar to that 
of materials with an ‘R-curve’ characteristic. 
Hertzian indentation gives K,, values of 
2.9 MPa m”2 for the alumina and -3.5-4.0 
MPa m1’2 for the composites. The Hertzian 
method deals with the extension of cracks in 
the 1 to 10 pm range, so the differences 
between these results and those from the 
Vickers indentations may be a reflection of 
the different crack sizes operative in the two 
techniques. 
Identical polishing treatments produce differ- 
ent surface finishes on the alumina and the 
composites. The composites have flaw distri- 
butions centred around a smaller flaw size, 
and with a tighter distribution, compared with 
the alumina. Larger flaws in alumina seem to 
be associated with grain pull-out, which is 
almost totally suppressed in the composites. 

Future papers will report on the strength and wear 
resistance of these materials. 

S. G. Roberts 
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Abstract 

A protective coating has been developed to enhance 
the oxidation stability of C fibre reinforced Sic 
(C/C-SiCj. The coating was prepared by pyrolysis 
of a polysilazane layer, which was obtained by dip- 
coating. Silicon powder was added to the polysi- 
lazane solution to prevent shrinkage during pyrolysis. 
The ceramic coating was characterized regarding 
layer thickness, adhesion, and oxidation protection 
for C-fibres. Under the prevailing conditions the 
thickness of the ceramic layer was determined to be 
up to 5 pm after one co(ating-pyrolysis cycle and 
could be increased by further coating. Additionally, 
the thickness could be varied by changing the vis- 
cosity of the polymer solution as well as the with- 
drawal speed. The highest values measured for the 
adhesion of the ceramic coating on the substrate 
were 14 MPa. The ltfetime of the composite mate- 
rial at high temperatures in air could be increased 
by up to 120% with the coating, compared with the 
uncoated samples. 0 1996 Elsevier Science Limited. 

1 Introduction 

Carbon-fibre reinforced composites are one of the 
most promising materials with which to realize light- 
weight structures at high temperatures, and find appli- 
cation in areas such as the aircraft and space industry 
as well as in automotive and energy technologies.’ 

The crucial drawback for C fibres is their low sta- 
bility in an oxygen-containing atmosphere at elevated 
temperatures. While the C fibres inside a carbon- 
fibre reinforced SIC (C/C--Sic) composite are pro- 
tected by the surrounding SIC matrix,* the top fibres 
are unprotected at the surface due to additional 
machining. These fibres can be oxidized easily and so 
carry the oxidation through the entire component. 
Thus it is necessary to develop an effective ceramic 
coating that prevents oxidation of the C fibres. 

1115 

Among other methods, such ceramic oxidation 
protective films can be made by chemical vapour 
deposition (CVD), sputter and spray processes.3 

In this research work polymer pyrolysis, which is 
a suitable method for the manufacture of ceramic 
bodies, fibres, powders and thin layers,U has been 
used for the development of protective coatings. 
Metal organic polymers, and especially organosilicon 
polymers, are used as starting materials. Pyrolysis 
at temperatures around 1000°C leads to silicon-based 
amorphous ceramics. By raising the temperature 
up to 1400-16OO”C, transformation into the corre- 
sponding crystalline modifications occurs.’ Two 
points in favour for polymer pyrolysis are the low 
reaction temperatures (around 1000°C) as well as the 
ability to control the purity of the products easily. 

2 Experimental 

2.1 Dip-coating 
C/C-Sic composite samples were coated by means 
of dip-coating (Fig. 1). This process, well known 
from the sol-gel technique to produce oxide ceramic 
layers, allows simple, rapid and economical coat- 
ing. ‘3’ The substrate is dipped into the precursor 
solution and withdrawn after a few minutes with a 
certain velocity, v. 

The thickness of the adherent polymer layer can 
easily be varied in a wide range by changing the 
velocity v as well as the viscosity 77 of the solution and 
the concentration c of the polymer.” After coating 
the adherent polymer layer is pyrolyzed in an inert 
atmosphere forming an amorphous ceramic coating. 

2.2 Materials 
Commercially available polysilazane NCP 200 
(Nichimen Corp., Japan), with a number-average 
molecular weight (M,,) of 1100-l 300 g mall’,” was 
used as starting material. Pyrolysis up to 1100°C in 
nitrogen or argon leads to an amorphous ceramic 
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glove box 

C/CSiC substrate 

polymer solution 

I 

Fig. 1. Dip-coating facility. 

with the composition SiC,,,7N determined by chemical 
analysis. During the transformation of the polymer 
into Si/C/N ceramic several gaseous reaction prod- 
ucts, such as hydrogen, ammonia and methane, are 
released. This is shown schematically in Fig. 2. The 
appropriate heating programme is illustrated in 
Fig. 3. 

Solutions were prepared by dissolving NCP 200 in 
distilled toluene (Aldrich) which was dried over 
sodium. Silicon powder (Elcem) with &, < 3 pm was 
added to the polymer solution and dispersed by 
ultrasonic mixing and intensive stirring. During the 
coating process no sedimentation could be observed. 

Two-dimensional (0”/90”; C fibres: T300, Toray, 
Japan) C/C-Sic (20 X 10 X 3 mm3) with a carbon 
content of 57-60 wt%, a silicon carbide content of 
33-37 wt% and a free silicon content of 3-6 wt% 
was used as substrate. The material (p = 1.95 g cmm3) 
was produced by infiltration of a C/C preform 
with fused silicon.12 The substrates were ground 
using a 65 pm diamond emery paper, cleaned in 
toluene and finally heated in vacuum ( 10m2 mbar) 
up to 900°C for 5 h. 

2.3 Layer thickness 
The thickness of the ceramic coatings produced as The ability to produce ceramic layers on composite 
described above was measured by optical microscopy materials by polymer pyrolysis has already been 

and scanning electron microscopy (SEM) on the 
specimen cross-sections, as well as by profilometry 
(alpha step).13 

2.4 Adhesion 
Adhesion of the ceramic layer on the C/C-Sic sub- 
strate was determined by the direct pull method.14 
According to this method, a stamp, which first was 
sand-blasted and then cleaned in toluene, was pasted 
on the degreased ceramic layer by means of a mixed 
adhesive or a cyanoacrylate cement. After hardening 
of the adhesive, the stamp was pulled off by a force 
F perpendicular to the substrate surface. The with- 
drawal installation was fixed on a cardanic mount 
to prevent shearing strain, which would falsify the 
result. The velocity of withdrawal was 5 mm min. 
The force F necessary to remove the ceramic layer 
from the substrate was measured, so that the 
adhesion u of the coating on the substrate could 
be calculated using the equation u =F/A with A = 
34 mm*. 

Due to the small quantity of cement used, the 
high viscosity and the rapid hardening of the 
cement, penetration through the 
the substrate could be excluded, 
ally shown by light micro-scopic 
cross-section of the samples. 

ceramic layer to 
as was addition- 
inspection of the 

2.5 Oxidation behaviour 
Oxidation behaviour of the coated C/C-Sic mate- 
rial was investigated thermogravimetrically by mea- 
suring the weight-change during heat treatment in 
air using a Netzsch STA 409 TGA. 

3 Results and Discussion 

[RSiHNH] III [RSiN] II - Si&Nz+CH4+NHs+H2 yrzT 

(polysilazane) (amorphous ceramic) (gas) 

R = CH 3, C2H5, C2H3 

Fig. 2. Schematic description of the decomposition of a polysilazane (e.g. NCP 200). 

11oo’c 

Fig. 3. Heating programme for pyrolysis of the pre-ceramic coating. 
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reported,‘5 yet it was impossible to produce thick 
(several pm), crack-free and large-area ceramic coat- 
ings in one coating-pyrolysis cycle by this method. 
Also, in our investigations, the use of highly concen- 
trated polymer solutions always led to the formation 
of cracks. Figure 4 shows a typical result. This layer 
was prepared by dipping the C/C-SIC substrate into 
a 67 wt% solution of NCP 200 in toluene, followed 
by pyrolysis. The velocity v was 2.7 cm min-‘. 

One reason for the formation of cracks is the vol- 
ume shrinkage that occurs during pyrolysis. The 
polymer, with a density of about 1.1 g cm3, is trans- 
formed into an amorpholus ceramic with a much 
higher density of approximately 2.4 g cmm3. In the 
case of manufacturing ceramic bodies the total vol- 
ume shrinkage was up to 60%. At the same time, due 
to the release of volatile reaction products, an open 
porosity of up to 12% occurred.16 In the case of 
ceramic bodies a certain amount of filler can be 
added to the starting polymer to reduce shrinkage 
as well as porosity.‘7 

Another reason for the formation of cracks is the 
exceeding of a certain critical layer thickness, h,. 
In layers thicker than h,, the stress energy due to 
the different thermal expansion coefficients of the 
substrate and the layer is released by the formation 
of cracks during the cooling phase.18 

In our investigations, however, we produced 
(several pm) thick, almost crack-free, well-adherent 
ceramic layers on the C/C-Sic composites by adding 
a certain amount of silicon powder to the polymer 
solution.‘9,20 Silicon is assumed to be a passive filler 
in the pyrolysis schedule. In an oxygen-containing 
atmosphere silicon reacts at high temperatures 
forming silicon dioxide, which may close pores and 
increase the protective ability of the ceramic coating. 
The filler content has to lbe chosen in such a way 
that the shrinkage of the ‘coating is minimized but 
the viscosity of the dispersion is usable. 

The use of a 60 wt% solution of NCP 200 in 
toluene with a filler content of 45 ~01% (related to 
the polymer weight) and a withdrawal speed of 
2.7 cm min’ leads to an approximately 5 pm thick, 
almost crack-free ceramic layer after one coating- 
pyrolysis cycle. This is shown in Figs 5 and 6. 

In Fig. 7 the dependence of the layer thickness h 
on the withdrawal velocity v is illustrated. For this 
investigation a 37.5 wt% polysilazane solution in 
toluene with a filler content of 42 ~01% (viscosity: 
12 mPa s measured at 23°C with a rotary viscosime- 
ter, Haake RV 12, D = 2000 s-‘) was used. At 
lower velocities (~14 cm min’) the layer thickness 
does not increase much on raising the withdrawal 
speed, whereas at higher velocities (>14 cm min’) 
a considerable increase occurs. However, the 
higher the velocity, the higher the number of 
cracks in the obtained ceramic layer. 

The adherence of the ceramic layer on the 
C/C-SIC material depends on the pre-treatment of 
the substrate as well as on the pyrolysis conditions. 
In general, the adhesion of the ceramic coating 
was determined to be in the range of 6 MPa with 
highest values up to 14 MPa. The adhesion of 
the ceramic layers could be increased by 30% by 

I cm 
1 I 

Fig. 5. Non-cracked ceramic layer on C/C-Sic substrate; pre- 
pared by dip-coating with a 60 wt% solution of NCP 200 in 
toluene, 45 ~01% silicon powder, pyrolysis up to 1100°C; 

withdrawal speed = 2.7 cm min’. 

Fig. 4. Ceramic layer on C/C-Sic substrate; prepared by 
dip-coating with a 67 wt% solution of NCP 200 in toluene 
and followed by pyrolysis up to 1100°C; withdrawal speed = 

2.7 cm mm’. 

Fig. 6. Cross-section of the coated C/C-Sic specimen, pre- 
pared by dip-coating with a 60 wt% solution of NCP 200 in 
toluene, 45 ~01% silicon powder; pyrolysis up to 1100°C; 

withdrawal speed = 2.7 cm min-I. 
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additional annealing of the samples in nitrogen atmo- 
sphere at 1350°C. This may due to nitridation of the 
silicon filler and must be investigated in future 
work. It should be mentioned that, in most cases, 
the layer was not pulled off but the substrate was 

thickneee h [Mm] 

velocity v [cndmin] 

Fig. 7. Thickness h of the ceramic layer vs. withdrawal veloc- 
ity V. The ceramic layers were manufactured by dip-coating 
with a 37.5 wt% polysilazane solution in toluene, 42 ~01% 

silicon powder and subsequent pyrolysis up to 1100°C. 

Fig. 8. Coated C/C-Sic sample after direct-pull test. The 
ceramic layer was obtained by dip-coating with a 60 wt% 
solution of NCP 200 in toluene, 45 vol% silicon powder; 
pyrolysis up to llOO°C; withdrawal speed = 2.7 cm min-‘. 

Parts of the substrate were pulled off. 
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Fig. 9. Thermogravimetric investigation in air at 1000°C. 

broken (Fig. 8). Thus the real value of u must be 
higher than the measured one. 

The oxidation behaviour of the coating and the 
ability to protect the C/C-SIC substrate against 
oxidation was investigated using thermogravimetric 
analysis. Figure 9 shows the weight loss of an 
uncoated (reference) and a coated C/C-SIC sample 
during a heat treatment in air at atmospheric pres- 
sure up to 1000°C. Both samples were heated up 
at 1 K min’ and then cooled down at 8 K min-‘. 
After the test the reference sample showed a 
weight loss of more than 50%, whereas the sample 
coated with an only 10 pm thick ceramic layer 
(using a 60 wt% solution of NCP 200 in toluene 
containing 45 ~01% of Si filler; v = 2.7 cm min-‘), 
lost about 30% of its original weight. 

The reference sample starts to oxidize at about 
500°C. The beginning of oxidation of the coated 
sample is shifted to approximately 600°C. Up to 
750°C the oxidation rate of the coated sample is 
at least as high as that of the reference, while at 
higher temperatures the oxidation rate of the coated 
sample decreases. One reason for this might be 
a reduction of the porosity of the ceramic coating 
by the formation of silicon dioxide, leading to a 
lower diffusion rate of oxygen through the pores. 

Cross-sections of both samples are shown in 
Figs 10 and 11. In the case of the uncoated specimen 
(Fig. 10) all the C fibres were burned out, while in 
the case of the coated sample (Fig. 11) carbon 
fibres are still present. 

Thermogravimetrical investigations in flowing air 
(30 cc min-I) were carried out at 1160 and 1260°C. 
In Fig. 12 (1160°C) and Fig. 13 (1260°C) the weight 
loss vs. time is shown; only the part until no further 
weight loss was observed, i.e. until weight stabilization 
occurred, is illustrated. The values of weight loss 
measured (55-61 wt”/) are in the same range as the 
C fibre content in the composite (57-60 wt%). In 
all cases no fibres could be observed after the test by 
SEM investigation. In other words, all the carbon 

Fig. 10. Uncoated C/C-Sic sample after oxidation test in air. 
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made polymers leading to a higher ceramic yield and 
a ceramic residue with a value of cx close to that of 
the substrate (06-0.8 X lOA K-‘) will be used, to 
minimize crack formation. The synthesis of such a 
suitable polymer, which leads to a ceramic mate- 
rial in the system Si/B/C/N with OL = 1 X 1O-6 K-’ 
(loo-lOOO”C), has already been reported.2’ 

4 Summary 

Fig. 11. CoatedC/C-SiC sample after oxidation test in air. 

fibres were burned off. The time until weight stabi- 
lization is observed was extended by 120% at 
1160°C and by 36% at 1260°C by a coating with a 
thickness of approximately 20 pm obtained after 
four coating- pyrolysis cyc:les. 

The reasons for the weight loss in the case of 
coated samples are the porosity of the layer as well as 
some microcracks that may occur during the cooling 
phase of the pyrolysis step, due to the difference 
between the thermal expansion coefficients (Y of the 
substrate (060.8 X lOA K-’ between 20 and 1000°C 
in fibres plain) and the coating (3,4 X 1O-6 K-’ 
between 20 and 1lOO’C). 

An almost crack-free, oxidation-protective ceramic 
coating on C/C-SIC substrates was produced by 
dip-coating, using a 60 wt% solution of NCP 200 
in toluene with a filler content of 45 vol”/o Si powder, 
followed by pyrolysis of the adherent polymer/ 
filler layer in a nitrogen atmosphere at 1100°C. 
The thickness of the ceramic layer was up to 5 pm 
after one coating- pyrolysis cycle. For the adhe- 
sion of the coating on the substrate, values up to 
14 MPa were measured using the direct-pull 
method. Oxidation tests showed that the durabil- 
ity of coated samples in air at 1160°C and 1260°C 
was much higher than that of uncoated samples. 
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Abstruct 

Oxidation tests carried out in supercritical water 
(400-500°C) revealed a noticeable corrosion attack 
on the silicon nitride surface in spite of the low tem- 
peratures. Increasing water pressure generally caused 
an increase in the oxidation phenomena. Oxidation 
scale evolution depended strictly on the silicon nitride 
sintering process, sintering aids, porosity and impuri- 
ties, which influenced oxidation kinetics and surface 
morphology. In such test conditions the solubility of 
silica in water seemed to huve a great inJuence on the 
stability of the oxidation scale, mainly in reaction- 
bonded silicon nitride samples. 0 1996 Elsevier 
Science Limited. 

1 Introduction 

The most promising properties of silicon nitride, 
from the viewpoint of extensive applications such as 
thermal barriers and antiwear coatings, are hardness 
and chemical stability, these resulting from strong 
covalent bonds. Silicon nitride may also find applica- 
tions in high-temperature environments as combus- 
tion engines, burners and high-temperature gas heat 
exchangers, while other applications include low- 
temperature high-water-pressure environments such 
as steam generators, nuclear reactors or chemical 
plants. 

However, like all non-oxide ceramics (Sic, B,C, 
AlN, BN), silicon nitride is inherently unstable in an 
oxidizing atmosphere, and water too can act as an 
oxidizing agent either at low or high temperature.’ 
The influence of water vapour at high temperatures 
(lOOO--1500°C) on the oxidation of S&N, was des- 
cribed about 20 years ago,2v3 but it is only recently 
that more accurate investigations have been carried 
out. Singhal reported th.at the activation energy 
for oxidation of silicon nitride is 488 + 30 kJ mall’ 
in wet oxygen and 375 f 25 kJ mall’ in dry oxygen. 
Such an influence could result from the diffusion 

and dissolution of OH- ions through the surface 
oxide film. More recently, 0pila4 reported some 
results on the oxidation kinetics of chemically vapour 
deposited SIC in wet oxygen. The oxidation rates of 
SIC in oxygen containing 10% water vapour were 
only very slightly enhanced over the rates found in 
dry oxygen, the obtained activation energies were 
41 and 142 kJ mall’, respectively. The influence of 
water on corrosion kinetics was strongly enhanced 
by the presence of alkali impurities. Oxidation tests 
carried out in a high-purity Al203 tube (80-200 ppm 
Na,O), instead of a quartz tube, led to an activation 
energy of 249 kJ mall’ in oxygen containing 10% 
water vapour. According to Opila the water vapour 
plays a role in the transport of sodium and alumin- 
ium from the reaction tube to the sample surface, 
since contamination did not occur when experiments 
were performed with the A&O, reaction tube in 
dry oxygen. The impurities, as well as water3*‘q6, 
increase the crystallization rate of silica and 
enhance the transformation of crystobalite to tri- 
dymite.7 Thus, the impurity effects should not be 
isolated from the oxidation rate enhancement due to 
water vapour. Devitrification and phase transfor- 
mation promote the formation of cracks and fis- 
sures, thus exposing new, free Si,N, for oxidation. 
Roughening of the surface by bubbles and pits was 
also observed5 on the oxidized silicon nitride surface. 

Since the oxidation resistance of Si,N, depends on 
the formation of protective Si02, it should be sup- 
posed the material can suffer from corrosive phe- 
nomena under high water pressure even at low 
temperatures. It was reported8-‘o that the solubility of 
silica in water is strongly dependent on pressure and 
temperature, amorphous silica being about an order 
of magnitude more soluble than crystalline silica. 

Yoshimura and co-workers1’~14 have studied the 
oxidation mechanisms of Si,N, and Sic under 
hydrothermal conditions from 10 to 100 MPa, at 
temperature as low as 200 or 600°C: oxidation 
yielded amorphous silica scales (a hydrosilica sol 
was proposed instead by Hirayama et a1.15) and 
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NH,, and CH4, CO, CO* and HZ, respectively. 
Under 10 MPa, S&N4 yielded N2 + H2 instead of 
NH,. In a wear test condition at 300°C and 8.53 MPa 
water pressure, C2H, gas was also detected in the 
Sic/H,0 system. I6 In the same system the formation 
of carbon layers was observed and investigated.‘3,‘4*‘7 
The oxidation kinetics of silicon nitride follow the 
parabolic law, but at high temperature (>8OO”C) it 
seems that the oxidation rate was unaffected by 
water vapour pressure above 1.5 MPa, as reported 
by Sato et al.‘* 

Sintered Si,N, with and without sintering aids 
has been studied at 300°C and 8.6 MPa by Yoshio 
and Oda. I9 Corrosion damag e of doped Si,N, was 
characterized by pit formation with the development 
of different shapes, depending on the sintering aids 
used. The pit size and population, and the formation 
of pit agglomerate, depended on the duration of 
exposure to the aggressive environment. On the 
other hand, the corrosion behaviour of Si,N, with- 
out additives was characterized by intergranular 
attack due to selective dissolution of the Si02 phase 
at grain boundaries. 2o As the grain boundaries dis- 
solve, the Si,N, grains are undermined and fall 
into the solution, hence accelerating corrosion. 

In the present study, a series of oxidation tests was 
carried out in the range 14-40 MPa in the water 
supercritical region (temperature >4OO”C) on differ- 
ent types of silicon nitride in order to evaluate the 
influence of sintering process and environment 
aggressiveness on the corrosion resistance of silicon 
nitride. 

2 Experimental Procedure 

Two kinds of oxidation tests were performed: a 
short-time exposure at different water pressures and 
different temperatures to determine the influence of 
such parameters on corrosion phenomena, and a 
time-dependent exposure at fixed pressure and 
temperature to provide a rough evaluation of the 
oxidation kinetics. 

2.1 Materials 
Hot-pressed (HPSN; Cercom Coors Inc., USA), 
sintered reaction-bonded (SRBSN; Nitrasil S, AED 
Ltd, UK) and reaction-bonded (RBSN; Nitrasil R, 
AED Ltd, UK) commercially available silicon 
nitride samples were used in these experiments. 

Before testing samples were characterized chemically 
and physically. Grain size was revealed by micro- 
scope observation after chemical etch (5 min in 
molten KOH). Open porosity was measured by 
means of an intrusion mercury porosimeter. Results 
are summarized in Table 1. 

Crystalline phase and elementary composition 
were determined by means of X-ray diffraction, using 
Cu K, radiation filtered by a LiF monochromator 
and an EDS electron microprobe, respectively. 
Results are reported in Table 2. 

For the first test sequence, one of the larger sur- 
faces of the sample to be tested (4 X 10 X 4 mm) 
was ground to 1 pm finish with diamond paste. For 
the second test sequence, some coupons (10 X 10 X 
1 mm) were obtained by cutting the as-received 
sample with a diamond saw. Surfaces were then 
ground with a 16 pm diamond wheel. 

2.2 Oxidation 
Oxidation tests were carried out in a closed Nimonic 
105 autoclave heated by means of a heater strip. 
After being cleaned ultrasonically in acetone, the 
samples were placed in a platinum crucible with the 
polished surface upwards. A second platinum cru- 
cible, containing the calculated amount of distilled 
water to reach the scheduled pressure, was then 
placed above the previous one. Eight different oxida- 
tion tests were performed in total, as summarized 
in Table 3. 

For the time-dependent oxidation test, a mini- 
mum of four coupons was used for each type of 
silicon nitride; after being carefully weighed with a 
precision balance, these specimens were placed in 
different platinum crucibles. Tests were performed 
for 5, 40 and 100 h at 400°C and 36 MPa. After 
cooling down the autoclave, samples were dried 
and re-weighed. 

2.3 Characterization of oxidized samples 
Oxidized samples were characterized by means of 
three different techniques. Morphological charac- 
terization was performed by scanning electron 
microscopy (SEM). Information on the composition 
of the oxidation scale was obtained by Fourier trans- 
form infra-red spectroscopy (FTIR), which provided 
information on the amorphous phase in the outer 
oxidation layer, and also by X-ray diffraction 
(XRD). FTIR analysis was carried out on bulk 
samples using a single-beam diffuse reflectance 

Table 1. Microstructural parameters of samples 

Sample Density (g CW-‘) Avrg. grain 
length (cun) 

Avrg. grain 
diameter (t.un) 

Open porosity 
(96 vol) 

Avrg. pore 
diameter (v) 

HPSN 3.31 6 1 0.07 6.1 
SRBSN 3.22 10 2.5 0.16 2.0 
RBSN 2.60 _ _ 21.96 0.1 



Sample 

HPSN 
SRBSN 
RBSN 
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Table 2. Sample composition as determined from X-ray diffraction patterns and EDS microanalysis 

Main phase Main secondary phase Sintering airis and impurities content (wt% as oxide) 

yz03 AI203 Fe203 CaO 

/3-&N, Y5N(SiQ& 9.7 1.8 0.3 - 

P-S&N, 1.5 3.2 
o-S&N4 (60%) /3-S&N, (40%) _ 0.6 oy2 oT2 

Table 3. Temperature and pressure for each oxidation test 
(duration = 24 h in each case) 

Test Temperature (“C) Pressure (MPa) 

A 400 12 
B 400 22 
C 400 30 
D 400 40 
IA 500 14 
IB 500 20 
IC 500 30 
ID 500 40 

configuration in the spectral range from 1400 to 
200 cm-’ with a resolution of 2 cm’. A silvered mir- 
ror was used for background measurement. 

3 Results 

The first oxidation test sequence was carried out to 
evaluate the influence of temperature and pressure on 
the oxidation process, keeping the soaking time con- 
stant, to try to elucidate the different behaviour of 
the samples. In fact, by comparing the results 
obtained at the same operating condition, it was pos- 
sible to evaluate differences in oxidation behaviour as 
a function of the silicon nitride formation technology. 

With the second oxidation test it was possible to 
obtain a rough estimate of the kinetics of the oxida- 
tion process itself. Howeve:r, results are only indica- 
tive because the weight changes during the process 
were influenced by many mechanisms, sometimes 
being in contrast with each other. Some of them led 
to a weight loss, others to a weight gain. 

3.1 RBSN oxidation 
Reaction-bonded silicon nitride is composed almost 
exclusively of a mixture of o-S&N, and @S&N, with 
some impurities. So the oxidation process is condi- 
tioned by the direct reaction of silicon nitride with 
the external environment and by porosity. After the 
low-pressure test (14 MPa at 400 and SOO’C) the 
morphology of the sample surface remained almost 
unchanged. However, the FTIR spectra showed a 
slight increase of the intensity of the peak corre- 
sponding to the Si-0 stretching vibrational mode 
(I 105 cm-‘), and a decrease of the Si-N stretching 

vibrational mode (Si-Nbs) due to the /?-S&N, 
molecule (959 cm-‘) was noticed. In the diffraction 
patterns a broad peak positioned around the SiO, 
reflection (amorphous silica) was found; a sharp peak 
of low intensity due to the trydimite reflection was 
also detected. 

In the test carried out at 20 MPa, the RBSN 
behaviour was little inIluenced by temperature. How- 
ever, the amount of silicon nitride P-phase on the 
surface was reduced, as evidenced by FTIR analysis. 
Such an observation confirms that the P-phase is 
preferentially oxidized with respect to the o-phase, 
similar results have been reported by Contet et al.” 
for silicon nitride powder after hydrothermal oxi- 
dation. In the supercritical region oxidation is more 
marked (Fig. 1). The surface silica content increases 
and the presence of calcium silicate (probably 
rankiite) becomes evident (round particles in Fig. 2). 

The time-dependent test (Fig. 3) showed that 
RBSN exhibited a weight increase at intermediate 
times (40 h), whereas after long exposure (100 h) the 
sample underwent a dramatic weight reduction. 
The strong initial weight gain may be explained by 
initial internal oxidation of the pores, which follows 
parabolic kinetics. The SiO, film grew on the 
pore walls, eventually closing the pores. After this 
the oxidation rate decreased, the weight increment 
being due only to external oxide growth.21 The 
subsequent weight loss could be due to dissolution 
of the silica in the supercritical water, following 
linear kinetics. 

Fig. 1. FTIR spectra of RBSN samples after oxidation tests. 
Si-Nbs, beta-silicon nitride stretching vibrational mode, Si-Nbr, 
beta-silicon nitride rocking vibrational mode; Si-Nas, alpha- 
silicon nitride stretching vibrational mode; Si-Nar, alpha-silicon 

nitride rocking vibrational mode. 
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Fig. 4. FTIR spectra of HPSN samples after oxidation tests. 
Si-Ns, beta-silicon nitride stretching vibrational mode; Si-Nr, 

beta silicon nitride rocking vibrational mode. 

Fig. 2. SEM micrograph of RBSN sample after oxidation 
tests at 500°C and 40 MPa water pressure. 
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Fig. 3. Weight change vs. time for RBSN (0), HPSN (0) 
and SRBSN (A) samples after exposure at 400°C and 

36 MPa water pressure. 

Fig. 5. SEM micrograph of HPSN sample after oxidation 
tests at 400°C and 30 MPa water pressure. 

3.2 HPSN oxidation 
The oxidation resistance of hot-pressed silicon 
nitrides is conditioned strictly by the presence of 
sintering aids. In the low-temperature low-pressure 
test, the surface was practically unaffected by oxi- 
dation phenomena. On increasing the tempera- 
ture, a noticeable amount of silica associated with 
a reduction of the stretching vibrational mode 
peak of silicon nitride was observed in FTIR spectra 
(Fig. 4). At higher pressure, but in the subcritical 
region, the surface was damaged markedly. Sur- 
face roughening was due to intense silica formation 
(strongly marked at SOO’C) and was coupled with 
a reduction of the Si-O-N reflection in the FTIR 
spectra (960 cm-‘). 

At 30 MPa and 400°C there was a noticeable 
increase in the content of yttrium silicon oxyni- 
tries (Y20N4Si,,0,, crystal and vitreous phase) as 
clearly shown in Fig. 5. Greater differences than 
in the subcritical region were revealed in the corre- 
sponding high-temperature test. In fact, at 500°C 
the above glassy phase disappeared as also con- 

firmed by X-ray diffraction analysis. Such phe- 
nomena could be explained by detachment of the 
incoherent glassy phase itself due to its excessive 
growth. At the maximum pressure reached such a 
situation was more evident. 

As far as the oxidation kinetics are concerned, 
the time-dependent test revealed a continuous, but 
limited, weight loss (Fig. 3). 

3.3 SRBSN oxidation 
The oxidation mechanism of sintered reaction- 
bonded silicon nitride was similar to that observed 
for HPSN. At low temperature the formation of a 
superficial glassy phase was observed. At 40 MPa 
this layer became incoherent and detached easily, 
exposing a silica-rich substrate (Fig. 6). Very inter- 
esting results were observed for tests conducted at 
500°C: the nucleation and progressive growth of 
Y&O5 yttrium silicate crystals (Fig. 7). The growth 
of such crystals was strongly influenced by the 
water pressure, being maximized at 40 MPa. FTIR 
analysis revealed the almost complete disappearance 
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Fig. 6. SEM micrograph of SRBSN sample after oxidation 
tests at 400°C and 40 MPa water pressure. 

Fig. 7. SEM micrograph of SRBSN sample after oxidation tests 
at 500°C and 40 MPa water ipressure. The arrows indicate 

yttrium silicate crystals. 
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Fig. 8. FTIR spectra of SRBSN samples after oxidation tests. 
Si-Ns, beta-silicon nitride stretching vibrational mode; Si-Nr, 

beta-silicon nitride rocking vibrational mode. 

of Si-O-N and Si-O-Si (silica) peaks (Fig. 8). The 
oxidation kinetics also showed a behaviour similar 
to that observed for HPSN with a weight loss 
increasing with time, but in this case a little more 
marked. 

4 Discussion 

Different considerations have to be made in the 
case of silicon nitride samples containing sintering 
aids and those comprising almost pure reaction- 
bonded silicon nitride. In the former case the growth 
of a silica glassy phase rich in metal ions is predomi- 
nant. This is followed by debonding of such layers, 
exposing the underlying silica-rich scale, and thus 
increasing the environment aggressiveness. In the 
case of HPSN and SRBSN the oxidation reactions 
lead to a weight decrease with time, The loss of 
material in gas form (N2, H2 or NH,), due to disso- 
lution in supercritical ‘water, and due to mechanical 
debonding of the incoherent scale, is predominant. 
Assuming linear kinetics for the weight loss, an 
apparent iinear rate constant of 0.033 and O-063 mg 
cme2 h-i was calculated for HPSN and SRBSN, 
respectively (Table 4). 

A situation which should be discussed sepa- 
rately is the oxidation process at 500°C of SRBSN. 
In this case the nucleation and growth of yttrium 
silicate crystals over the oxidation scale were 
observed. Such phenomena could be related to the 
hydrothermal growth of crystals.22 The different 
amount of sintering aids (and probably of minor 
contaminants), leading to a different composition, 
solubility and viscosity of the glassy phase, may 
explain the lack of a similar process for HPSN 
samples. However, further tests are required for a 
fuller explanation. 

In the case of RBSN, internal oxidation due to 
its high open porosity characterizes the first oxida- 
tion stage with a noticeable weight gain.21 The sol- 
ubility of silica in supercritical water, following 
linear kinetics, could be the main factor influenc- 
ing the weight loss observed after 100 h exposure 
at 400°C and 36 MPa. Such an assertion is sup- 
ported also by visual observations: after cooling 
down the autoclave, there was a white deposit (sil- 
ica powder) all over the platinum crucible and 
autoclave walls. Coupling the two processes, the 

Table 4. Parabolic rate constant kp (rng cm4 h-l) and linear 
rate constant k, (mg cme2 h-‘) calculated from experimental 

data 

Sample type 

HPSN 
RBSN 
SRBSN 
Silica glass]’ 

kP kl 

- 0.033 
54.53 1.052 

_ 0.063 
_ 0.176 
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effective weight changes of RBSN should follow the stability of the oxidation scale, mainly 
the relationship on the RBSN sample surface. 

-!!Lk,_k 
dt t ’ 
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In spite of the low temperature, high-pressure 
water oxidation tests significantly alter the 
surface of sintered silicon nitride. Increas- 
ing both pressure and temperature causes 
the oxidation attack to be stronger and 
stronger. 
In such situations sintering aids and impu- 
rities also have a detrimental effect on oxida- 
tion behaviour, promoting the formation of 
incoherent glassy phase over the surface in 
analogy with the high-temperature (1OOO“C) 
oxidation mechanism. 
The high open porosity has a strong infl- 
uence on the oxidation kinetics of RBSN. 
A noticeable weight gain was observed 
after 40 h exposure at 400°C and 36 MPa. 
The solubility of silica in supercritical 
water seems to have a great influence on 
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Abstract 

The preparation step for extrusion (with binders) of 
S&N, powder, as well as the extrusion process itself 
modify the original properties of the powder so that 
its recovery and subsequent rework are not possible. 

X-ray photoelectron spectroscopy (XPS), X-ray 
d&G-action, infra-red spectroscopy, potentiometric 
titrations and zeta potential determinations have 
been used to identtfy the surface modifications in 
Si,N, due to addition of binders, and to examine 
powders after elimination of the binders by extrac- 
tion with organic solvents and heat treatment. 

The original S&N, with binders showed a shift in 
zeta potential and point of zero charge (PZC) to 
lower pH, indicating the adsorption of organic com- 
pounds on the S&N, surface at this step. The appear- 
ance of one OLs peak at 532.3 e V in the XPS spectrum 
showed the presence of SizI~JO. After extraction with 
organic solvents the PZC value was close to that of 
the S&N, + binders (pH = .3*2), indicating incomplete 
removal of organics; this was confirmed by XPS deter- 
mination (Cts intensity data) and chemical analysis. 
The presence of Si,N,O was not modt$ed as shown by 
XPS and the value of the isoelectric point. Heat treat- 
ment removes the organics completely but produces an 
oxidation of Si,N, to SiO, as evidenced by a shift in 
the binding energy of the 0, photopeak to 534.0 e V 
0 I996 Elsevier Science Limited. 

La melange du Si,N, en poudre avec des liants 
organiques et son posterieur processus d’extrusion, 
produit des modt@cations &.ts les proprietes originelles 
du S&N, qui ne permettent pas sa recuperation et 
subsequent reutilisation. L ‘iden@cation des modfica- 
tions super$cielles du S&N, avec des liants et aprds 
elimination des liants par extraction par solvents 
organiques et traitement thermique, ont ttt suivis 
par ESCA, DRX IR, titrages potenciometriques et 
potentiel zeta. 

Le S&N, avec liants a montre une diminution de 
la valeur du potentiel zeta et du point de zero charge 

(PZC), par rapport au Si,N,, ce qui tndique 1 ‘extitence 
d’adsorptions organiques super$cielles. Le spectre 
ESCA, avec une pit h 532.4 e V (0,J demontre la 
presence du Si,N,O. Apres l’extraction par solvents 
organiques, la valeur du PZC, pres du S&N, + 
binders (pH = 3.2), marque la disparition partiel des 
liants organiques, aussi bien que les don& d’intensite 
du Cts et des analises chimiques. L’ESCA et la valeur 
de IEP ont montre aussi la presence du Si,N,O. Le 
traitement thermique Climine completement les liants 
organiques mais produit lbxidation du S&N, a SiO, 
comme montre l’apparition dun pit a 534-O eV du O,$ 

Introduction 

The processing of silicon nitride powders to produce 
ceramics and the characteristics of the ceramics 
have been widely studied and reported.’ Properties 
such as high fracture strength and decomposition 
point, and good wear, oxidation and thermal shock 
resistances make silicon nitride ceramics attractive 
for application in high-temperature machine parts. 

The main forming process is injection (or extru- 
sion) moulding; binders are mixed with Si3N4 
powder and the forming process is similar to those 
used for plastics. Different and at times complex 
shapes, which are required by machine parts, can be 
achieved using this method. However, the binders 
(15-25%) must be removed before sintering. When 
a hot isostatic press (1000-3000 kg cm2, 500-2000°C) 
is employed, the application of binders is not neces- 
sary. In this case, the powder is formed and sintered 
in one step, but this is a high-cost process and 
complexity of the part shape is a limiting factor. In 
consequence, extrusion and the subsequent sintering 
process are used extensively. 

Obviously, after the sintering temperature has been 
applied to the brown body and a material with high 
fracture strength obtained, recovery and subsequent 
rework of the powder is not possible. Therefore, the 
silicon nitride will be wasted if the shape or other 
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properties of the final product do not satisfy the 
requirements. 

Although recovery of the powder with its original 
properties from the brown body might be feasible, 
it has not been achieved to date.2 Binders can be 
adsorbed with no subsequent elimination, modifying 
the surface properties of the silicon nitride powder 
and hindering its recovery not only after extrusion 
but also after thermal treatment for 1 week at 500°C. 
Thick, immobile, adsorbed layers of silane coupling 
agents have been reported3 to be responsible for the 
creation of defects during binder removal. Conse- 
quently, study of the surface properties of Si,N, 
powder, as well as those of brown bodies, is very 
important for exploring the possibility of powder 
recovery before sintering. 

It is well known that surface composition influences 
the colloidal dispersion behaviour of silicon nitride 
powders in aqueous suspensions. This has a strong 
influence on the physical properties of the final sin- 
tered product.b8 Measurements of the surface charge 
by means of titration techniques have been used to 
characterize as-received and treated silicon nitride 
powders. Minor differences in powder surface com- 
positions lead to changes in the point of zero charge 
(PZC) as determined by surface titration. In this way, 
depending on the source of the material, the PZC of 
silicon nitride powder has been found in the pH 
range 3-9.5 X-ray photoelectron spectroscopy (XPS) 
is a surface-sensitive technique that has been used 
to analyse the surface layer composition of several 
commercial silicon nitride powders.’ Even when these 
powders are just exposed to ambient conditions, 
different proportions of silica and silicon oxynitride 
compounds have been identified. Consequently, 
these alterations in surface layer composition and 
structure would influence the behaviour of binders 
during steps in the formation of green and brown 
bodies. 

This research is aimed at gaining an under- 
standing of the transformations undergone by sili- 
con nitride powder as a consequence of (1) the 
addition of binders and (2) their later elimination, 
by heat treatment or organic solvent extraction. 
Changes in surface composition have been studied 
by XPS and measurement of the surface charge by 
potentiometric titration and microelectrophoresis, 
whereas X-ray diffraction (XRD) and infra-red 
(IR) spectroscopy were used to monitor changes 
in the bulk sample. 

Experimental 

Materials 
A commercial a-Si3N, (95%) powder from Ube 
(SN-ElO), with a particle size (80%) ~0.8 pm and 

specific surface area of 9-13 m2 g-’ (manufacturer’s 
specifications), was selected for this research. The 
brown bodies, prepared from this powder, were 
kindly supplied by the Industrial Research Institute 
Aichi Prefectural Government. The binders utilized 
were polypropylene, polystyrene, propyl methacrylate, 
stearic acid and dioctylphtalate, in a ratio of binders/ 
Si,N, close to 20%. 

Binder elimination methods 
Binder elimination from brown bodies was carried 
out by heat treatment. The sample was milled by 
hand and heated at 500°C for 1 week. Heat treat- 
ment is the usual method employed in the industrial 
processing of silicon nitride powders. In the second 
method, not used in manufacturing processes, the 
binders were eliminated by extraction with organic 
solvents. In these experiments, the sample was treated 
with concentrated nitric acid followed by slow drying 
at lOO”C, washed with water until neutral pH and 
washed again with ethanol. After this first treatment 
was completed, the residue was consecutively Soxhlet 
extracted and solvent washed with toluene (3 h), 
chloroform (4 h) and ethanol ( 1 h), heated in the 
presence of H202 to dryness and finally washed 
several times with distilled water. 

Characterization techniques 
X-ray diffractograms were obtained on a Philips PW 
1140 diffractometer using CuK, radiation and an 
Ni filter. The working conditions were 40 kV and 
20 mA. Samples were analysed by means of the 
powder mounting technique. 

Infra-red spectra of samples were obtained on KBr 
pellets (1% sample/KBr) using a Perkin-Elmer 577 
spectrometer. The spectra were recorded on 
absorbance. 

XPS analyses were performed in an ESCA Shi- 
madzu 750 spectrometer with an Escapac 750 system. 
An Mg anode (1253 eV) operating at 30 mA and 
8 mV was used as excitation source in a residual 
vacuum of 10m5 Pa. An energy correction was made 
to account for sample charging based on the Cls, 
peak at 285 eV. The XPS spectra were normalized, 
the area of the peaks integrated and the full width 
at half-maximum (FWHM) measured. 

Potentiometric titration experiments were carried 
out by first dispersing 5 g of sample in 90 ml of 
0.1 or 0.001 M KC1 supporting electrolyte. These 
dispersions were then titrated in nitrogen atmosphere 
with 0.1 M HCl or KOH solutions by adding a fixed 
volume of titrant every 15 min.” For each experi- 
ment, the relative adsorption of proton or hydroxyl 
ions by the solid, reported as PC g-‘, was plotted 
as a function of the dispersion pH. The common 
intersection point in the potentiometric curves 
obtained at different electrolyte concentrations was 
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considered as the point Iof zero charge (PZC) of 
the sample. Samples were washed with water and 
ultracentrifuged before potentiometric titration 
was carried out. 

Electrokinetic potentials of samples were deter- 
mined using a Laser Zee Meter 501. The electro- 
phoretic mobilities were converted into zeta 
potentials according to the Smoluchowski equation. 
For each determination, 0.05-O. 1 g of sample was 
dispersed in 100 ml of 0.01 M KC1 solution and 
the slurry stirred magnetically for at least 18-24 h 
before the measurements were carried out. To gen- 
erate zeta potential versus pH curves and from them 
the isoelectric point (IEP), the pH of the slurry 
was adjusted using dilute HCl and KOH solutions 
followed by magnetic stirring to equilibrium. 

Results and Discussion 

Bulk characterization 
Comparison of the XRD pattern of original silicon 
nitride (S&N,) with those corresponding to samples 

Fig. 1. XRD patterns of samples: (a) S&N,, (b) S&N, + binders, 
(c) S&N, + binders/organic and (d) S&N, + binders/5OO”C. 

obtained after binder addition (S&N, + binders) and 
subsequent removal by organic extraction (S&N, + 
binders/organic) or heat treatment (S&N, + binders/ 
SOO”C), shown in Fig. 1, does not reveal any differ- 
ences in number or in position of the peaks between 
the samples. These results indicate that the intro- 
duction and later elimination of the binders, by both 
organic extraction and heat treatment, do not lead 
to modifications of the crystalline species of the 
silicon nitride powder. 

The IR spectra of the samples are illustrated in 
Fig. 2. The spectrum of S&N, + binders (spectrum b) 
shows bands at 1380, 1460,2850,2930 and 2970 cm’ 
and at 1730 cm’ which correspond to aliphatic C-H 
bonds and carbonyl (C=O) groups, respectively, 
of the organic compounds used as binders. These 
bands disappear after the sample has been treated 
to eliminate the binders (spectra c and d) and the 
spectra are similar to that obtained from original 
silicon nitride powder (spectrum a). The addition of 
binders followed by their removal does not introduce 
changes in the structure of the silicon nitride powder 
detectable by IR. However, a residual carbon content 
of 0.75% has been determined chemically in the 
S&N, + binders/organic sample No carbon was found 
in the S&N, + binders/500”C sample. The organic 
carbon concentration of the S&N, + binders sample 
was 18.2%. 

Fig. 2. IR spectra of samples: (a) Si,N,, (b) S&N, + binders, 
(c) Si,N,binders/organic and (d) S&N, = binders/5OO”C. 
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Table 1. Area (a.u.) and FWHM (eV) measured for Cls, Nlsr O,, and Si,, peaks in the XPS spectra of samples 

Peak area 
Cl, 
Nl, 

$ 

FWHM 
Cl, 
Nl, 
0,s 

Si,, 

Si,N, + binders Si,N, + binders/organic Si,N, + binders/5OO”C 

70113 31436 24023 
3411 7102 29630 

23085 4320 25487 4638 61106 18576 

2.2 2.1 3.0 
1.8 1.9 2.0 
2.7 2.9 2.5 
2.3 2.2 2.4 

Surface characterization 
Table 1 shows values of the area and FWHM for 
peaks in the XPS spectra of S&N, + binders, S&N, + 
binders/organic and S&N, + binders/500”C. The N,, 
and Si,, peaks were symmetrical and could not be 
deconvoluted, their FWHM values being similar to 
those obtained by Bergstrom and Pugh7 for three 
silicon nitride powders of different origin (N,, = 2.1 
f 0.07 eV and Si,,= 2.4 + 0.04 eV). As expected, 
the removal of organic compounds led to a decrease 
in the C,, peak area. In the case of the S&N, + 
binders/organic sample, the area decrease was less 
sharp. This result agrees with the residual carbon 
content that was chemically determined in this sample 
as mentioned above. Unlike carbon, oxygen con- 
tent at the surface increases upon elimination 
of binders, this being especially remarkable for the 
Si,N, + binders/500”C sample Thus compared 
with those of S&N, + binders and S&N, + binders/ 
organic, the area of the Ols, peak for S&N, + 
binders/500”C is more than doubled. These results 
suggest the oxidation of the sample surface during 
binder elimination mainly by heat treatment. The 
increase of N,, and Si,, areas could be due to organic 
screen elimination. 

The measured binding energies (BE) of Nls, O,, 
and Si,, electron levels from XPS spectra of S&N, 
+ binders, Si,N, + binders/organic and S&N, + 
binders/500”C are given in Table 2, together (for 
comparison) with binding energies for S&N,, SiOz and 
S&N20 previously reported by other authors.7m9,’ ‘,I2 
The addition of binders to silicon nitride powder 
does_not modify the binding energies of the N,, and 
Sizp electron levels. However, a signal appears at 
532.5eV which can be ascribed to Or, from Si,N,O. 
The peaks corresponding to N,, and Si,, are shifted 
to higher energies after the removal of binders. In 
addition, for S&N, + binders/500”C, the energy 
increase of the Si,, level is higher and approaches 
that of Si02. The energies of Si,, and Or, for the 
S&N, + binders/organic sample are comparable to 
those of Si,N,O. When the Si-N bond is converted 
to Si-0 by surface oxidation, the charge on Si atoms 

will increase. Consequently, the binding energy of 
Si,, will be higher. The Pauling charge on Si atoms 
for samples have been estimated based on a linear 
relationship established by Brown and Pantano6v” 
between average charge on Si atoms and binding 
energy of Si2p level for several silicon compounds. 
Average charges on Si atoms of 1.67, 1.89 and 
2.30 eV for S&N, + binders, S&N, + binders/organic 
and S&N, + binders/500”C, respectively, have been 
obtained. Values of 1.56, 181 and 2.34 eV were pre- 
viously determined on Si atoms for S&N,, S&N,0 
and Si02. These results suggest that the outer sur- 
faces of the brown bodies studied are on the whole 
silica-like when heat treatment is applied, whereas 
the predominant compound in the solvent extracted 
samples seems to be oxynitride-like. 

The titration curves of silicon nitride, silicon nitride 
with binders and those samples obtained after binder 
removal are illustrated in Fig. 3. The PZC of silicon 
nitride occurs at pH 6.2 [Fig. 3(a)]. This result is 
in agreement with that previously reported for this 
powder.5 The presence of binders shifts the PZC 
value of silicon nitride to pH 28 [Figure 3(b)] and 
the subsequent extraction with organic solvents to 
pH 3.2 [Fig. 3(c)]. This result shows the presence 
of acidic groups after addition of binders. The PZC 
for S&N, + binders/500”C at pH = 5.5 [Fig. 3(d)] 
is close to that of the original silicon nitride pow- 
der [Fig. 3(a)]. It seems that removal of binders by 
heat treatment partly restores the original titrated 
surface groups of silicon nitride powder, but the 
charge density does not attain the original S&N, 
value (e.g. at pH 7 for S&N, the charge density was 

Table 2. Binding energies (BE in eV) of N,,, O,, and Si,, in 
the XPS spectra of samples and those of silica, silicon nitride 

and silicon oxynitride7-9,‘1,‘2 

Sample NI, 01, Si2, 

S&N, 397.3-397.7 
397.9 532.5 

1014-101~7 
S&N, + binders 101.7 
S&N, + bmders/orgamc 398.2 532.6 102.1 
Si,N, + bindersROOT 399.0 534.0 103.0 
S&N20 397.7-397.9 532.6 101~9-103~1 
SiO, _ 533.6 103.6 
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10 X lo6 & g-’ and for S&N, + binders/SOO”C 
was 0.5 X lo6 PC g-l). The oxidation of S&N, to 
SizN,O or SiOz, detectedL by XPS results, is not 
evidenced by titration curves. 

An isoelectric point (IEP) at pH range 6-7 has 
been reported for the silicon nitride powder 
employed in this work. 4~12 As shown in Table 3, 
the addition of binders tfo silicon nitride to form 
the brown body shifts the IEP value to lower pHs. 
S&N, + binders shows an IEP at pH = 2.1. In addi- 
tion, the removal of bindlers does not lead to the 
recovery of the original IEP at pH range 6-7. The 
IEP has been reported to provide an estimate of the 
acidity of the solid surface, which increases as the 
IEP is shifted to lower pHs. Based on this, the addi- 
tion of binders to silicon nitride powder clearly 
increases its acidity. These results suggest that the 

2 3 4 5 6 7 8 
PH 

b 

-32 3 4 5 6 7 0 
11 H 

PH 

Fig. 3. Titration curves of samples: (a) S&N,, (b) S&N, + 
binders, (c) S&N, + binders/organic and (d) S&N4 + binders 
1500°C. In KC1 supporting electrolyte: (0) lo- and (/“Q 

10-3 M. 

Table 3. IEPs of samples from zeta potential versus pH 
curves and that of silicon nitride5*13 

Samples PHIEP 

S&N, &I 
S&N, + binders 2.1 
S&N, + binders/organic 2.2 
S&N, + bindersBM”C 3.3 

surface of silicon nitride was oxidized during the first 
step of processing, in agreement with XPS results, 
as a consequence of binder addition. Therefore, their 
subsequent elimination will result in changes in 
surface composition but the oxidized surface groups 
will remain or even increase in concentration, 
depending on the binder removal method used. The 
IEP differences between solvent extracted (IEP at 
pH 2.2) and heat-treated (IEP at pH 3.3) samples 
may be due to the remaining organic compounds 
adsorbed on the surface of the former. The differ- 
ence between the IEP and PZC values (pH = 5.5 
and 3.3, respectively) for the S&N, +binders/SOO”C 
sample indicates the surface adsorption of a com- 
pound of lower PZC such as SiO, (PZC of SiO, 
pH = 2 to 2.514). 

The surface oxygen content has been found to 
have a clear influence on the pH of the IEP of silicon 
nitride powders. In fact, a linear relationship between 
the surface oxygen content and the pH of the IEP 
was established for these compounds.’ For example, 
by applying this equation the to the IEP value of 
the S&N, + binders/500”C sample, a surface oxygen 
content of 0.10 g/cmm2 was estimated, whereas the 
oxygen content of the original silicon nitride powder 
was 0.04 g/cmm2. This surface oxygen increase of 
more than twice in S&N, + binders/5OO”C is assigned 
to SiO, in agreement with XPS results, and corrob- 
orates the difference observed between IEP and 
PZC values. 

Conclusion 

The addition of binders to S&N, powders, for extru- 
sion, leads to surface changes which hinder its recov- 
ery from the brown body step and after extraction 
by organic solvents or heat treatments. 

Binder addition results in adsorption of organic 
compounds on the S&N, surface, evidenced by an 
abrupt decrease in the pH values of IEP and PZC 
from 6.2 and 67 to 2.1 and 2.8, respectively. A sur- 
face oxidation to Si2N20 was revealed by the appear- 
ance of an Ols, photopeak, in the XPS spectra, at 
532.3 eV. 

Binder extraction by treatment with organic sol- 
vents produces an intense but not total elimination 
of organic adsorption as shown by the decrease of C,, 
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peak area from 70 113 to 31 436 (a.u.) and by chemi- 
cal analysis. The similar IEP and PZC values 
obtained for samples S&N, + binders and S&N, + 
binders/organic indicate that surface modifications 
remain unaltered. 

Heat treatment eliminates the surface organic 
adsorption and produces S&N, oxidation to Si02, 
as revealed by the more than two-fold increase in 
the O,, photopeak area and the difference between 
IEP and PZC values. 

Acknowledgements 

The authors would like to thank Dra. L. Cornaglia 
of the Departamento de Fisico-Quimica, Facultad 
de Ingenieria, Universidad de1 Litoral, for assistance 
in XPS. 

References 

1. 

2. 

3. 

Meethan, G. W., High temperature materials - a general 
review. J. Mater. Sci., 26 (1991) 853-860. 
Seno, A., Personal communication, Industrial Research 
Institute Aichi Prefectural Govenment. 
Edirisinghe, M. J., The use of silane coupling agents in 
ceramic injection moulding: effect on polymer removal. J. 
Mater. Sci. Lett., 9 (1990) 1039-1041. 

4. 

5. 

6. 

7. 

8. 

9. 

10. 

11. 

12. 

13. 

14. 

Withman, P. K. & Fede, D. L., Colloidal characterization 
of ultrafine silicon carbide and silicon nitride powders. 
A&. Ceram. Mater., 1[4] (1986) 36&370. 
Whitman, P. K. & Fede, D. L., Comparison of the surface 
charge behavior of commercial silicon nitride and silicon 
carbide. J. Am. Ceram. SW., 71[12] (1988) 1086-1093. 
Brown, R. K. & Pantano, C., Compositionally dependent 
Sizp binding energy shifts in silicon oxynitride thin films. 
J. Am. Ceram. SW., 69[4] (1986) 314-316. 
Bergstrom, L. & Pugh, R. J., Interfacial characterization of 
silicon nitride powders. J. Am. Ceram. SW., 72[1] ( 1989) 
103-109. 
Rahaman, M. N., Boiteux, Y. & De Jonghe, L. C., Surface 
characterization of silicon nitride and silicon carbide 
powders. Am. Ceram. Sot. Bull., 65[8] (1986) 1171-l 176. 
Greil, P., Nitzsche, R., Friedich, H. & Hermel, W., Evalua- 
tion of oxygen content on silicon nitride powders surface 
from measurement of the isoelectric point. J. Eur. Ceram. 
sot., 7 (1991) 353-359. 
Block, L. & De Bruyn, P. L., The ionic double layer at 
ZnOisolution interface. I The experimental point of zero 
charge. J. Coil. Interf Sci., 32 (1970) 518-521. 
Brown, R. K. & Pantano, C., Thermochem. nitridation of 
microporous silica films in ammonia. J. Am. Ceram. SW., 
70[1] (1987) 9-14. 
Torres Sanchez, R. M., Etude de la relation entre le fer 
externe et la kaolinite. Thesis, Univ. Cath. de Louvain, 
Belgium, 1983. 
Greil, P., Colloidal procesing of silicon nitride ceramics 
review. In Proc. 3rd Int. Ceramic Materials and Compo- 
nents for Engines, ed. V. Tennery. Am. Ceram. Sot., West- 
erville, OH, 1989, pp. 319-329. 
Iller R. K., in The Chemistry of Silica, Wiley Interscience 
Publishers, 1972, p. 660. 



Journal of the European Ceramic Society 16 (1996) 1133-I 139 
8 1996 Ekvier Science Limited 

Printed in Great Britain. All rights reserved 
PII: SO955-2219(96)00030-l 0955-2219/96/$15.00 

Plasma-Sprayed Ceramic Coatings for SiAlON 
Ceramics ’ 

B. S. B. Karunaratne & M. H. Lewis 
Centre for Advanced Materials, University of Warwick, Coventry CV4 7AL, UK 

(Received 10 October 1995; revised version received 8 January 1996; accepted 12 January 1996) 

Abstract 

Plasma-sprayed coatings of yttria-stabilized ZrO, 
and AI,O,. TiO, used as a protective barrier on p- 
S&NJ-based sialon ceramics were investigated. The 
coatings showed better cohesion with the pre-oxidized 
surfaces due to the reaction between the SiO,-rich 
oxidation layer and the coating materials. Formation 
of low thermal expansion zircon and aluminium 
titanate on the pre-oxidi.zed ceramic was studied 
using scanning electron microscopy and X-ray 
dtjjraction. Preliminary experiments on oxidation 
and molten metal immersion, showed that the coatings 
provide signtjicant protection against oxidation and 
molten metal attack. 0 1996 Elsevier Science Limited. 

1 Introduction 

Si,N,-based sialon ceramics are possible candidate 
materials for a number of advanced heat engine 
applications, molten metal containment, wear- 
resistant applications, etc. However, oxidation, hot 
salt corrosion and molten metal attack are some 
of the major limitations for high-temperature 
applications of these ceramics. These effects are 
more pronounced in pressureless-sintered sialon 
ceramics due to the presence of intergranular glass 
phases.’ The problem of oxidation, above 12OO”C, 
of pressureless-sintered sialon ceramics has been 
partially solved by stabilizing the metallic ions by 
the crystallization of the residual intergranular 
glass phase.2 However, this improves oxidation 
resistance only up to 1300°C. Above this tempera- 
ture, the crystalline intergranular phase becomes a 
liquid silicate due to its reaction with oxidation 
products on the surface (mainly SiO,) and the 
problem of oxidation becomes severe. 

Protective coatings are widely used to improve 
the corrosion, oxidation and wear resistance of 
high-temperature components.3-5 The main objec- 
tive of this work was to explore the feasibility of 
using plasma-spraying to produce a protective 

diffusion or corrosion barrier on sialon ceramics. 
Plasma-spraying has several advantages over other 
surface coating techniques such as chemical 
vapour deposition (CVD). Spraying of plasma 
coatings is simple, relatively inexpensive and can 
be carried out in a short time in a controlled man- 
ner. However, plasma-spraying at ambient pres- 
sure in moderately oxidizing conditions restricts 
the sprayed powders to the oxides. In addition, 
the availability of powders having suitable particle 
size for plasma-spraying imposes further restric- 
tions. The major problem associated with ceramic 
oxide coatings is the mismatch in thermal expan- 
sion coefficient, (Y, with the substrate ceramics (a 
for oxides is typically 6-10 X 10m6 K-i and (Y for 
sialon ceramics 3 X 10m6 K-l). However, the use of 
intermediate layers of mid-range thermal expan- 
sion may alleviate the problem of layer cracking 
or spalling on thermal cycling. The intermediate 
layers may be formed by pre-oxidation of the 
substrate ceramic or prior deposition of silicate 
films of selected composition. These silicate films 
are reactive with the plasma-sprayed coating and 
are expected to provide good cohesion. In this 
work, zirconia (ZrO,) and aluminium titanate 
(Al,TiO,) were chosen for plasma-spraying on the 
sialon ceramics. 

It is known that pure ZrO, undergoes a volume 
expansion when it transforms from the tetragonal 
phase to the monoclinic phase6p7 during cooling 
below 1200°C. This could lead to extensive micro- 
cracking and hence reduction in the protective 
properties of the coating. However, the addition 
of about 15 mol% Y,03 results in the formation of 
a stabilized cubic phase which does not transform’ 
into the monoclinic phase. ZrO, in all its polymor- 
phic forms has a high thermal expansion coeffi- 
cient (a) compared with sialon. However, its 
reaction product with SiO,, believed to be zircon, 
has a value of (Y (4 X lo4 K-‘) comparable to that 
of sialon ceramics (3 X 10” K-l). 

A12Ti05 has a very low thermal expansion 
coefficient and should help alleviate the problem 
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of spalling during thermal cycling. The low ther- 
mal expansion property is due to the expansion 
anisotropy of individual orthorhombic Al,TiO, 
crystals’ giving rise to a stable microcracked struc- 
ture’.” in the polycrystalline state. However, due 
to the non-availability of a suitable pre-reacted 
aluminium titanate powder, a powder mixture of 
A&O3 and Ti02 was sprayed on the sialon ceram- 
ics. A reaction between A&O3 and TiOz to form 
AlzTiOs could be expected during plasma-spray- 
ing, due to the very high temperature of the 
plasma. 

2 Materials and Spraying Conditions 

2.1 Substrate ceramic 
Pressureless-sintered, diphasic sialon samples of 
dimensions 3 mm X 3 mm X 50 mm were used as 
the substrate ceramic. The two phases of this 
material are p’ (Al-substituted P-Si,N,) and an 
Y/Al-rich silicate matrix (YAG).* One side of the 
substrate ceramic was exposed to the plasma in 
various surface conditions: 

(9 
(ii) 

(iii) 

(iv) 

diamond cut and lapped to 1 pm grit; 
similar surface finish to (i) and pre-oxi- 
dized at 1220°C to form a Si02-rich layer; 
diamond cut and lapped to -30 pm grit; 
and 
similar surface finish to (iii) and pre-oxi- 
dized at 1220°C. 

2.2 Spraying powders 
A 13 wt% yttria-stabilized ZrO, (YSZ) powder 
(Plasmatex 1081), of particle size in the range 
20-75 pm, was sprayed via a H,/argon plasma at 
a distance of 110 mm from the ceramic substrate. 
Different layer thicknesses of YSZ were sprayed 
on ceramic substrates having pre-oxidized layers 
of thicknesses in the range of 5-30 pm. The thick- 
ness of the plasma layer was preselected to match 
the oxide layer in order to obtain complete growth 
of a low thermal expansion zircon (ZrSiO,) film 
during post-spraying heat treatment. 

A powder mixture of 60 wt% Al,O, and 40 wt% 
Ti02 (Plasmatex 1021), of particle size in the 
range 5-25 pm, was sprayed under similar condi- 
tions. However, to form a complete aluminium 
titanate (Al,TiO,) coating, it is necessary to use an 
equimolar (56.1 wt% A1203 and 43.9 wt.% TiO,) 
mixture of powders in plasma-spraying. The phase 
diagram of A1203/Ti02 shows that the powder 
mixture (Plasmatex 1021) is very slightly away 
from the eutectic composition. Hence the coating 
should have a diphasic structure (Al,O, and 
Al,TiO,). 

3 Microstructural Analysis 

3.1. As-sprayed coatings 
There was limited adhesion of both YSZ and 
A1203.Ti02 films on the polished surfaces of the 
substrate. The adhesion of coatings was improved 
with pre-oxidation of the substrate surface. This is 
due to the reaction between the Si02 layer and the 
coating materials. In addition, the presence of the 
SiO, layer is necessary in ZrO, coatings to pro- 
duce the low thermal expansion reaction product, 
zircon. In the case of aluminium titanate, it has 
been reported that addition of Si02 up to 20% 
does not influence the thermal expansion coeff- 
cient of A12Ti05.““* This is probably due to the 
substitution of some Si atoms for Ti atoms with- 
out changing the expansion anisotropy of individ- 
ual orthorhombic A12TiOS crystals. Addition of a 
small quantity of Si to A12TiOS to form a solid 
solution is also advantageous in controlling the 
thermal decomposition below 1300°C of Al,TiO, 
into Al,O, and Ti02. I3714 However, some investiga- 
tors,15 have observed that the Al,TiO, samples 
containing SiO, underwent decomposition at 
1370°C under reducing conditions. 

The coatings were extensively craze-cracked 
(Fig. 1), especially in the thinner areas, due to the 
rapid cooling of droplets after striking the cold 
substrate. Heating the substrate ceramic during 
plasma-spraying may prevent craze-cracking by 
reducing microstresses. I6 It is also clear that the 
molten or semi-molten particles from the plasma 
gun have flattened and spread on the substrate in 
the diameter range 30-60 pm, after striking it 
(Fig. 2). The YSZ coatings were 15-60 pm thick 
and the A1203.Ti02 coatings were 50-100 pm 
thick. The laminated appearance of the cross-sec- 
tion of A1203.Ti02 coatings [Fig. 2(b)] is a result 
of the lateral spreading of molten particles. 
Energy dispersive X-ray analysis (EDAX) revealed 
that the light areas were Ti02 and the dark areas 
were Al2O3. The small amount of ZrO, occasion- 
ally detected was probably due to contamination 
of the spraying equipment. There was no indica- 
tion of reaction between Al203 and Ti02 during 
plasma-spraying. 

The X-ray diffraction (XRD) studies of YSZ 
coatings confirmed that ZrO, was in cubic stabi- 
lized form. The XRD studies of A1203.Ti02 coat- 
ings revealed that a-Al203 in the initial plasma 
powder mixture of Al203 and Ti02 has been trans- 
formed to a metastable, face-centred cubic y- 
phase. This transformation has been reported 
earlier” in Al203 plasma coatings on metal sub- 
strates. The formation of the metastable y-phase 
is due to the rapid cooling of molten particles, 
thus limiting the subsequent diffusion of oxygen 
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Fig. 1. SEM micrograph showing craze-cracking in as-sprayed 
coatings (ZrO,) due to rapid cooling of droplets after striking 
the cold substrate. The insert shows an extensively craze- 

cracked thinner area. 

Fig. 2. Backscattered SEM micrographs showing the spread- 
ing and flattening of molten droplets (Al,03.Ti0,) on the 
substrate after striking it. (a) View of the coating surface 
and (b) laminated structure of a cross-section of the coating. 
The dark and the light contrast represent Al,O, and TiO, 

droplets, respectively. 

and aluminium atoms necessary for the formation 
of the stable a-phase. 

Although the outer surface of the coatings was 
mainly crystalline, in the interface region of the 
as-sprayed coatings some amorphous material is 
likely to be present, due to the relatively rapid 
cooling expected to occur in this region during 
plasma-spraying. The volume shrinkage experi- 
enced during crystallization of the interface region 
can give rise to buckling of the coating. It has 
been proposed ‘* that buckling is prerequisite to 
spalling of coatings. 

3.2 Heat-treated coatings 
Since there was no reaction between ZrO, and 
SiO, or A&O, and Ti02 during plasma-spraying 
as expected, various post-spraying heat treatments 
were conducted between 1200 and 1400°C to pro- 
mote reaction. Heat treatments below 1300°C in 

air resulted in partially reacted zones in both coat- 
ings (Figs 3 and 4). Lengthy heat treatments 
(1220°C for 600 h), however, showed a little im- 
provement in achieving a complete reaction layer. 
The partially reacted zone in A1,03.Ti02 coatings 
was identified by XRD as orthorhombic alu- 
minium titanate (Al,TiO,). Coatings of both mate- 
rials had poor adhesion to the substrate ceramic 
and were also found to be brittle after heat treat- 
ments. However, many coatings spalled from the 
substrate during heat treatments as a result of 
thermal expansion mismatch between the sub- 
strate and the high thermal expansion unreacted 
initial powders. 

In order to accelerate the reaction to form low 
thermal expansion products on the substrate, heat 
treatments were conducted at a higher tempera- 
ture range (1350-1400°C). However, severe 
oxidation reactions of the substrate ceramic at 
this temperature range inhibited the growth 
of low thermal expansion products and hence 
heat treatments were carried out in an argon 
atmosphere and in vacuum (10m5 torr). These 
higher temperature treatments resulted in the 
formation of larger regions of ZrSi04 and 
Al,TiO,. However, as expected, a small amount 
of Al,O, was present in the reacted products of 
Al,TiO, coatings. This is due to the presence of 
excess A1,03 (8.9%) in the starting plasma powder. 
The XRD studies also showed that the 3/-Al,O, 
present in the as-sprayed coatings of A1,03.Ti02 
was transformed to a-phase via 0-Al,O,. It is 
worth noting that an equimolar Al,O,.TiO, pellet 
sintered at 1450°C did not show the Al,O, peaks 
in XRD. 

Heat treatments in non-oxidizing environments 
reduced coating spalling due to the formation of 
low thermal expansion products. The coatings of 
A1203.Ti02 exhibited a volume expansion on for- 
mation to A1,Ti05. This gave rise to a curling 
effect of the coatings. This was clearly evident in 
long and thicker coatings (Fig. 5). The formation 
of A1,Ti05 is accompanied by an 11% increase in 
molar volume.” This volume expansion may be 
partly responsible for the spalling of the coatings. 
The curling effect was reduced by coating thinner 
layers on the substrates. However, very thin coat- 
ings were porous and detrimental to protective 
properties. A denser thin coating may be obtained 
by optimizing the spraying parameters such as 
powder particle size, power level and spraying dis- 
tance. Since there was no reaction between A&O, 
and TiO, during plasma-spraying, it would be 
worth exploring the possibility of plasma-spraying 
of pre-alloyed aluminium titanate powder. This 
will avoid the unnecessary post-spraying heat 
treatments and hence the curling effect. 
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Fig. 3. Backscattered SEM micrograph and EDAX spectra 
(inserts) of a heat-treated (1300°C) ZrOz coating showing a 

partially formed ZrSi04 layer between Si02 and ZrOr. 

4 Preliminary Study of Oxidation Resistance and 
Protection of Heat-treated Coatings from Molten 
Metal Attack 

The samples were ultrasonically cleaned in 
methanol prior to the oxidation and molten metal 
immersion experiments. The extent of oxidation 
and the effect of molten metal attack was studied 
on the transversely cut cross-sections in a scanning 
electron microscope (SEM). The conventional 
ceramic polishing techniques were employed to 
prepare the SEM specimens. However, a very 
good surface finish could not be achieved particu- 
larly in the molten metal immersion samples 
because of the differences in hardness between the 
metal and the ceramic. 

4.1 Oxidation 
Oxidation experiments were conducted in static 
air, in an open alumina tube furnace at 1200 to 
1400°C for 50 h. The test samples were kept in an 
alumina boat supported by pure platinum mesh to 
avoid contact with the alumina boat. The SEM 
study showed that the exposed surfaces of the 
samples had undergone extensive oxidation at 
1400°C (Fig. 6) compared with the coated sur- 
faces. The oxidation reaction in sialon ceramic 
forms an yttrium-rich aluminosilicate with evolu- 
tion of N, gas (visible in Fig. 6). The mechanism 
of oxidation of sialon ceramics has been discussed 
elsewhere.’ It is clearly evident from the micro- 
graphs that both ZrSi04 and A1,Ti05 coatings 
provide sufficient protection against oxidation by 
preventing oxygen diffusion into the substrate 
ceramic. Furthermore, EDAX analysis of the 
coatings showed no evidence of the diffusion of 
metal atoms from the substrate ceramic to the 
coatings during oxidation. However, it can also be 

Fig. 4. Backscattered SEM micrograph of a heat-treated 
(1300°C) A120r.Ti02 coating showing partial formation of 

AlrTiOs. 

Fig. 5. Photograph showing the curling effect of the 
A120s.Ti02 coatings due to volume expansion during the 

formation of Al,Ti05. 

seen in the micrographs that the coatings have 
lifted off slightly from the substrate surface. The 
lack of oxidation on the substrate ceramic surface 
where the coating has lifted, suggests that this 
probably has occurred during cooling or prepara- 
tion (cutting or polishing) of cross-sections for the 
SEM observation. 

4.2 Molten metal attack 
Ferrous metals are more reactive with sialon 
ceramics2k22 and therefore low melting cast iron 
was chosen to study the effect of molten metals on 
plasma coatings. Cast iron (carbon equivalent 4.3 
and liquidus 1 150°C) was heated in an alumina 
crucible above its melting temperature (1300°C) 
and the ceramic samples with one side plasma- 
coated were gradually dipped into the crucible. 
The crucible was kept in a box furnace in static 
air and the sample was introduced into the cru- 
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Fig. 6. Backscattered SEM micrographs showing oxidation 
resistance of (a) the ZrSiO, coating and (b) the Al,TiO, 

coating compared with the uncoated surfaces. 

cible from the top by means of a support alumina 
rod. The immersed samples were withdrawn from 
the molten cast iron after leaving them in the melt 
for different time durations. 

It was observed (Fig. 7) that a vigorous reaction 
of molten cast iron with the uncoated surfaces 
occurred, with a strong pitting corrosion after 
leaving the samples in the metal for about 1 h. It 
was also observed that the molten cast iron attack 
was significantly aggravated with increasing 
temperature of the melt as well as the duration of 
the immersion. In contrast, both the coatings 
showed excellent protection against molten cast 
iron (Fig. 8). Although the molten metal had wet- 
ted the ZrSiO, coatings and penetrated surface 
irregularities, there was no evidence of either iron 
diffusion into the plasma layer or metal ions from 
the plasma layer diffusing into the cast iron melt. 

Fig. 7. Photographs showing attack of molten cast iron on an 
uncoated sialoi sample. A strong pitting corrosion is evident at 

the air-metal interface of the uncoated sample. 

Fig. 8. Backscattered SEM micrographs showing the excellent 
protection of the coatings against attack by molten cast iron. 
(a) Sample coated with ZrSi04 and (b) sample coated with 

Al,TiO,. 

In the case of the Al,TiO, coating, a very thin 
reaction zone limited to a few micrometres was 
just detected by determining the iron concentration 
using EDAX analysis. However, the backscattering 
contrast was poor due to a relatively small difference 
of the atomic numbers of Ti and Fe. 

There is limited information available regarding 
the resistance of sialon to molten metal attack. 
Results from the tests carried out by Lumby et 

a1.2’ indicate that sialon has a very high resistance 
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to molten metal attack. Tests by Yeomans and 
Page, *O,** show that, in general, sialon ceramics are 
not severely attacked by any of the metals in which 
they were immersed. However, it was observed 
that the edge of the specimens looked uneven after 
immersion in molten iron. It is important to note, 
however, that the above immersion tests were car- 
ried out for a short period (150 s) and that the 
system was allowed to cool in a flow of argon. 

The pitting corrosion of uncoated samples was 
mainly observed in the air-molten cast iron inter- 
face region. There was very little corrosive reac- 
tion observed in the part of the sample which was 
well inside the molten cast iron (Fig. 7). This 
suggests that the presence of oxygen enhances 
the corrosive reaction. The formation of a low 
liquidus (-1200°C) metal silicate in the presence of 
oxygen in the interface region, which could allow 
more molten metal to react with the ceramic, is a 
possible explanation for this behaviour. On the 
other hand, the formation of a relatively high 
liquidus metal silicide film on the surface of the 
lower part of the sample could act as a protective 
layer for further reaction. 

EDAX analysis showed no evidence of the pres- 
ence of iron in the remaining part of the ceramic 
after the corrosive reaction. Similar observations 
have been reported earlier in immersion tests with 
molten iron*’ and in machining tests with cast 
iron. 23 However, SEM and EDAX analysis 
showed that the reaction products removed from 
the ceramic were distributed in the melt. The reac- 
tion products seem to be iron-rich metal silicates. 
In contrast, the section of the ceramic which was 
well inside the molten cast iron showed no multi- 
phase appearance and analysis showed that 
mainly silicon and some iron were present. This 
supports the formation of a silicide protective 
layer during the reaction. However, the presence 
of oxygen in the pre-oxidized layer of the substrate 
ceramic made it difficult to conclude whether silicate 
or silicide was formed in the interface region. 

5 Summary and Conclusions 

(9 

(ii) 

(iii) 

Plasma-sprayed coatings were found to be 
crystalline. 
The coatings showed better cohesion with 
the pre-oxidized surface due to the reac- 
tion between Si02 and coating materials. 
The presence of the Si02 layer is necessary 
in ZrO, coatings to produce the low ther- 
mal expansion reaction product, zircon. 
Thin layer coatings showed better cohe- 
sion than thicker layer coatings on thermal 
cycling. 

(iv) There was no reaction between Al203 and 
Ti02 during plasma-spraying. The forma- 
tion of Al,TiO, exhibited a volume expan- 
sion and this may be partly responsible for 
the spalling of the coatings. 

(v) Oxidation and molten metal immersion 
experiments revealed that the coatings pro- 
vide significant protection against oxida- 
tion and molten metal attack. 

In conclusion, coating zircon and aluminium 
titanate on pressureless-sintered sialon surfaces using 
plasma-spraying provides a simple and effective 
method of increasing the high-temperature limit of 
these ceramics in oxidizing and corrosive conditions. 
Refinement of plasma powder compositions, pre- 
alloying and varied spraying conditions are required 
to optimize coating structure and to avoid the 
complexity of post-spraying heat treatment. 
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Abstract 
Aluminized d@iision coatings were obtained on an 
Inconel 738 specimen at 800-1000°C using a pre- 
heated AICI, + H, gas mi.xture with a 0.3 s holding 
time. It was found that the pre-heating treatment 
was very eflective for a high deposition rate of the 
aluminide coatings. The tkickness of the aluminide 
coatings was 1.54.7 times higher than that without pre- 
heating. 0 1996 Publhhed by Elsevier Science Limited. 

1 Introduction 

Aero-engine blades are exposed to extremely 
severe environmental conditions such as high tem- 
peratures of 950-l lOO”C, severe oxidation, carbur- 
ization and corrosive atmospheres. Under marine 
and industrial service conditions, the blades 
encounter even more corrosive and/or erosive 
atmospheres but the operating temperature range 
is relatively low, 700-850°C. Accordingly, various 
surface coatings are applied to these components 
to withstand such severe conditions and thereby 
extend component lifetime. 

There are two main coating processes: diffusion 
coatings and overlay coatings. In the production 
of diffusion coatings, metal layers of Al, Cr, Ni, 
Si, etc. are deposited on the substrate followed by 
thermal diffusion to form corrosion-resistant diffu- 
sion coatings. Aluminized diffusion layers are fre- 
quently used for hot corrosion protection of gas 
turbine blades. Among the various diffusion coat- 
ings, the pack coating process is the most widely 
used technique for aluminide coatings.14 How- 
ever, there is some difficulty in uniform feeding of 
the pack powder into the narrow passages (~0.5 
mm diameter) that are used for cooling air and 
then subsequently removing the powder. The 
metal-organic chemical vapour deposition (CVD) 
process has been used for aluminium or aluminide 

*To whom correspondence should be addressed. 

coatings. s,6 However, the aluminium or aluminide 
coatings obtained by this process are generally not 
adherent to a substrate and the growth rate is very 
low. Furthermore, the coating operation is not easy 
because the alkyl aluminium source is very unsta- 
ble to moisture and oxygen, and is flammable in air. 

The conventional thermal CVD process using 
AlCl, or AlBr, as the aluminium source has fre- 
quently been used for aluminide coatings. Aluminide 
coatings using the direct hydrogen reduction of 
AlCl, or AlBr, need a temperature above lOOO”C, 
or about 1200°C if thick coating layers are needed. 
Accordingly, AlCl, which has a high reactivity and 
is obtained using the reaction of AlCl, with molten 
aluminium at 90%1000”C, is generally u~ed.‘-~ How- 
ever, this process has the disadvantage of some 
difficulty in the handling of the molten aluminium. 
Thus, the development of other, more effective proc- 
esses is needed for obtaining aluminized coatings. 

In this work, we have obtained aluminide diffu- 
sion coatings on an Inconel 738 specimen at 
800-1000°C using an AlCl, + H, gas mixture 
which was pre-heated at 800-1000°C for about 0.3 
s using a graphite pre-heating chamber. The effect 
of reaction conditions on the formation of the 
aluminized layers was examined. 

2 Experimental Procedure 

The AlCl, gas was prepared in situ by the chlori- 
nation of aluminium metal by HCl gas at 330°C. 
The gas mixture of AlCl, + H2 was then intro- 
duced into the pre-heating chamber prior to intro- 
duction into the reaction zone. The reaction 
chamber (Inconel 601, 350 mm internal diameter 
X 1.430 m long) was heated from the outside. 
Bare and Ni and Cr electro-plated Inconel 738 
discs (25 mm diameter X 5 mm thick) were used 
as specimens for the coatings. The pre-heating 
chamber, which was made of graphite and had a 
600 mm path length and 3280 cm3 of total 
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Fig. 1. Polished cross-section of aluminized Inconel 738; 
reaction temperature = 85O”C, reaction pressure = 4 X lo4 Pa. 
(a) Without pre-heating, (b) with pre-heating. (A) Outer NiAl 

layer, @) inner diffusion layer, (C) specimen layer. 

path volume, was set in the lower part of the 
reaction chamber. The experiment was also carried out 
without using the pre-heating chamber for reference. 

3 Results and Discussion 

The aluminized coatings were composed of two 
layers: an outer and an inner layer as shown in 
Fig. 1, subsequently analysed as NiAl and a more 
complex NiAl/Inconel interdiffusion zone, respec- 
tively. The total thicknesses of the coatings 
deposited with and without pre-heating were 14.2 
and 3.0 pm, respectively. That is, the total thick- 
ness of the aluminized layer with pre-heating is 4.7 
times larger than that without pre-heating. The 
effect of reaction temperature on the total thick- 
ness of the aluminized coatings obtained with and 
without pre-heating after a 4 h reaction time is 
shown in Fig. 2, in which the pre-heating tempera- 
ture and time were fixed at 950-1000°C and 0.3 s, 
respectively. It was observed that the total thick- 
ness with pre-heating was 1.547 times larger 
than that without pre-heating. That is, the pre- 
heating treatment of the gas mixture of AlCl, + 
H, is very effective for obtaining thicker alu- 
minized coatings. This effect was particularly 
marked at temperatures of 850°C and below. This 
effect may be caused by the effective formation of 

OBOO: 900 1,000 1.100 
React ion Temperature (“C) 

Fig. 2. Effect of reaction temperature on the total thickness of 
the aluminized layers; pre-heating temperature = 95CLlOOO“C, 
reaction time = 4 h. 0 With pre-heating, (l-J) without 

pre-heating. 
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Fig. 3. Effect of reaction temperature on the layer thickness; 
pre-heating temperature = 950°C reaction time = 1 h. (W) 

Outer NiAl layer, (0) inner diffusion layer. 

reactive AlCl gas species due to the pre-heating, 
while the holding time of the gas mixture of AlCl, 
+ H, in the pre-heating chamber is very short, 
0.3 s. The effects of reaction conditions with pre- 
heating on the formation of the aluminized coat- 
ings were then examined. 

The effect of reaction temperature on the thick- 
ness of the A and B layers in Fig. l(b) is shown in 
Fig. 3, in which the pre-heating temperature was 
fixed at 950°C. Both outer and inner layer thick- 
nesses increased linearly with increasing reaction 
temperature, and the thickness of the outer NiAl 
layer was about 1.6 times that of the inner diffu- 
sion layer. 

The effect of AlCl, gas flow rate on the layer 
thickness obtained at the reaction temperature of 
850°C is shown in Fig. 4. The thickness of the 
respective layers increased parabolically with 
increasing AlCl, gas flow rate. This result suggests 
that the rate-determining step is the hydrogen 
reduction of AlCl, to AlCl,, and finally to Al 
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Fig. 4. Effect of AlCl, gas flow rate on the layer thickness; 
reaction temperature = 85O”C, pre-heating temperature = 

950°C. (m) Outer NiAl layer, (0) inner diffusion layer. 
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Fig. 5. Effect of reaction time on the layer thickness; reaction 
temperature = 85O”C, pre-heating temperature = 950°C. (m) 

Outer NiAl layer, (0) inner diffusion layer. 
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metal, and/or the diffusion of Al species through 
the gas boundary layers present on the specimen 
surface. The effect of reaction time on the layer 
thickness is shown in Fig. 5, in which reaction 
temperature was fixed at 850°C. It was observed 
that the thickness of the respective layers 
increased parabolically with increasing reaction 
time, and a total thickness of about 12 pm was 
obtained after a 7 h reaction time. 

NiKa 

TiKa 

CrKa 

AlKa 

Figure 6 shows the profiles of electron probe 
microanalysis (EPMA) of the polished cross-sec- 
tion of the aluminized specimen. Enrichment of 
Cr in the boundaries of the outer/inner aluminized 
layers and inner/substrate layers was observed 
during the initial aluminizing stage after 1 h in 
Fig. 6(a). Figure 6(b) shows that, with increasing 
reaction time to 7 h, Ti and Cr were significantly 
enriched in the thickened inner diffusion layer. 
Figures 6(a) and 6(b) confirm the formation of 
NiAl in the outer layer. 

-A--j-B+- C- 

Fig. 6. EPMA images of the polished cross-sections of alu- 
minized specimens. Reaction time: (a) 1 h, (b) 7 h. (A) Outer 
NiAl layer, (B) inner diffusion liayer, (C) specimen layer. Full 
counts (cps) of the peaks: Ni K, = 20000, Ti K, = 2000, 

Cr K, = 20000, Al AK, = 50000. 

Fig. 7. Polished cross-sections of aluminized Inconel 738 elec- 
troplated with Ni and Cr; thickness of electroplated Ni or Cr 
= about 4 pm, reaction temperature = 35O”C, pre-heating 
temperature = 95O”C, reaction time = 4 h. (a) With Ni plat- 
ing, (b) with Cr plating. (A) NiAl layer, (B) diffusion layer, 

The polished cross-sections of specimens elec- 
troplated with -4 pm thick Ni and Cr films, and 
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Fig. 8. EPMA images of the cross-sections shown in Fig. 7. 
(a) With Ni plating, (b) with Cr plating. (A) NiAl layer, (B) 
diffusion layer, (C) specimen layer. Refer to Fig. 6 for full 

counts (cps) of peaks. 
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Fig. 9. XRD profiles of the surface of aluminized specimen 
with pre-heating. (0) NiAl, (A) Ni,Al. 

then aluminized with pre-heating at 850°C for 4 h, 
are shown in Fig. 7. With the Ni plating in 
Fig.7(a), a single 5.6 pm thick aluminized layer 
only was obtained, because of preferential alu- 
minizing of the electroplated Ni layers. On the 
other hand, with the Cr plating in Fig. 7(b), 

double layers with 6.5 pm total thickness were 
obtained. Figure 8 shows the corresponding 
EPMA traces of the cross-sections shown in Fig. 
7. For the Ni plating in Fig. 8(a), Ti was enriched 
in the outer NiAl layer adjacent to the boundary, 
and similar Ti enrichment for the Cr plating is 
shown in Fig. 8(b). In both cases, Cr was not pre- 
sent in the outer NiAl layer, but was enriched in 
the inner diffusion layers. 

Figure 9 shows the X-ray diffraction (XRD) 
profile of the surface of the aluminized layer for 
the Ni-plated specimen. It was observed that 
sharp peaks of N&Al as well as NiAl were 
observed. The formation of the Ni,Al phase is 
considered to be caused by the Ni-plating layers. 
On the other hand, a single NiAl phase only was 
observed for the Cr-plated specimen. Greater Ni 
enrichment in the outer layer for the Ni-plated spec- 
imen than for the non- or Cr-plated specimen may 
be caused by the formation of the N&Al phase. 

In conclusion, we have successfully obtained 
aluminide coatings on an Inconel 738 disc speci- 
men at the relatively low temperature of 
800-900°C using AlCl, + H, gas mixtures which 
were pre-heated at 950-1000°C for about 0.3 s in 
a graphite pre-heating chamber. This pre-heating 
process is very useful from the standpoint of being 
a simple, flexible and productive process. 
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Abstract 

Using TiH,, Si and BqC as raw materials, a platelet- 
reinforced ceramic composite of TiB,TiC-Sic was 
prepared by reactive hot-pressing. The product has 
three phases: TiB, (in plate-like shape), Tic and p- 
Sic. The microstructural characteristics of the com- 
posite were observed by scanning electron microscopy 
and the phase chemistry was analysed by energy- 
dispersive X-ray analysis. The mechanical properties 
of the composite were also determined. 0 1996 
Elsevier Science Limited. 

1 Introduction 

In the ternary system of TiB,-Tic-Sic, the binary 
composites of TiB,-Tic, Sic-TiB, and Sic-Tic have 
better mechanical properties than the corresponding 
monolithic ceramics. Furthermore, de Mestral and 
Thevenot reported that the mechanical properties 
of TiB,-Tic-Sic ternary c:omposites are better than 
those of the above three binary composites.’ 

Ceramic composites prepared by reaction tech- 
niques exhibit several advantages when compared 
with conventionally processed ceramics2 The main 
advantages are low-cost raw materials, simple pro- 
cessing and the ability to produce special microstruc- 
tures and mechanical properties in the resulting 
materials. In the ternary system of TiB,-Tic-Sic, 
SIC-TiB, composites were prepared by in situ syn- 
thesis of TiB, in a Sic matrix from the reaction 
of TIN and B or TiO,, B,C and C3,4 or TIC and B5 
or TiH2, Si and B4C.6 Ti(C, N)--Sic composites were 
prepared by the reaction of TiC and Si3N4 when 
TiN was added.7 TiB,SiC composites were prepared 
by the reaction of TiH,, Si and B,C.’ Recently, 
TiB,-TiC composites were fabricated by liquid infil- 
tration of titanium into a B4C preform at 160& 
1800°C in an Ar atmosphere’ and titanium-boron- 
carbon composites with plate-like Ti,B, phase by 

transient plastic phase processing (TPPP) using Ti 
and B,C as starting materials.” 

In consideration of the low oxidation resistance 
of TiB,-TiC composites, Sic was thought to be an 
effective additive. Therefore, a series of TiB,-TiC- 
Sic ternary composites was prepared by reaction 
synthesis, which was reported in a previous paper.” 
This present paper presents the preparation process 
and the microstructure of the composite ceramics 
produced by reactive hot-pressing according to the 
following reaction: 

TiH, + Ti + H,? 

4Ti + 0.5Si + 1.5B4C + 3TiB, + TiC + 0.5SiC (1) 

The volume contents of the phase composition 
according to the above reaction are 71.52% TiB,, 
18.79% TIC and 9.68% Sic. 

2 Experimental Procedure 

The starting powders were TiH, (purity 99.5%, parti- 
cle size <45 pm), Si (purity > 99%, particle size 
~45 pm) and B4C (purity 99%, particle size 5-8 pm). 
The stoichiometric powders were mixed in alcohol 
with WC-Co balls for 4 h in a nylon pot and then 
dried. The composite was fabricated by reactive hot- 
pressing in a graphite die with BN coating at 2000°C 
under 30 MPa for 60 min in an Ar atmosphere. 
Figure 1 shows the temperature and pressure as a 
function of time in the process of reactive hot press- 
ing. As shown in the plot, there is a 15 min stage 
at the temperature of 1500°C in order to give enough 
time for chemical reaction, then the pressure was 
gradually applied. Otherwise, if the pressure was 
applied too early and too fast, some metal melt 
would flow out of the die. 

The product was electrical-discharge machined to 
specimens and then ground and polished. Phase 
composition was determined by X-ray diffraction 
(XRD). The water displacement method was used to 

1145 



1146 G. J. Zhung et al. 

Time (min) 

Fig. 1. Reactive hot-press control showing the temperature 
and pressure as function of time. 

test the density. Fracture toughness was determined 
using the single-edge notched beam (SENB) method 
(three-point bending, just broken from the notch);12 
the specimen size was 2 X 4 X 20 mm, the notch 
width was ~0.2 mm and the notch depth was about 
1.6 mm, and the crosshead speed was 0.5 mm min-‘. 
Fracture strength was tested using the three-point 
bending method; the specimen size was 3 X 4 X 

36 mm and the crosshead speed was 0.5 mm min?. 
The microstructure of the composite was examined 
by scanning electron microscopy @EM). Energy- 
dispersive X-ray analysis (EDAX) associated with 
SEM was used to determine phase chemistry. 

3 Results and Discussion 

According to the XRD patterns shown in a previ- 
ous paper, ” there are only TiB,, TIC and P-Sic in 
the composite, indicating that the high-temperature 
reaction was in accordance with reaction (1). 
Actually, reaction (1) is a sum of the two following 
reactions: 

3Ti + B,C + 2TiB, + TIC (2) 

Ti + 0.5Si + 0,5B,C + TiB2 + O.SSiC (3) 

The above two reactions were almost finished at 
1350°C after 30 min in an Ar atmosphere,*.” and 
TiB, and TIC or TiB, and P-Sic were formed. 

The properties of the composite are listed in 
Table 1, in which each value is an average of five 
or six measurements. Table 1 shows that a dense 
body can be obtained by reactive hot-pressing 
under the present sintering condition, and the 
mechanical properties of the composite are satis- 
factory. 

Fig. 2. SEM photograph of the composite. The grey phase is 
TiB2, white phase TIC and dark phase p-Sic. 

Figure 2 is an SEM photograph of the polished 
surface of the composite, in which the grey phase is 
TiB,, the white phase is TIC and the black phase 
is P-Sic. It can be seen from the picture that TiB2 
phase is generally plate-like in shape, and the phases 
are not uniformly distributed. This kind of micro- 
structure can be attributed to the coarse particle 
size of the starting powders and the dispersion pro- 
cess of the starting powders. Therefore, the micro- 
structure of the composite can be improved by the 
use of finer starting powders and a more effective 
dispersion process. 

Figure 3 presents the EDAX spectra of TiB2, 
TIC, P-Sic and the whole area in Fig. 2. No Si 
was detected in the TiB2 phase indicating that 
there is no reaction between TiB, and SIC. However, 
Si and Ti were detected in TiC and Sic, respec- 
tively, revealing that there is a reaction between 
the TIC and SIC and solid solutions formed. 
These results are consistent with the investigation 
of de Mestral and Thevenot.’ 

It can also be seen from Fig. 2 that the TiB, 
platelets grew very well in Tic-rich regions, as shown 
in Fig. 4(a), and grew relatively imperfectly in SiC- 
rich regions, as shown in Fig. 4(b). According to 
results reported for the TiB,/SiC system prepared 
by reaction (3), the SIC phase was converted from 
the previously formed TIC phase and the TiB, phase 
was quasi-spherical in shape.8 Therefore, it is sug- 
gested that the formation of TiB2 platelets is closely 
related to the existence of the TIC phase, and the 
existence of the SIC phase prohibited the growth 
of TiB2 platelets. Details of this phenomenon will 
be reported after further investigation. 

In TiB,-rich regions, the growth of TiB, 
platelets was prohibited and, if the agglomeration 

Table 1. Properties of TiBz-Tic-Sic platelet composite 

Relative density 
(‘74 of theoretied) 

Fructure strength 
(MPu) 

Fracture toughness 
( MPa di2) 

Phase 
composition 

99.8 680.5 f 69.3 6.90 f 0.18 TiB,, TIC, P-Sic 
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0.000 U-22 Ka = 4.5 1 keV VFS = 1024 10.240 
30 N95-3 95.11.14 20KV TTS-4 77-P 

(a) TiB, 

0.000 SI-14 Ka = 1.74keV VFS = 1024 10.240 
30 N95-3 95.11.14 TTS-4 74-P 

(c) SIC 

0.000 TI-22 Ku = 4.5 1 keV VFS = 1024 10.240 
30 N95-3 95.11.14 20KV l-B-4 76-P 

(b) TiC 

0.000 TI-22 Ku = 4.5 1 keV VFS = 1024 10.240 
30 N95-3 95.11 .I4 20KV TTS-4 78-A 

(d) the whole area 

Fig. 3. E.DAX spectra of (a) TiB,, (b) TIC, (c) SIC and (d) the whole area in Fig. 2. 

(a:f (W 
Fig. 4. The sharpe of the TiB, phase in different regions: (a) Tic-rich region; (b) Sic-rich region. 

region of TiB, was large enough, quasi-spherical 
TiB2 particles were formed:, as shown in Fig. 5. This 
means that good distribution of each phase in the 

composite and/ or reducing the TiB, content will help 
the growth of TiB, platelets, and better mechanical 
properties of the composite may be obtained. 
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(a) 04 
Fig. 5. Effect of TiB2 agglomeration on the shape of the TiB, phase: (a) in TiB,-rich region; (b) in a large agglomeration region 

of TiB2. 

4 Conclusions 

A platelet-reinforced ceramic composite of TiB2- 
Tic-Sic was prepared by reactive hot-pressing 
using TiH,, Si and B4C as starting materials. The 
growth of TiB, platelets was different in different 
regions of the composite. The platelets grew very well 
in the Tic-rich regions and imperfectly in the SiC- 
rich regions, with agglomeration of TiB2 prohibiting 
the growth of TiB2 platelets. Additionally, the EDAX 
results show that there is no reaction between TiB, 
and SIC while there is reaction between TIC and SIC, 
forming solid solutions. The mechanical properties 
of the composite are satisfactory. 
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Abstract 

Ceramic materials derived-from strontium zirconate 
were prepared by high-temperature solid-state reac- 
tion starting from oxides and carbonates. Distorted 
ABO,-type perovskite str,uctures, indexed to the 
orthorhombic system, were obtained for A-site sub- 
stoichiometric an&or B-site Dy-doped materials. 
The conductivity of Sr(Zr,_,Dy,) O,_, is slightly 
lower than found for Y-doped strontium zirconate 
with identical trivalent dopant content, and increases 
with water vapour pressure, as expected for proton- 
conducting materials. For Dy-free perovskites with 
slight A-site substoichiometry (Sr,_,ZrO,_s, with 
y I 0.02), the c0nductivit.y drops a few orders of 
magnitude and is nearly independent of water 
vapour pressure. The cor.responding B-site doped 
materials [SrI_y(Zr,~XDyX) O,_,] have the highest 
conductivities, again dependent on water vapour 
pressure. This indicates that B-site doping is essen- 
tial to obtain signt@ant proton conductivity. The 
behaviour of these materials can be understood based 
on a classical defect chemistry type of approach, tf 
one assumes that electron hole mobilities at low 
temperature (- 300°C) are smaller than for pro- 
tons. This trend is reversed at higher temperatures 
(>.5OO”C). For highly substoichiometric perovskites 
(y 2 0.05), even when B-silte doped, the conductivity 
is minimal and independent of water vapour pres- 
sure. A blocking intergrain phase is believed to con- 
trol the electrical transport properties of these 
materials. Copyright 0 1996 Elsevier Science Ltd 

1 Introduction 

Protonic conduction has been found in several 
ABO, perovskite materials derived from strontium 
or barium cerates and zirconates, with B-site dop- 
ing by Y, Yb, Nd, etc.le8 The basis for interpreting 

*To whom correspondence should be addressed. 

the behaviour of these materials was formulated by 
the pioneering work of Iwahara and co-authors,‘g2 
who explained the observed dependence of electri- 
cal conductivity on water vapour pressure (P,) by 
the formation of mobile protonic defects. Proton 
conductivity increases with P, in cerates and zir- 
conates,2,5m7 even at relatively low temperatures 
when grain boundaries might play a significant 
role on the behaviour of polycrystalline ceramics. 
Nevertheless, results obtained with single crystals 
of Y-doped SrZrO, showed that bulk conductivity 
is also higher in wet than in dry atmospheres, and 
this demonstrates that protonic conduction is 
clearly a bulk property.6 

Most cerate and zirconate materials have been 
studied at temperatures higher than about 600°C. 
However, lower temperature applications might 
also be feasible. For example, Iwahara et ~1.~ 
used BaCeo+,Ndo.iOrs as efficient H2 sensors for 
temperatures down to about 200°C. Results 
reported by Liu and Nowick’ showed that 
Nd-doped BaCeO, materials might also be used 
for water vapour sensors at temperatures of about 
450°C. This suggests that further attention should 
be paid to the low-temperature behaviour of these 
materials. 

Dy instead of Y is an obvious option for B-site 
doping, considering the similarities between the 
corresponding cations. In the case of BaZrO,, it 
has been found that maximum conductivities are 
observed for Y or Dy B-site doped materials.’ The 
information available on Dy-doped CaZrO, is 
that the sinterability is poor, but no reference has 
been found on the role of this dopant in SrZrO,.’ 
Also, A-site substoichiometry is expected to cause 
changes in transport properties as found for 
LaMnO,-based materials,” and might also explain 
the improved electrical conductivity and sinter- 
ability of SrZrTi,O,+, relative to SrZr03.” Metal 
vacancies can be compensated by different positive 
defects depending on working conditions. Improved 
densification might also be expected for A-site 
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substoichiometric perovskites, when metal vacan- 
cies are relevant for the sintering process as found 
in many circumstances. The purpose of this 
work was thus to investigate the low-temperature 
behaviour of some SrZrO,-based materials, using 
substoichiometry in the perovskite A-site position 
to test both the effectiveness of metal vacancies in 
originating protonic defects for charge compensa- 
tion, and the role of this parameter on the sinter- 
ability of Dy-doped ceramics. 

2 Experimental Procedure 

Dy-doped strontium zirconate specimens of 
generic formula Sr,,(Zr,,Dy,)O,_,, with y I 0.10 
and x 5 0.10, were synthesized by solid-state reac- 
tion of oxides and carbonates. The compositions 
being studied include A-site stoichiometric and 
B-site doped materials of generic formula 
[Sr(Zr,_,Dy,)O,_,], A-site substoichiometric and 
B-site undoped zirconates [Sr,,ZrO,_J and both 
A-site deficient and B-site doped materials 
[Sr,,(Zr,_,Dy,)O,_,]. Zr02, Dy,O, and SrCO, were 
mixed in a ball mill, calcined at 135O”C, pressed 
isostatically and sintered at 1650-1700°C for 2 h. 
Each material was characterized by scanning elec- 
tron microscopy (SEM) and X-ray diffraction 
(XRD). 

The electrical behaviour was investigated by 
impedance spectroscopy on discs with about 
15 mm diameter and 2 mm thickness, using an 
HP4284A FRA in the 2CL106 Hz frequency range. 
Measurements were undertaken at temperatures in 
the range 290-840°C with partial pressures of 
water vapour in the range 3 X 10’ to 8 X lo3 Pa, 
using air or N2 as carrier gas. The water vapour 
dosage in the gas phase was obtained by satura- 
tion of the carrier gas at different temperatures, or 
using a desiccant (sulfuric acid). Measurements 
were recorded after reaching steady state, which 
required less than 1 h. 

3 Results and Discussion 

3.1 Structure and microstructure 
X-Ray diffractograms showed distorted perovskite 
structures, which were indexed to the orthorhom- 
bit system. Strontium deficiency and increasing 
Dy content caused a decrease in unit cell parame- 
ters. Furthermore, the diffractograms of samples 
with strontium deficiency ~5% showed an extra 
peak attributed to cubic zirconia. The intensity of 
this peak increased with rising substoichiometry. 
In addition, SEM micrographs combined with 
energy-dispersive spectroscopy (EDS) showed 

(4 

W 

Fig. 1. Microstructure of a Sr deficient composition: (a) frac- 
ture surface showing vestiges of a liquid phase in between 
grains; (b) after polishing and thermal etching, showing the 
presence of a second phase mostly concentrated in triple 

contact points between grains. 

a Zr- and Dy-rich amorphous phase located at 
grain boundaries [Fig. l(a)]. During thermal 
etching it is believed that this phase concen- 
trates mostly in triple contact points between 
grains [Fig. l(b)]. Density measurements and SEM 
observations of this and the remaining composi- 
tions revealed significant porosity and poor micro- 
structures in most specimens. The densities of 
A-site substoichiometric materials were about 90% 
of theoretical density, and the densities of corre- 
sponding A-site stoichiometric materials were 
slightly lower (between 80 and 900/,). This means 
that, in general, substoichiometry indeed gave rise 
to improved densities. 

3.2 Conductivity dependence on water vapour 
pressure, in air 
Figure 2 shows typical impedance diagrams for 
Sr(Zr,.,Dy,.,)03_S at 400°C in wet air with different 
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Fig. 2. Impedance diagrams for Sr(Zr,,Dy,.,)Oj_S at 4OO”C, 
in wet air with different water contents: (a) P,=7.3 X IO3 Pa; 

Fig. 3. Impedance diagrams for Sr,.,,(Zr,.,Dy, JO,-, at 29OT, 

(b) P,=3 x IO2 Pa. Solid lines correspond to estimated bulk 
in wet air with different water contents: (a) P,=7,3 X lo3 Pa; 
(b) P,=3 X IO2 Pa. Solid lines correspond to estimated bulk 

and grain boundary contributions while the resulting total and grain boundary contributions while the resulting total 
impedance is shown as open symbols. impedance is shown as open symbols. 

water contents (P, = 7.3 X lo3 and 3 X lo2 Pa). 
Arcs tend to be depressed but this might be 
related to poor densification of these materials, 
rather than to the intrinsic electrical behaviour of 
this composition. In fact, several samples of differ- 
ent microstructures are often needed to assess the 
effects of porosity and densification on impedance 
spectra. ‘* However, this was not the objective of 
the present work, and the following discussion will 
be based on the experimental finding that the 
spectra can be solved simply into two arcs. The high- 
frequency arc goes through the origin and will be 
assigned to the bulk behaviour, while the second 
arc in the medium frequency range will be attrib- 
uted to blocking effects due to grain boundaries. 
These bulk and grain boundary arcs are sensitive 
to humidity, which demonstrates the existence of 
protonic conductivity. In addition, the interfacial 
impedance at low frequencies is also dependent on 
water vapour pressure, which suggests that the 
main charge carriers are ionic, at least at low tem- 
perature. 

Figure 3 shows the diagr.ams for Sr0,98(Zr0.sDy0.,)- 
O3m6 at 290°C in wet air with different water con- 
tents. Again, the bulk and grain boundary arcs are 
sensitive to humidity, which demonstrates the 
existence of a protonic conductivity contribution. 
This composition has the highest conductivity, 
and was thus selected for the remaining part of 
this study. 

E 
‘N 5000 

Figure 4 shows that the impedance spectrum 
obtained for Sr,.,,ZrO,_, at 600°C in wet air 
(P, = 2 X lo3 Pa), reduces to a single arc; this 
can probably be attributed to the resistive grain 
boundary. In fact, expanding the high-frequency 
data reveals a small contribution, which remained 
unnoticed on using a much larger scale required 
for representing the grain boundary contribution. 
Total impedance is nearly independent of humid- 
ity, which indicates that protonic conductivity is 
negligible. In addition comparison of data shown 
in Figs 24, and consideration of the differences in 
temperature, also show that the overall impedance 
of Sr,.,,ZrO,~, is much higher than for the remain- 
ing compositions with small or no A-site substoi- 
chiometry, and B-site doped [Sr,_&Zr,Dy)Ors, y 
10.021. 

I’51 

0 0.5 1 1.5 2 2.5 3 
z' (MR) 

Fig. 4. Impedance diagram for Sr,.,sZrO,_, at 6OO”C, in wet 
air (P,,,=2 X lo3 Pa). No significant difference was found on 

changing the water vapour pressure. 
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3.3 Dependence of conductivity on composition and 
temperature 
The role of composition in the electrical behaviour 
can be further demonstrated by the temperature 
dependence of conductivity shown in Fig. 5 for 
several samples in wet air. Sr,.95(Zr,-,.,,Dy0.05)O~_6 
(curve d) is highly resistive when compared with 
the other compositions. The liquid phase located 
at grain boundaries of this highly substoichiomet- 
ric composition might be responsible for the resis- 
tive effect (see again Fig: 1). An intermediate level 
of conductivity is observed for the Dy-free compo- 
sition (curve c). The activation energies found for 
these highly resistive compositions were about 18 
and 1.5 eV, respectively. These high activation 
energies also indicate that protonic conductivity is 
not dominant in these materials. 

A third level of conductivity is observed for 
Dy-doped materials with relatively small or no 
substoichiometry in the A-site (curves a and 
b). The conductivities of these compositions are 
somewhat smaller than for Y-doped SrZr03, and 
the activation energies (0.7-0.8 eV) are slightly 
higher than those reported for other proton-con- 
ducting perovskite materials.13,‘4 However, this 
does not exclude protonic conduction because the 
overall behaviour is probably strongly influenced 
by grain boundary effects. For example, the tem- 
perature dependence of bulk and grain boundary 
conductivities of Sr,.,,(Zr,.,Dy0.,,J03_S corresponds 
to activation energies of 0.54 and 0.78 eV, respec- 
tively. Note that the value for the activation 
energy of bulk conductivity is in close agreement 
with values reported for Y-doped SrZrO, single 
crystals.14 

A slight enhancement in conductivity can be 
seen for materials with a small A-site deficiency 
and 10% Dy (Fig. 5, curves a and b). Improved 
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Fig. 5. Arrhenius plot of total conductivity for several 
samples in wet air (P, ranging from 3 X IO3 to 4 X IO* Pa): 
(a) Sro.9s(Zro.9Dyo.,)O~s; (b) Sr(Zr0.9DY&k& (c) Sro.9sZr%; 

(d) Sro.9~(Zro.9,Dy.o,)03-~ 

conductivity for A-site substoichiometric composi- 
tions might correspond only to improved densifi- 
cation of these samples. Data corresponding to 
curves a and c suggest that B-site doping is essen- 
tial in determining protonic conductivity. Negative 
defects originated by A-site substoichiometry 
might also originate protonic defects for charge 
compensation, but this idea finds no support in 
the present experimental observations. 

3.4 Effect of P, and PO, on the conductivity of 
Srw&%.~Dyo.WS~ 
Figures 2 and 3 have already shown that water 
vapour pressure affects the electrical conductivity 
of different samples. A more detailed study was 
carried out for the composition with the highest 
conductivity. The effect of water vapour pressure 
on the conductivity of Sr,.,,(Zr0.,Dy,,.,)03_g when 
air and nitrogen are used as carrier gases is shown 
in Fig. 6. 

The nitrogen used in these experiments has a 
small oxygen content, corresponding to an oxygen 
partial pressure (Po2) of the order of l-10 Pa, 
which is three to four orders of magnitude smaller 
than in air (21 kPa). 

A dependence of conductivity on Pw”2 is 
observed in air, at low temperatures (29O”Q and 
for P, lower than about 2 X lo3 Pa. Impedance 
spectra used to separate the bulk from grain 
boundary contributions have demonstrated that 
bulk and grain boundary conductivities both 
increase approximately with Pw1’2, at least within 
a limited range of working conditions. This con- 
ductivity dependence on water vapour pressure is 
in general agreement with the predicted behaviour 
for these protonic conductors and has already 
been reported for other protonic conductors.2 The 
negligible dependence of conductivity on water 
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Fig. 6. Effect of P, on conductivity of Sr0.9,(Zro.9Dyo 1)O3_6 
when N, (solid lines) or air (dashed lines) is used as 
carrier gas. Curves (a), (b) 450°C; (c), (d) 400°C; (e), (f) 

290°C. 
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vapour pressure above certain values can be under- 
stood as a saturation effect, which ideally should 
correspond to full charge compensation of the 
dopant by protons.’ 

From curves shown in Fig. 6 a few more gen- 
eral observations can be made: (1) at constant 
temperature the conductivity is higher when nitro- 
gen is used as a carrier gas than in air with identical 
moisture content; (2) the difference in conductivity 
in air and nitrogen is higher the lower the water 
vapour partial pressure; and (3) conductivity always 
increases with increasing water vapour pressure. 
These data were found to be reproducible in diff- 
erent runs. The differences shown in Fig. 6 cannot 
be attributed to electron hole conductivity which 
should be small in all cases at temperatures much 
lower than 600”C.7 Also, hole conductivity is usu- 
ally expected to increase with increasing oxygen 
partial pressure, and this is contradicted by experi- 
mental evidence. In fact, data previously pub- 
lished show that, at relatively high temperature, 
the electrical conductivity in dry atmospheres 
(oxygen, air and nitrogen.) tends to increase with 
PO?.’ This trend has also been observed in the pre- 
sent experiments at temperatures of the order of 
800°C. A justification for this behaviour is attemp- 
ted in the next section. 

3.5 Defect chemistry of SrZrOJ-based protonic 
conductors 
Using Kroger-Vink notation, the following equa- 
tion suggested by Iwahara and co-workers”2 can 
be used to describe the formation of protonic 
defects in oxides: 

H,O (g) + 2h’ = .2Hi’ + l/2 O2 (g) (1) 

To discuss in further detail the relations between 
composition, conductivity and working conditions 
(temperature, P, and PO,), it is desirable to assume 
some type of dominant intrinsic ionic defects. In a 
previous paper we have shown that dominant 
Schottky-type defects can provide a good basis for 
interpretation of the transport properties of these 
materials.15 This was also assumed in the present 
work when attempting to prepare A-site deficient 
perovskites. The dominant negative defects might 
be strontium vacancies (V&) or Dy ions in the 
B-site (Dyk,), and their concentrations depend on 
the A-site substoichiometry and B-site dopant lev- 
els. The relevant positive defects involved in 
charge transport should be in this case oxygen 
vacancies (Vo), electron holes (h’) and protons 
(H,‘). In addition, interaction between ionic and 
electronic defects can be obtained from usual 
defect formation reactions: 

0, = l/2 O2 (g) + Vi + 2e’ (2) 

0 = v;, + v;; + 3v, (3) 

e, = e’ + h’ (4) 

Equations (2) and (4) can be combined to describe 
directly the interaction between instrinsic positive 
defects, which gives: 

O0 + 2h’ = l/2 O2 (g) + V; (2a) 

Reactions (2)-(4) describe the formation of oxy- 
gen vacancies, Schottky defects and electronic 
defects, respectively, and the corresponding equi- 
librium constants can be written in the usual manner. 

For a given composition one may compute 
[V&l and [Dy,‘,], but finding suitable relations 
between defect concentrations and water vapour 
or oxygen partial pressures still requires additional 
relations. The first one is derived from the unit 
A:B site ratio in the perovskite, including cation 
vacancies and Dy for Zr substitution: 

Prsrl + PiY = Pzrl + PYLI + IX3 (5) 

A relation between P, and PO2 might also be 
needed in reducing conditions. In fact, reducing 
conditions are usually achieved with H,-contain- 
ing gas mixtures, on assuming equilibrium between 
H,, 0, and H,O. Similarly, water vapour might be 
reduced to H2 by electrochemical pumping, and 
combination with a mass balance of hydrogen 
yields P, as a function of P,,. All defect concen- 
trations can thus be related to P0,.13 Nevertheless, 
the H,:H,O ratio becomes negligible in relatively 
oxidizing conditions, and in this case P, and PO, 

can be adjusted independently. This condition 
holds for the experimental conditions selected for 
this work. 

The third relation required to evaluate the 
effects of water vapour and oxygen partial pres- 
sures on the concentration of charge carriers is 
obtained on assuming electroneutrality for the 
combined contributions of all charged defects. 
However, a simple procedure for obtaining solu- 
tions is usually based on selecting pairs of one 
negative defect and one positive defect, each pair 
being dominant within a certain range of working 
conditions. A set of consecutive simplified elec- 
troneutrality conditions are thus obtained on 
changing PO2 or P,; this is certainly valid when 
the material’s behaviour can be studied within 
large ranges of working conditions and dominant 
defects can be clearly identified. However, this is 
not possible when the range of values of PO, or P, 
is relatively small, as for the present work,-and it 
has been considered useful to work with a more 
general electroneutrality condition, based on one 
single negative defect and three positive defects. 
The rationale for this will become obvious from 
the following discussion. 
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The work being reported now has involved 
mostly perovskites with a slight deficit at the 
A-site and a relatively high dopant concentration 
at the B-site. For this reason it can be assumed 
that Dyi, dominates over the remaining negative 
defects. Also, it has been shown that proton con- 
duction is not expected when substoichiometry 
dominates the formation of negative-charged 
defects in these materials, which means that A-site 
substoichiometry must be much smaller than the 
trivalent dopant content for significant protonic 
conductivity to be retained. This is a further rea- 
son to concentrate our attention on negative 
defects originated by B-site doping, On the other 
hand, the dominant positive defects (h’, Vi or H,‘) 
might change depending on working conditions, 
and a partly simplified electroneutrality condition 
can be written as: 

[DYBI = P + WJ + W,‘l (6) 
This is the same as neglecting the role of A-site 
vacancies, including those formed by Schottky dis- 
order [reaction (3)]. 

The method for obtaining solutions for the 
defect diagram can now be based on using the 
equilibrium constant K, of reaction (1) to express 
p as a function of P,, PO, and [H,‘], and then using 
this result and equilibrium constants K2 and K4 of 
reactions (2) and (4) to express [Vi]. Substitution 
of both expressions in eqn (6) thus yields 

[H;] = [-/3 + (p2 - 4 ay)“*]/20~ (8) 

with (Y = (1 + PO2 14/(K, Pw)“2), j3 = (2K2/K4*K, P,) 
and y = -[Dyk,]. Note that it has been assumed 
here that PO, and P, can be adjusted indepen- 
dently, as expected for oxidizing conditions. For a 
specific set of values for equilibrium constants Ki, 
and partial pressures PO1 and P,, one computes 
the value of proton concentration, and the remaining 
defect concentrations can be easily calculated 
from that value. 

This method can be used to predict defect dia- 
grams for variable P, while keeping Paz constant, 
or vice-versa. For example, Fig. 7 was obtained 
following this approach. Solid lines are for air PO, 
= 21 kPa), and the dashed lines are for a typical 
condition expected for commercial N, (PO, = 10 
Pa). The values for the Ki were adjusted to ensure 
that working conditions identical to those used in 
this work would be consistent with the experimen- 
tal trends already reported, namely that a domi- 
nant protonic conductor would have increasing 
conductivity on increasing the water vapour par- 
tial pressure at constant PO>, and higher conduc- 
tivity in N2 than in air, at constant P,. The partial 
defect diagrams shown in these figures indeed 
indicate that such behaviour is possible if protons 

-1 0 1 2 3 4 5 

log (Pw/ Pa) 

Fig. 7. Suggested defect diagram for Dy-doped SrZr03-based 
ceramics, at constant oxygen partial pressure and variable 
water vapour pressure. Solid lines: PO? = 21 kPa; dashed 

lines: Paz = 10 Pa. 
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and electron holes are the dominant positive 
defects, but only if the mobility of protons is 
higher than hole mobility in this range of temper- 
atures. If this assumption is true, Fig. 8 also sug- 
gests that differences in conductivity between 
experiments performed in air and nitrogen must 
decrease with increasing water vapour pressure. 
In fact, this agrees with the experimental trend 
found at relatively low temperatures (see Fig. 6). 
While the trends of defect concentrations are 
commonly accepted in most of the work previ- 
ously reported on this type of proton-conducting 
material, the suggested relationship between defect 
mobilities is not obvious and requires further 
discussion. 

3.6 Final remarks 
A comprehensive explanation of experimental 
data now being reported would require proton 

-1 0 1 2 3 4 5 

loa (Pq I Pa) 

Fig. 8. Suggested defect diagram for Dy-doped SrZrO,-based 
ceramics, at constant water vapour pressure and variable 
oxygen partial pressure. Solid lines: P, = 1 Pa; dashed lines: 

P,.= 100 Pa. 
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and hole concentrations of the same order of mag- 
nitude, and dominant proton conductivity. This 
can only be achieved with an electron hole mobil- 
ity lower than proton mobility in the temperature 
range 300-500°C. Measurements on proton con- 
centration and mobility have already been reported 
in the literature and indicate that the concentra- 
tion of protons is usually insufficient to balance 
the negative charges originated by B-site doping.’ 
This means that most of .the simplified electroneu- 
trality conditions indeed include either a contribu- 
tion by oxygen vacancies, a contribution by 
electron holes, or both. Expected mobilities of 
protons can also be found in the literature,4q’6 with 
activation energies in the range 0.5-0.6 eV, and 
extrapolation to lower temperatures yields values 
of about 9 X 10m8 and 5 x lo-’ cm2 V’ ss’ for the 
mobility of protons in !SrCe,.,,Yb,.,,O,_, at 300 
and 500°C. The mobility of oxygen vacancies is 
expected to be quite low at temperatures lower 
than 500°C and this excludes a significant oxy- 
gen-ion conductivity contribution at such low 
temperatures, even if the oxide vacancy concentra- 
tion is significant. Finally, electron hole conduc- 
tion is likely to occur, especially at relatively high 
temperatures. Most authors have found significant 
electron hole conductivity contribution at temper- 
atures higher than about 600°C and in air, but 
this should disappear at lower temperatures as a 
result of decreasing defect concentration and/or 
defect mobility. 

To our knowledge electron hole mobilities have 
not been reported for these perovskite-type mate- 
rials. Nevertheless, data reported for other materi- 
als might be useful to predict the order of 
magnitude for electron hole mobilities in SrZrO,- 
based materials. In fact, this material can be 
viewed as an ordered structure in the system 
SrO-ZrO,, and one might thus estimate the order 
of magnitude of electron hole mobilities from data 
reported for zirconia-based electrolyte materials.” 
Extrapolation from high temperatures with an 
activation energy of about 1.4 eV yields electron 
hole mobilities of about 1.7 X lo-” and 1.9 X lo-’ 
cm2 V-’ s-’ at 300 and 500°C. These values are 
lower than the above-mentioned predictions for 
proton mobilities, which shows that the possibility 
of predominant protonic conduction with major 
electron hole concentrations should not be ruled 
out at low temperature. This trend can be reversed 
at high temperatures because the activation ener- 
gies for the mobility of protons are probably 
much lower than for the mobility of electron 
holes. Note also that, from reported data,“,” the 
relative magnitude of mobilities of electronic and 
ionic defects in YSZ is expected to be reversed 
with change in temperature. 

The overall role of substoichiometry and Schot- 
tky-type disorder on the defect chemistry and elec- 
trical transport properties has so far been ignored 
in this discussion, for the sake of simplicity. How- 
ever, an additional comment should be added for 
cases when the Dy3’ content is similar to or lower 
than the A-site substoichiometry. Dy3’ is a large 
cation which might replace both Sr” in A-site and 
Zr4+ in B-site positions in these perovskites. This 
means that writing formulae for these perovskites 
suggesting that all Dy is in the B-site position 
might be inaccurate. Indeed, if Dy3’ cations share 
both sites in the lattice, this would originate both 
positive and negative defects (Dy,; and Dy;,), and 
a decrease in the overall concentration of effective 
charge carriers (h’, H; or Vi). However, this 
would have no major impact on the previous dis- 
cussion which was based on the case when the 
content of Dy3+ is much higher than the A-site 
substoichiometry. 

At last, a final comment on the possible exis- 
tence of B-site substoichiometry. No attempt has 
been made to prepare such compositions. How- 
ever, if the structure might accept a significant 
concentration of B-site vacancies, the overall 
result would still fit in the model behaviour previ- 
ously described. The dominant negative defects, 
whether dopant cations or vacancies in the B-site, 
would have to be compensated by the same posi- 
tive defects, and their relevance would depend on 
working conditions. 

4 Conclusions 

The low-temperature behaviour of a number of 
SrZrO,-based ceramics without or with slight 
A-site substoichiometry, and B-site doping by Dy, 
is strongly influenced by resistive grain bound- 
aries. This is clearly the result of the processing 
route, namely poor sinterability, which in general 
can be improved with a slight deficit in the per- 
ovskite A-site position. Nevertheless, A-site sub- 
stoichiometry has been found to be useless in 
determining protonic conduction, while B-site 
doping has been found to be a fundamental 
requirement for significant proton conductivity. 
Water vapour affects both bulk and grain bound- 
ary conductivities, and the relevant dependence 
suggests that Sro.,,(~.,Dyo.,)O,, is a mixed proton 
and electron hole conductor. The relative impor- 
tance of both conductivity components depends 
on temperature, water vapour and oxygen partial 
pressures. The role of oxygen partial pressure in 
the total conductivity can only be understood on 
assuming that electron holes at low temperature 
have mobilities lower than protons. 
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Abstract 

The grain boundary phase of a lead-based relaxor was 
identified by Raman scattering spectroscopy using 
standard specimens includmg PbO, PbO,, and Pb,O,, 
as well as standard specimens synthesized from the 
compositions of the grain boundary phase analyzed 
by a scanning transmission electron microscope. It 
was revealed that the grain boundary phase contains 
the PbO phase along with the main perovskite phase 
in addition to the pyrochlore phase. This result agrees 
well with the results of .X-ray photoelectron spec- 
troscopy studies and strongly supports a previously 
described degradation mechanism for insulation resis- 
tance under humid loading conditions: dissolution of 
PbO in the grain boundary phase into water is the 
trigger phenomenon leading to degradation. Copy- 
right 0 1996 Elsevier Science Ltd 

1 Introduction 

Lead-based dielectrics called relaxors are solid solu- 
tions of perovskite compounds such as Pb(Mg,,3- 

Nb,,JO,, Pb(Zn113Nb2&3, and Pb(Fel,2Nbli2)0,. 
Yonezawa’ developed the dielectric ceramics 
Pb(Fe2,3W,,~)O~-Pb(Fe,,21\Jb,,2)03 and first used 
them as a dielectric in MLCs (Multilayer Ceramic 
Capacitors). Since then, many dielectric compounds 
for use in MLCs have been reported.24 The interest 
in relaxors results from their great potential, since 
they are high dielectric constant materials with sinter- 
ing temperatures below 1100°C. Such low sintering 
temperatures allow the use of inexpensive internal 
electrodes, such as Ag/Pcl mixtures or alloy, in the 
MLC production process 

A previous report by the authors’ revealed that 
the reliability of a relaxor under humid loading 
conditions is a function of the nonstoichiometry of 
A/B, which is the molar ratio of all the elements 

at A-sites in the ABOs perovskite structure to 
those at B-sites.‘T6 When A/B is equal to or greater 
than 1 .OO, a 2-3 nm-thick secondary phase exists 
at grain boundaries. Assuming that this secondary 
phase is soluble in water, the grain boundaries can 
then dissolve into water. The result is a silver metal 
path formed by the migration of silver through 
the partially water-filled grain boundaries from 
the anode side to the cathode side. Ultimately, the 
resistance of the dielectric material falls. It has 
generally been accepted that there exists a continuous 
or semi-continuous amorphous grain boundary 
phase (approximately 5-10 nm thick) comprising 
primarily PbO. 7*8 However, it had not been con- 
firmed that the grain boundary phase is PbO. 
Therefore, the authors made a successful attempt to 
identify the lead-based grain boundary phase using 
X-ray photoelectron spectroscopy (XPS); the grain 
boundary phase was found to consist mainly of 
PbO and Pb02. In this paper, identification of the 
grain boundary phase is attempted using Raman 
Scattering Spectroscopy (RSS) as a means of 
confirming the results of the XPS study. The final 
objective of successive attempts to identify the 
grain boundary phase of a lead-based relaxor is to 
explain why the grain boundary phase is the deter- 
minant of reliability. 

2 Experimental Procedure 

The composition of the relaxor dielectric ceramic 
used in this experiment was [(Pb0.s75Ba0.,Z5)]A 

[(Mg,,,Nb2,,),.,(Zn,,,Nb2,,),.,Ti,.2lBO,, where the total 
molar number of elements occupying the A- and 
B-sites in the perovskite structure are denoted by 
A and B, respectively. The temperature coefficient 
of dielectric constant (K) for this relaxor satisfies 
the Y5I-J designation of the Electronic Industries 
Associations (EIA) standard.” In order to ensure 
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the presence of intergranular fractures - and thus 
the formation of a grain boundary phase - speci- 
mens with A/B = 0.95, 1 .OO, and 1.05 were prepared. 
Specimens without a grain boundary phase (A/B 
= 0.95) exhibiting a transgranular fracture were also 
produced for comparison. 

The raw materials used throughout this experi- 
ment were reagent-grade oxides and carbonates. 
The constituents were weighed, mixed by ball- 
milling with pure water for 24 hours, and then cal- 
cined in a closed alumina crucible at 800°C for 
two hours. After ball-milling the calcined powder 
with pure water and drying it, 7 wt% of an aque- 
ous solution of 5 wt% polyvinyl alcohol was 
added. The result was granulated and pressed into 
disk pellets 10 mm in diameter and 1.5 mm in 
height at 100 MPa. After binder burnout at 600°C 
for 10 minutes, the pellets were fired for two hours 
in a closed magnesia crucible, at 1050°C for A/B 
= 1.05, and at 1100°C for A/B = 0.95 and 1 .OO to 
obtain dense specimens. An optimum firing tem- 
perature was selected to obtain maximum density. 

The valence of lead in the grain boundary 
phases was determined by Raman scattering spec- 
troscopy (Jobin Yvon - Atagobussan T64000, 
Longjumeau, France). Spectra activated by an 
argon ion laser (5 14.5 nm) were measured 
between 100 and 1200 cm-‘. The beam diameter 
was 1 pm. The fired specimens were cracked open 
to obtain the l-2 nm-thick grain boundary phase 
on the fractured surfaces of A/B = 1.00 and 1.05. 
Because specimens with A/B = 0.95 break right 
through the grains, the Raman spectra reflect the 
internal state of the grains. After being cracked 
open, specimens were transferred to the specimen 
holder of a Raman spectroscope, and spectra from 
the grain boundary phase were measured. Standard 
specimens used for identification of Raman spectra 
were PbO (99.99%, High Purity Chemicals Lab., 
Ltd), PbOz (99.9%, High Purity Chemicals Lab., Ltd), 
and Pb304 (99.99%, High Purity Chemicals Lab., 
Ltd). In addition, the composition of two locations 
in the grain boundaries of specimens with A/B = 
1.05 was analyzed by a scanning transmission elec- 
tron microscope (STEM) (Table 1). Specimens with 
these compositions (GB#l and GB#2) were synthe- 

Table 1. Composition of the grain boundary phase, analyzed by 
STEM, in specimen with A/B = 1.05 fired at 1050°C for 2 h 

Component 

PbO 
BaO 
Nb,O, 
ZnO 
MgO 
TiO, 

Grain boundary phase 

GB#I GB#2 

IO.4 66.5 
4.02 4.91 

16.6 19.4 
2.16 2.15 
2.33 2.23 
4.44 4.88 

Inside of 
grains 

61.7 
5.08 

21.73 
2.29 
3.10 
6.06 

sized in the same manner as described above. 
GB#l and GB#2 were sintered at lOOO”C, 105O”C, 
and 1100°C for two hours for identification of 
Raman spectra from the grain boundary phase. 

3 Results and Discussion 

3.1 Identification of the grain boundary phase by RSS 
Figure 1 shows Raman spectra from the fractured 
surfaces of specimens with A/B = 0.95, 1.00, and 
1.05. Spectra for each specimen consist of six 
peaks and they are very similar to each other, with 
the following features: a small peak at 130 cm-’ 
for the specimen with A/B = 0.95, but a broad 
peak at 139.8 cm-’ for specimens with A/B = I.00 
and 1.05 containing the grain boundary phase; the 
peak at 268.2 cm-’ for A/B = 1 .OO and 1.05 is 
shifted toward low wave number, as compared 
with that for the specimen with A/B = 0.95. Since 
there is little difference in spectra from the grain 
boundary phase and within the grain, we speculate 
that either the grain boundary phase is similar to 
the perovskite phase inside the grain or signals 
from the l-2 nm-thick grain boundary phase on 
the grain surfaces were diluted by signals from 
within the grain due to the Ar laser penetrating 
further than a few hundred nanometers. 

Because STEM analysis has clarified that lead is 
the main component of the grain boundary 
phase,6q1 ’ we investigated whether lead mono-oxide 
exists in the grain boundary phase by comparison 
with Raman spectra of standard specimens of 
PbO, PbO,, and Pb304. As shown in Fig. 2, the spec- 
trum of PbO at 140.7 cm-’ corresponds to the 
broad spectrum at 139.8 cm-’ for A/B = 1 .OO and 
1.05, even though the peaks present at smaller 
wave numbers for PbOz and Pb,O, do not corre- 
spond. In addition, the peak at 268.2 cm-i for A/B 

200 400 600 600 1000 
Wave Number [cm-‘] 

Fig. 1. Raman spectra from fractured surfaces of specimens 
with (A/B = 1.00 and 1.05) and without (A/B = 0.95) the 

grain boundary phase as well as reference specimens. 
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100 200 300 400 

Wave Number [cm-‘] 

Fig. 2. Detailed view of the low wave number portion of Fig. 1 
with an enlarged scale ‘on the horizontal axis. 

= 1.05 is broad on the high wave number side, 
compared to the peak at 276.4 cm-‘. Since there is 
a peak at 286.6 cm-’ in the spectrum of the stan- 
dard specimen of PbO, the spectra for A/B = 1.05 
should be convoluted by the interaction of the 
spectra for the unknown phase and the PbO phase. 
Moreover, the reason for the slightly broadened 
peak at 84.9 cm-’ for A/‘B = 1.00 and 1.05 with 
the grain boundary phase is probably interaction 
with the spectrum for PbO. Therefore, PbO is not 
the main constituent of the grain boundary phase, 
even though the grain boundary phase consists of 
PbO and an unknown other phase. 

In order to identify the grain boundary phase in 
more detail, grain boundary phases GB#l and 
GB#2 were synthesized using the compositions 
determined by STEM ana.lysis of the grain bound- 
ary in the fired specimen with A/B = 1.05. As shown 
in Fig.3, X-ray diffraction peaks due to the PbO 
phase, the perovskite phase, and the pyrochlore 
phase were present in GB#l and GB#2 fired at 
1050°C for two hours. These peaks did not corre- 
spond to those for PbO, and Pb304. Since GB#l 

20.0 25.0 30.0 35.0 40.0 45.0 50.0 55.0 60.0 

2 B (Cu K,) 

Fig. 3. Powder X-ray diffraction patterns of GB#l and 
GB#2 fired at 1050°C for 2 h: GB#l and GB#2 mainly com- 
prise the perovskite phase in addition to the PbO phase and 

the pyrochlore phase. 

and GB#2 have the compositions given below, the 
PbO phase and the perovskite phase are expected 
to be formed in the sintered material. 

GB#l: 
80 mol%(PbO.,,B%.i I)[(Mg,,,Nb2,~)o.44(Zn113Nb~~)~.~~ 
Ti,.,,]03 + 16 mol% PbO + 4 mol% MgO 
or 

80 molO/oPbO.,,Ba., ,)[(Mg,,3Nb*,3)o.7,(Zn,,~Nb~,~)~.~ 
Ti,.,,]O, + 16 mol% PbO + 4 mol% ZnO 

GB#2: 

91 mol%(Pbo.sgBao., I)[(Mg,,3Nbu3)o.s(ZnI,,Nb~~)~.~~ 
Ti,.,,]O, + 8 mol% PbO + 1 mol% MgO 

ii mol%(Pb,.,,Ba., I)[(Mg,,,NbU3)o.59(Zn,,~Nb~~)~.,~ 
Ti,.,,]O, + 8 mol% PbO + 1 mol% MgO 

Raman spectra for GB#l and GB#2 were mea- 
sured, as shown in Figs 4 and 5. These spectra are 
very similar to those for A/B = l-00 and 1.05 with 
the grain boundary phase. Three sharp peaks appear 
at 84.9, 140.7, and 286.6, and these correspond to 
the peaks for PbO. In addition, since GB#l and 

140.7 

L 

0 200 400 600 600 1000 

Wave Number [cm” ] 

Fig. 4. Raman spectra from fractured surfaces of specimens 
(GB#l and GB#2) fired at 1050°C for 2 h. 

I 
0 100 200 300 400 

Wave Number [cm” ] 

Fig. 5. Detailed view of the low wave number portion of Fig. 4 
with an enlarged scale on the horizontal axis. 
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GB#2 comprise the PbO phase, the perovskite 
phase, and the pyrochlore phase according to the 
X-ray diffraction analysis, the remaining broad peaks 
reflect the perovskite phase and the pyrochlore phase. 
In Figs 4 and 5, spectra indicating the perovskite 
phase and the pyrochlore phase in GB#l and 
GB#2 correspond to broad spectra for A/B = 1.00 
and 1.05 with the grain boundary phase. This con- 
firms that the unknown phases in the grain boundary 
are the perovskite phase and the pyrochlore phase. 

The peak at 268.2 cm-’ for A/B = 1 .OO and 1.05 
with the grain boundary phase is present at slightly 
lower wave number than that for A/B = 0.95 with- 
out the grain boundary phase. In A/B = 0.95, oxy- 
gen vacancies may be created to compensate for 
defects at the A-site in the perovskite, causing 
binding length shortening. As a result, the wave 
number increases. In specimens with A/B less than 
1.00, the deficiency at the A-site is compensated 
for the formation of the pyrochlore phase. This 
result indicates the existence of defects at the A-site 
in the perovskite structure as well as the formation 
of the pyrochlore. One reason for peaks for the 
perovskite phase being broader than those for the 
PbO phase is that the perovskite phase consists 
of multiple components, resulting in the existence 
of multi-vibrational modes. This is in addition to 
the mixing of the pyrochlore phase into the per- 
ovskite phase. 

We conclude that the grain boundary phase 
comprises the PbO phase, the perovskite phase, 
and the pyrochlore phase. This conclusion strongly 
supports the degradation mechanism previously 
presented by the authors.6 According to this mech- 
anism, the grain boundary phase first dissolves 
into water and then the grain boundaries fill with 
water. This leads to Ag migration from the Ag 
electrode. Thus, PbO peaks in GB#l would be 
lower for GB#l held in water. Change in PbO 
peaks fractured surfaces of GB#l fired at 1050°C 
was investigated by RSS after keeping the frac- 
tured specimens in hot water at 85°C for various 
times. As shown in Fig. 6, the main peak at 140.7 
cm-’ for PbO started to decrease after 20 hours, 
and then the peak completely disappeared after 50 
hours. A small peak can still be seen after 140 
hours, maybe due to distribution of thickness of 
the grain boundary phase. Thus, it is confirmed 
that PbO in the grain boundary phase can dissolve 
in water, suggesting justification of our degrada- 
tion mechanism for insulation resistance. 

3.2 Electrical properties of the grain boundary 
phase 
Figure 7 shows the temperature dependence of the 
dielectric constant of GB#l. The maximum dielec- 
tric constant is 5000 for 1000°C firing and 6500 

:: ,I, 

0 200 400 800 800 1000 
Wave Number [cm-’ ] 

Fig. 6. Raman spectra from fractured surfaces of GB#l 
treated in hot water at 85°C for various times. 
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Fig. 7. Dielectric constant and dissipation factor of GB#l at 
1 kHz as a function of temperature. 

for 1100°C firing. A previous study reports that 
there is a PbO-rich grain boundary phase with a 
dielectric constant of 26.” If a grain boundary 
phase with the low dielectric constant of 26 is pre- 
sent, the decrease in dielectric constant of the bulk 
specimen would be given as follows, according to the 
series model:‘* (2 nm-diameter grain with dielectric 
constant of 12 500)-(2 nm-thick grain boundary 
phase)-(2 nm diameter grain with dielectric con- 
stant of 12 500) 

c/c, = k*dJ(K*d, + K,d*) 

where K, is the dielectric constant (12 500) of the 
grain, d, is the grain diameter (2 pm), K2 is the 
dielectric constant (26) of the grain boundary phase, 
and d2 is the thickness (2 nm) of the grain boundary 
phase. This equation tells us that the dielectric con- 
stant decreases by 33% if the dielectric constant of 
the grain boundary phase is 26, and 0.4% for 6000. 
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Firing temperature (“C) 

1,000 1,050 1,100 

25°C 125°C 25°C 125°C 25°C 125°C 

ClnFl I.634 3.961 7,867 4.348 9,033 5.034 
DF[%,] 0.86 0.27 0.68 0.33 0.85 0.50 
IRlQ 0.42 x lo5 0.42 x 10’ 0.28 x lo5 0.27 x 10’ 0.27 x 10’ 0.27 x lo5 
CRlflFl 320 170 190 120 360 210 

In a previous study,‘* we reported that the dielectric 
constant when A/B 2 I.01 did not greatly decrease 
in spite of the existence of the grain boundary 
phase. This is how we 8conclude that the main 
component of the grain boundary phase is not 
PbO nor the pyrochlore Iphase with a low dielec- 
tric constant, but rather the perovskite phase. This 
conclusion supports the r~esults of grain boundary 
phase identification by Raman scattering spec- 
troscopy. Table 2 shows the product of capacitance 
and resistance (CR) after I min at 25°C and 125°C. 
Independent of firing temperatures CR values at 
25°C were 200400 [OF] and at 125°C were 
100-200 [OF]. These values are considerably lower 
than those for bulk specimens;’ that is, they are 
much less than 10000 [nl?] at 25°C and 125°C. If 
the grain boundary phase is continuously present, 
the total resistance of bulk specimens should 
suffer from the effect of the low-resistance grain 
boundary phase. However, this was not the case. 
Since the CR value is greater than 10 000 [OF] 
both at 25°C and 125”C5 this result suggests that 
the grain boundary phase is not present continu- 
ously in the grain boundaries. 

4 Conclusions 

It has been clarified that the grain boundary phase 
of a relaxor dielectric ce:ramic contains the PbO 
phase along with the m,ain perovskite phase in 
addition to the pyrochlore phase. This conclusion 
strongly supports our degradation model for insu- 
lation resistance under humid loading condition$ 
the insulation resistance degradation in relaxor 
dielectric ceramics with A/B 2 1.00 under humid 
loading conditions is attributed to dissolution 
of PbO in the grain boundary phase into water. In 
addition, the reason for the dielectric constant 
of specimens with A/B 2 1.00 and the grain 
boundary phase not falling decrease greatly was 
also elucidated. 
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Abstract 2 Experimental Procedure 

The influence of CuO on the surface reactivity and 
on the shrinkage behaviour of a SnO, powder has 
been studied at low temperature (T I 9OO’C). Surface 
dtJiision of copper ions, eflective at a temperature as 
low as 4OO”C, results in an ,homogeneous distribution 
of copper cations on the grain surfaces. The powder’s 
ability to fix water and oxygen-derived species is then 
modified. Simultaneously to the formation of oxygen 
vacancies in the outer part of the grains, a denst@ca- 
tion phenomenon is observed at 850°C. The cor- 
responding shrinkage kinetics can be$tted using the 
model proposed by Scherer to describe viscous flow 
sintering of a low-density array of particles. A relation 
between the atomic defects present near the surface 
of the grains and the viscous flow-like behaviour is 
suspected. Copyright 0 1996 Elsevier Science Ltd 

2.1 Preparation of the green compacts 
SnO, (Aldrich 99.9%) and CuO (Prolabo Normapur 
99%) were used as starting powders. Their specific 
surface areas were 7.3 and 14.8 m2gi, respec- 
tively. In order to get 0.99 SnO,-0.01 CuO molar 
mixture, appropriate quantities of the powders 
were mixed in an agate ball mill in pure ethanol. 
After calcination for 3 h in air at 400°C the pow- 
der mixture was uniaxially pressed to form cylin- 
drical samples (6 mm diameter). The density of 
the green samples was 3.6 f. 0.1 g cmm3. 

1 Introduction 

2.2 Determination of the shrinkage kinetics 
The isothermal shrinkage rate was determined at 
850 and 900°C in air, using a Netzch dilatometer. 
The furnace was heated at the desired temperature 
and then the green sample, set on the measuring 
device, was introduced in 5 min into the isother- 
mal zone. The shrinkage evolution was recorded 
during 80 min. 

Pure SnO, is known to be very difficult to densify 
by natural sintering, i.e heat treatment gives rise to 
an increase of the size of both pores and grains.‘,2 
However, addition of a small amount of CuO 
(1 molar %) favours densification. High-density 
ceramics (i.e. 98% of the theoretical density) can 
be obtained after sintering at 1150°C. We have 
shown, in a previous work, that the fast shrinkage 
observed at this temperature is related to the pres- 
ence of a copper oxide-rich liquid phase.3 

In addition, we have observed that the presence 
of CuO also promotes the densification of SnO, at 
temperatures (850 and 900°C) lower than that of the 
liquid phase formation (= 940°C).4 At such low tem- 
peratures, grain surface diffusion can be the pre- 
dominant matter transfer process. Therefore, the 
purpose of this work is to identify the contribu- 
tion of the interface to the phenomena involved in 
the slow densification observed when T < 940°C. 

2.3 Study of water and oxygen sorption phenomena 
SnO, is known as a material that chemisorbs oxy- 
gen and water easily. 5*6 These phenomena are also 
dependent on the grain surface composition. There- 
fore, study of the exchange between gas phase and 
SnO,-based materials, using thermogravimetric analy- 
sis, can give information on an eventual evolution 
of the grain surface composition during heat treat- 
ment. Further insights in the sintering mechanisms 
of 0.99 SnO,+Ol CuO mixture can then be deduced 
since the composition of the surface of the grains 
is one of the parameters that control the sinter- 
ability of a ceramic powder at low temperature. 

*Present address: ENSCI, 47 Av. Albert Thomas, 87065 
Limoges Cedex, France. 

Thermogravimetric measurements were per- 
formed using a Setaram MTB 10-8 equipment. 
The equipment accuracy was 10 pg with an initial 
sample weight of about 700 mg. The behaviour of 
four samples was investigated: (i) a pure SnO, 
powder calcined at 400°C for 3 h, (ii) a 0.99 
SnO,-0.01 CuO powder calcined at 400°C for 3 h, 

;3 116 
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Table 1. Definitions of the main terms used in section 3 

nv Number of surface oxygen vacancies per gram due to Cu distribution [nv/n = nv,ln - (n,Jn) pure Sn02 = nv,,/n - 0.181 

Initial mass of a sample 
Mass attributed to water desorbed during heating 
Mass attributed to oxygen adsorbed during cooling 
Number of cationic positions on the grain surface per gram of material 
Number of Sn on the grain surface per gram of material [n,,/n = 1 for “pure” SnOl] 
Number of Hz0 molecules desorbed per gram of material 
Number of Cu lying in substitutional position on the grain surface per gram of material [nc,/n = 1 - n&n] 
Number of oxygen vacancies on the grain surface per gram of material [corresponding to O2 molecules adsorbed 
during cooling] 

(iii) a 0.99 SnOr-O.01 CuO calcined powder sintered 
at 850°C for 20 min, (iv) a 0.99 SnO,-O.Ol CuO 
calcined powder sintered at 850°C for 60 min. 
Each specimen was prepared as a cylindrical pellet 
and presented almost the same initial density 
(= 3.6 g cmm3). The samples were heated in flowing 
air at 200°C h-’ up to 800°C or 850°C then held 
for 15 min in a dried oxygen flow, before cooling 
down to 20°C at 200°C h-l in the same atmosphere. 
The recorded weight changes were corrected for 
buoyancy force changes. The BET specific surface 
areas were determined using N, gas as adsorbate 
at 77 IS with a Micromeritics 2100 E apparatus. 
From TGA and BET measurements, numbers of 
species present on the surface of the grains have 
been calculated. Definitions of the terms used are 
given in Table 1. 

3 Results and Discussion 

3.1 Isothermal shrinkage kinetics 
At 850 and 9OO”C, the evolution of the isothermal 
shrinkage, [AL/L& of 0.99 SnO,&Ol CuO samples 
versus sintering time, t, can be described by the 
relation: 

IALIL,I = A . tp (1) 

with p = 0.66 + 0.02. That value of p does not 
correspond to any of the known liquid-phase 
sintering mechanisms, i.e. p I 0.3.9 Furthermore, 
the fast initial densification step usually observed 
for this material during the liquid phase formation 
when T, 1 940°C is not observed. Those results 
lead us to consider that in this range of tempera- 
ture (850-900°C) sintering does not involve a liquid 
phase. However, the influence of copper oxide on 
the densification rate is already marked for very 
short sintering time as it can be seen in Fig. 1 
where the shrinkage kinetics at 850°C of ‘pure’ 
SnO, and of 0.99 SnO,-O.Ol CuO are compared. 
Such a behaviour suggests that the distribution 
of copper ions in SnO,-based material occurs 
either during the calcination treatment at 400°C 
or very rapidly during the heating up to 850°C. 
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Fig. 1. Isothermal shrinkage at 850°C in air of (0) ‘pure’ 
SnOz and (m) 0.99 SnO,-0.01 CuO materials. 

3.2 Copper ion distribution after calcination at 
400°C 
The thermogravimetric study of water and oxygen 
sorption phenomena has been performed on green 
compacts of SnOz and 0.99 Sn02-0.01 CuO pow- 
ders previously calcined at 400°C in air for 3 h. 
The relative weight losses, (m-mo)/mo, related 
to desorption during heating up to 400°C in air, are 
reported in Fig. 2, where m, and m are the weight 
of the sample measured in air at 20°C and at a 
temperature T, respectively. Considering the low 
amount of CuO in the mixture powder (~0.5 wt%), 
the difference between the two curves in Fig. 2 
when 100 I T I 300°C is too large to be attributed 
to sorption phenomena on CuO grains. Relative 
density (0.52) and specific surface area (7.3 m* g-‘) 
of the two samples being identical, only a modifi- 
cation of the Sn02 grain surface composition can 
explain the difference in desorption behaviour. As 
a consequence, it can be considered that diffusion 
of copper ions on the surface of the SnO, grains 
occurred during the previous calcination treatment 
at 400°C. 
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Fig. 2. Relative weight losses obrierved during the heating in air 
of calcined powders: (0) ‘pure’ Sn02, (H) 0.99 Sn02-0.01 CuO. 

3.3 Evolution of grain surface composition during 
sintering at 850°C 

3.3.1 Copper concentration 
Many studies have been performed to determine 
the location of water and oxygen-derived species on 
t-utile-type crystal surfaces.7,8 Based on their conclu- 
sions, the following assumptions can be proposed 
in order to relate sorption phenomena to SnO, grain 
surface composition: (i) sorption of water-derived 
species (H,O, OH-, . ..) is related to Sn cations7 
whereas Cu cations are not directly involved in this 
phenomenon: (ii) O2 molecules are chemisorbed 
at low temperature (T < Z!OO’C) by oxygen vacan- 
cies,7,9 (iii) on the grain surface, Cu cations are 
located in Sn position.* 

The relative weight evolution versus temperature 
of a calcined SnO* powder and of a 0.99 SnO,- 
0.01 CuO calcined mixture sintered for 20 min in air 
at 850°C is presented in IFig. 3. Experiments per- 
formed in dry atmosphere have shown that after a 
first heating up to 8OO”C, the weight changes 
observed during further heat treatments are reversible 
and are not dependent on the difference of oxygen 
partial pressure existing between dry air and dry 
oxygen. Therefore, the difference observed in the 
TGA curves between the heating in ambient air 
and the cooling in oxygen must be due to water 
species departure. Results reported in Fig. 4 (curves 
(3) and (4)) show for a 0.99 SnO,-0.01 CuO sam- 
ple that the longer the sintering time at 850°C, the 
weaker the water loss during the heating up to 
850°C. 

Assumption (i) relative to the role of Sn cations 
in water adsorption phenomena leads to associa- 
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Fig. 3. Relative weight variations observed during heating 
in ambient air and cooling in dry oxygen of: calcined SnO, 
(@ heating, 0 cooling) and 0.99 SnO,-O.Ol CuO calcined 
mixture sintered at 850°C for 20 min. (m heating, 0 cooling). 
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Fig. 4. Relative weight losses due to water loss during heating 
in air of: (1) calcined SnOz, (2) calcined 0.99 Sn02-0.01 CuO, 
(3) calcined 0.99 Sn02+.01 CuO sintered for 20 min at 850°C 

(4) calcined 0.99 SnO*-0.01 CuO sintered for 1 h at 850°C. 

tion of the observed behaviour to a decrease of the 
tin cation number per gram of material (nSn) on the 
grain surface when CuO is present in the sample. 
BET measurements revealed that specific surface 
area was not significantly modified by sintering at 
850°C or by thermogravimetric heat treatment; 
specific surface area variations were always lower 
than 5%. This effect appears strongly enhanced 
during sintering at 850°C (curves (3) and (4) in 
Fig. 4). As the specific surface area remains almost 
constant, the corresponding decrease of the n,,ln 
ratio must be related to the progressive substitution 
of tin by copper on the surface of the grains. 

According to Jones and Hockey’ the surface of 
a rutile-type structure is composed of 60% of (110) 
planes, 20% of (101) planes and 20% of (100) planes. 
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Table 2. Relative weight losses (m,@r,) due to water loss during heating up to 800°C and corresponding numbers of Hz0 and 
Cu per normal cationic position on the grain surface 

SnO, 0.99 SlOfl~Ol cue 

3 h 400°C 3 h 400°C 3 h 4OO’C 3 h 400°C 
20 min 850°C 1 h 850°C 

mH,dmo 1.9 x 10-j 1.5 x 10.3 1.1 x 10-j 1.0 x 10-r 
+&Jn 1.02 0.79 0.61 0.54 
k,fn 0 0.23 0.41 0.48 

Assuming a similar partition in SnO, and taking 
into account the equivalent area of a tin cation on 
each type of plane, the value of n calculated from 
s BET = 7.3 m2 g-i should be 6.2 X lOI atom g-‘. 
The relative water weight loss, mn&zO, and the 
relative number of H20 molecules desorbed per 
gram of material, n&z, are reported in Table 2 
for each type of sample. The nn& value is 
close to 1 for ‘pure’ SnO,. This result leads us to 
assume that, at room temperature, one H,O 
species is bound to one Sn cation. In the absence 
of interaction between Cu and H,O (assumption 
(i)) the difference (1 - n,,on) should be representa- 
tive of the relative amount, n&z, of copper lying 
in substitutional position on the grain surface. The 
corresponding values reported in Table 2 agree 
with a progressive spreading of copper on the sur- 
face of the SnO,-based grains during heat treat- 
ment. 

3.3.2 Oxygen vacancy concentration 
The increase of weight observed during cooling 
in oxygen from 200°C to 20°C must be related to 
oxygen adsorption on grain surfaces. The cor- 
responding ratios mo/mo are given in Table 3. When 
CuO is present in- the initial mixture, mo,lmo 
increases with the temperature and the time of the 
pre-treatment. Assuming that one O2 molecule is 
adsorbed by one oxygen vacancy,7,9 the number of 
oxygen vacancies per cationic site on the grain 
surface, nVO/n, can be determined. The correspond- 
ing values reported in Table 3 lead to the con- 
sideration that the distribution of copper ions on 
the surface is associated to the formation of oxy- 
gen vacancies. Although copper ions migrate on 

tin oxide grains during isothermal heat treatment 
of 0.99 SnO,-O.Ol CuO at 85O”C, no weight 
change is observed (Fig. 5). Therefore, a simple 
reaction can be proposed to summarise the whole 
process: 

cue 
Sn02 

) CU”s” +v;+oo (2) 

Since nvO/n = 0.18 for pure SnO, grains, some 
oxygen vacancies already exist without any CuO 
addition. The difference nv&z-0.18 = n,ln can be 
considered as characteristic of the relative amount 
of surface oxygen vacancies due to copper distri- 
bution (Table 3). The n,lnc, ratios, reported in 
Table 3, are almost independent of pre-treatment 
conditions. The value, nv/nCu = 0.65, seems to be 
characteristic of the grain surface of 0.99 SnO,- 
0.01 CuO material. It differs significantly from the 
one imposed by reaction (2), i.e., n,lnc, = 1. In 
the absence of weight change during heat treat- 
ment at 850°C (Fig. 5), this discrepancy indicates 
that about 35% of the oxygen vacancies formed 
during distribution of copper on the grain surface 
are unable to chemisorb oxygen. Two possibilities 
can be proposed to explain that effect: location of 
oxygen vacancies inside the grains or formation of 
clusters on the grain surface involving copper ions 
and oxygen vacancies. In the latter case, all vacan- 
cies would be located on the grain surface and 
would not contribute to the shrinkage. 

3.4 Modelling of the low-temperature sintering 
The p exponent characteristic of the shrinkage 
kinetics at 850 or 900°C is 0.66 + 0.02. This value 
does not correspond to any known model involving 

Table 3. Relative weight variations due to oxygen adsorption during cooling from 200 to 20°C and surface defects relative 
concentrations 

SnO, 0.99 SnOfi.01 CuO 

3 h 400°C 3 h 400°C 3 h 400°C 
20 min 85O’C 

3 h 400°C 
I h 850°C 

(m0,/m0)200-20~c 0.6 x 10m3 1.1 x 10-3 1.5 x 10-r 1.6 x 10m3 
nv,fn 0.18 0.33 0.45 0.49 
n& 0 0.23 0.41 0.48 
nvin 0.15 0.27 0.31 
nvk, - 0.65 0.66 0.64 
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Fig. 5. Relative weight variation during sintering at 850°C in 
air of a calcined 0.99 SnO,4.01 CuO mixture. The sample 

was heated up to 85O’C in 5 min. 

solid-state sintering. Furthermore, Frenkel pro- 
posed that, under the influence of surface tension, 
crystalline bodies can display a viscous flow simi- 
lar to that of amorphous bodies.” The possible 
presence of a large number of vacancies inside the 
grains would support such a behaviour quite well. 
As a consequence, shrinkage evolution of our 
ceramics can be compared with that associated 
with a viscous flow meclhanism. Using Scherer’s 
approach, ” the sintering rate of a mode1 structure 
is determined based on the assumption that the 
energy dissipated in the viscous flow is equal to 
the energy gained by the decrease in surface area 
during sintering. That ideal geometry (Fig. 6a) 
corresponds to a porous :microstructure11~12 consti- 
tuted of cylinders arranged in a cubic array (length 
of side: 1). The cylinder radius, LX, is expected to 
represent the average particle radius. This descrip- 
tion is in agreement with the microstructure 
observed in a 0.99 Sn02--O~01 CuO calcined sample 
sintered for 16 min at 900°C (Fig. 6b). 

Scherer has expressed the theoretical variation 
of the relative density, &I,,,, as a function of the 
reduced time, X, = K)(t-t,,). p is the apparent den- 
sity at t and &h is the theoretical density. to is the 
fictitious time at which ~141 = 0. The value of K is 
given by: 

K = Y * bthb0)"3 / (7 * b) (3) 

where y is the specific surface excess of free energy, 
po the initial apparent density, q the ‘viscosity’ and 
/o the initial value of 1. The plot of P/& versus X, is 
given in Fig. 7. 

Assuming an isotropic shrinkage, p/p,,, can be 
calculated for each value ‘of t using the isothermal 
dilatometric experiments (Pth = 6.95 g cm-3). Those 
experimental data can be fitted to the theoretical 
curve (Fig. 7) to deduce the reduced time abscis- 
sas, x,. Since K and t, are not time-dependent for 
a given sintering temperature, a linear relationship 

(4 

Fig. 6. (a) Idealized microstructure geometry used in the 
Scherer’s model (from Ref 11). (b) microstructure of a 0.99 

GO?-0.01 CuO ceramic sintered for 16 min at 900°C. 

Reduced time, xt 

Fig. 7. Theoretical evolution of p/pli, versus reduced time 
corresponding to a viscous-flow sintering using the microstruc- 

ture geometry described in Fig. 6(a). 



1168 J. P. Bonnet et al. 

is expected between the reduced and the sintering 
times if the Scherer’s model is applicable. The plot 
of the experimental sintering times, t, versus x, is 
given for T, = 850, 900 and 940°C in Fig. 8. The 
straight lines obtained for 850 and 900°C suggest 
that the shrinkage behaviour of a 0.99 SnO&Ol 
CuO calcined mixture is similar to the one 
observed at these temperatures during a viscous- 
flow sintering. The K values determined from the 
slopes (K’) of the straight lines are 1.1 X 10m5 
and 3.4 X 1O-5 s-’ at 850 ,and 900°C respectively. 
The evolution of K with T, is in agreement with 
the expected variation of the viscosity with the 
temperature (eqn (3)). The non-linear behaviour 
observed at T, = 940°C the temperature at which 
the sintering is controlled by a liquid phase,4 
confirms the specific nature of the low-tempera- 
ture (T, I 9OO’C) shrinkage mechanism for 0.99 
SnO,-0.01 CuO powders. 

In fact, it is not necessary for the whole mate- 
rial to be viscous to observe a viscous-flow type 
shrinkage. It has been shown recently that a pack- 
ing of hard particles coated by a ‘soft’ phase can 
sinter at a rate comparable to that of particles 
without a rigid core, i.e. following a viscous-flow 
mechanism, provided the thickness of the viscous 
layer is sufficient. i3*i4 In the case of spherical parti- 
cles, Jagota I3 showed that a normalised coating 
thickness t/R = O-2 (R is the radius of the hard 
core of the grain) is sufficient to reach full density 
at almost the same rate as the viscous material. 
Moreover, when the relative density of the mate- 
rial remains Iow, its sintering kinetics is the same 
as that of the coating for a value of t/R as low 
as 0.1. Considering that the relative density of 
the 0.99 SnO,-0.01 CuO ceramics described in this 
paper was lower than 56%, a thick disordered 

IOOC- 

2.10 

Reduced time, xt 

Fig. 8. Evolution of the sintering time of 0.99 SnOr-O.O1 CuO 
calcined samples versus reduced time obtained from Fig. 7. 
Sintering temperatures were: + 85O”C, n 900°C and A 940°C. 

layer near the surface of the grains, possibly due to 
the formation of oxygen vacancies inside the grain 
during the copper distribution, could play the role 
of that viscous layer. Its thickness was estimated, 
applying Jagota’s approach to our shrinkage and 
using the size of the grains deduced from specific 
area measurements (Y = 0.06 pm). A value of the 
order of a nanometre, which seems rather likely. 

4 Conclusion 

A small addition (1 molar %) of copper oxide 
results in a large change in the shrinkage behaviour 
at low sintering temperature, 800 or 850°C com- 
pared to ‘pure’ SnO,. In this range of temperature, 
occurrence of a liquid phase appears doubtful. 
Study of the influence of temperature on the weight 
evolution of various 0.99 SnO,-0.01 CuO heat- 
treated powders has allowed us to follow the dis- 
tribution of copper ions and free oxygen vacancies 
on the grain surface. First, distribution of copper 
ions occurs through surface diffusion at temperatures 
as low as 400°C. Second, at higher temperatures 
(850-900°C) a part of oxygen vacancies are not 
able to chemisorb O2 molecules. Simultaneously, 
densification is observed and its kinetics can be 
fitted by the model proposed by Scherer to describe 
viscous-flow sintering. The possible location of 
oxygen vacancies which are not free on the surface 
of the grains, within a thick layer, could then be 
related to that unusual shrinkage behaviour. That 
layer (=nm) would play the role of a viscous coat- 
ing of the SnO, grains. 
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Abstract 

Two kinds of spine1 (MgAl,O,)-zirconia (ZrO,) 
composite powders were prepared by double nozzle 
ultrasonic spray pyrolysis; the aqueous solutions in 
the Mg(NO,),-Al(NO,), and ZrOCIJ- YC1, systems 
were spray-pyrolysed in a hot zone of an electric 
furnace heated at 900°C using two ultrasonic vibra- 
tors. The compositions of the composite powders 
were as follows: (I) Sample No. I: MgAl,O, 93.36 
mol’% and yttria-stabilized tetragonal ZrO, poly- 
crystals (Y-TZP) 6.64 mol% and (2) Sample No. 
2: MgAl,O, 75.51 mol% and Y-TZP 24.49 mol%. 
While MgAl,O, and Y-TZP were present in both 

powders, A4gO was additionally detected from Sam- 
ple No. 2; such MgO a’isappeared when it was 
heated up to 1100°C or higher. The composite pow- 
ders contained spherical particles with diameters of 
below 2 pm and, in part, acicular particles with 
long axis lengths of I to 2 ~MI. The wet-milled pow- 
der of Sample No. 1 showed an excellent sinterabil- 
ity; when the composite powder compact was fired 
at 1700°C for 10 h, the relative density attained 
976%. Copyright 0 1996 Elsevier Science Ltd 

1 Introduction 

Since spine1 (MgAl,O,) ce:ramic has a high melting 
point (2105°C) and excelle:nt resistance to acid and 
alkali, a large amount of MgAl,O, ceramics is 
now used as a refractory for furnace walls and 
firebricks.lm3 Attention has also been directed 
toward the application of MgAl,O, ceramics to 
humidity sensors.ti Except for these practical and 
potential uses, the application of MgAl,O, to 
other fields has been restricted, chiefly due to the 

*To whom correspondence should be addressed. 

insufficient mechanical strength at room and high 
temperatures.’ In order to improve the mechanical 
strength of MgAl,O, ceramics, many researchers 
investigated the fabrication of (i) dense ceramics 
and/or (ii) composites with other materials.8 Dense 
MgAl,O, ceramics may be fabricated using 
powders with primary particle sizes of I 200 nm 
prepared by various advanced techniques: copre- 
cipitation,’ vapour-phase oxidation,” spray pyrol- 
ysis, ” freeze drying I2 and sol-gel techniques.13 The 
composites of MgAl,O, with ZrO, are expected to 
enhance the mechanical strength, because Fujita 
et a1.8 demonstrated that the maximum fracture 
toughness (K,,) is 6.3 MPa ml” and the bending 
strength of ZrO,-dispersed MgO-Al,O, ceramics 
attains 400 MPa. Nevertheless, no information on 
ZrO,-dispersed stoichiometric MgAl,O, ceramics 
has been available. 

The authors prepared various calcium phosphate 
powders by spray pyrolysis;‘&r6 this technique has 
the advantages of preparing the powders with (i) 
submicrometer-sized primary particles, (ii) narrow 
particle size distribution and (iii) homogeneous com- 
position. I7 Nevertheless, conventional spray pyrol- 
ysis is not always suitable for the preparation of 
composite powders containing two or more com- 
pounds, partly because it is difficult to prepare a 
solution containing such multicomponent ions with- 
out precipitation, and partly because the differ- 
ence in solubility among metal salts in the starting 
solution often causes compositional inhomogene- 
ity in the spray-pyrolysed powder.17 In order to 
prepare ZrO,-dispersed stoichiometric MgA120, 
without a mixing operation, we assembled a novel 
spray pyrolysis apparatus using two ultrasonic 
vibrators. By using this apparatus, we examined 
(i) the preparation conditions of ZrO,-dispersed 
stoichiometric MgAl,O, powders and (ii) the sin- 
terabilities of the resulting composite powders. 

1171 
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2 Experimental Procedure 

2.1 Preparation of composite powders 
Figure 1 shows the schematic diagram of the reac- 
tion apparatus. This apparatus was composed of 
(I) a spraying zone, (II) a heating zone and (III) 
a powder collecting zone. Each zone will be 
explained below. 

(III) Powder collecting zone 
The resulting powder was collected by a test-tube 
type filter (g); the gas formed by the spray pyroly- 
sis was inhaled by an aspirator. 

2.2 Calculation of the mean diameter of droplets 
The mean diameter of the droplets (a) was deter- 
mined by the following equation:18 

(I) Spraying zone 
The preparation conditions of the starting solu- 
tions are shown in Table ‘1. The starting solutions 
for MgAl,O, and Y-TZP were prepared as follows: 
(i) the desired concentrations of Mg(NO,),.6H,O 
and Al(NOJ,.9H,O were dissolved in deionized 
water to form the solutions for preparing MgAl,O,; 
(ii) the desired concentrations of ZrOCl,8H,O 
and YC1,.6H,O with Y/(Zr+Y) = 0.03 were dis- 
solved in deionized water to form the solutions for 
preparing Y-TZP. The droplets were formed using 
ultrasonic vibrators (a). 

(II) Heating zone 
The droplets were introduced into the mullite tube 
(e), heated by an electric furnace (d) using a car- 
rier gas: Ar gas (b) for preparing MgA1204 and O2 
gas (c) for preparing ZrO,. The spray pyrolysis 
was carried out at 900°C. The temperature was 
recorded using thermocouples (f). 

(a) (a) 

Fig. 1. Schematic diagram of the reaction apparatus. (a) Ultra- 
sonic vibrator, (b) Ar carrier gas, (c) 0, carrier gas, (d) Electric 
furnaces (length: 600 mm), (e) Mullite tube (diameter: 60 mm), 

(f) Thermocouple (Pt-Pt. 13% Rh), (g) Test-tube type filter. 

where (T is the surface tension of the solution, p is 
the density of the solution, and f is the frequency 
(= 2.4 MHz) of the ultrasonic vibrator. 

2.3 Sintering of composite powders 
A part of the resulting powder was wet-milled 
using a zirconia mortar and pestle in the presence of 
acetone. The as-prepared and wet-milled powders 
were uniaxially pressed at 120 -MPa in steel dies to 
form cylindrical compacts with diameters of 10 mm 
and thickness of -2 mm; then the compacts were 
cold-isostatically pressed at 150 MPa. The com- 
pacts were heated in an electric furnace (heating 
elements: MoSi,) at a temperature between 1400°C 
and 1700°C for 10 h in air. The heating rate from 
room temperature up to the desired temperatures 
was 10°C min-‘. The bulk densities of the green 
and sintered compacts were calculated on the 
basis of the weights and dimensions. The relative 
density was calculated by dividing the bulk den- 
sity by the true density measured picnometrically. 

2.4 Evaluations of resulting powders and sintered 
compacts 
The crystalline phases of the resulting powders 
and sintered compacts were examined using an X-ray 
diffractometer (XRD; 40 kV, 25 mA; Model RAD- 
IIA, Rigaku, Tokyo) with Ni-filtered CuKa radia- 
tion and a Fourier-transform infrared spectrophoto- 
meter (FT- IR; Model 86OOPC, Shimadzu, Kyoto). 
The quantitative analyses of the powders were 
conducted using an X-ray fluorescence apparatus 
(XRF; Model SXF1200, Shimadzu, Kyoto). 

The specific surface areas of the powders were 
measured by a Brunauer-Emmett-Teller (BET) 
technique, using nitrogen (N2) as an adsorption 
gas. The true densities of the powders were mea- 

Table 1 Preparation conditions of starting solutions 

Spray I Spray ZZ 

Sample No. Mg(NO,), AUNO,$ ArJIow rate 
dm3 min-’ 

ZrOCl, 
mol dm-’ 

YCr, 02Jlow rate 
mol dm-’ mol dm- mol dmm3 dm’ min-’ 

: 2.0 2.0 x x lo-’ 10-1 4.0 4.0 x x IO-’ lo-’ 820 820 9.7 9.7 x x 10-z 10-z 3.0 3.0 x x 10-j 10-j 400 800 
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sured picnometrically at 25°C. The agglomerate 
strengths were examined from the data on the 
relationship between relative densities of the com- 
pacts and compressed pressures. 

The particle shapes of the powders were 
observed using a transmission electron microscope 
(TEM; Model H-9000, Hitachi, Tokyo), while the 
microstructures of the :sintered compacts were 
observed using a scanning electron microscope 
(SEM; Model S-430, Hita.chi, Tokyo). The disper- 
sion states of elements in the sintered compacts 
were examined using an energy-dispersive X-ray 
analyser (EDX; Model EMAX- 500, Horiba, 
Kyoto). The crystal system of ZrO, in the sintered 
compacts was examined using a Raman spectro- 
scope (Ar laser tuned to 5 14.5 nm). 

3 Results and Discussion 

3.1 Preparation of MgA1204-Zr02 composite powders 

3.1. I Crystalline phases of the resulting powders 
Figure 2 shows the XRD patterns of the resulting 
powders. While MgA120419 and t-ZrO, (yttria-sta- 
bilized ZrO, polycrystals:: Y-TZP)20 were present 
in both powders, Mg02’ was additionally detected 
from Sample No. 2. The X-ray intensities of Y- 
TZP in Sample No. 2 were higher than those in 
Sample No. 1. 

The compositions of the powders heat-treated at 
1400°C were examined using XRF. The composi- 
tion of Sample No. 1 wa,s: MgAl,O,, 93.36 mol% 
and Y-TZP, 6.64 mol%, whereas that of Sample 
No. 2 was: MgA1204, 75.51 mol% and Y-TZP, 24.49 
mol%. Hereafter, Samples No. 1 and 2 are desig- 
nated as MZ(664) and MZ(24.49), respectively. The 
numbers in parentheses indicate the Y-TZP content. 

As shown above, the Y-TZP content in MZ(24.49) 
powder is higher than that in MZ(6.64) powder, 
when the flow rate of O2 gas for preparing Y-TZP 
is enhanced from 150 to 800 cm3 min. It should 
be noted that the Y-TZP content is controlled by 

20 30 40 50 60 70 

29 / Degree CuKa 

Fig. 2. XRD patterns of the resulting powders. (a) Sample 
No. 1, (b) Sample No. 2; 0: MgAl,O,, 0: t-ZrO,, 0: MgO. 

changing the flow rate of O2 gas. Regardless of 
the MgAl,O, contents being higher than Y-TZP 
contents in MZ(6.64) and MZ(24.49) powders, 
however, X-ray intensities of MgA&O, are lower than 
those of Y-TZP. Since MgO was detected from 
MZ(24.49), this phenomenon is explained by assum- 
ing that the crystal growth of MgAl,O, is inhibited 
by the sluggish reaction between MgO and Al,O,. 

The residence time of the droplets in the present 
furnace is estimated to be only -40 s; thus it is 
probable that the spray-pyrolysed powders con- 
tain unreacted materials and adsorbed water. FT- 
IR analysis was conducted to elucidate whether 
these materials were included in the powders or 
not. Results are shown in Fig. 3. In MZ(6-64) and 
MZ(24.49) powders, the broad absorption bands 
appeared in the range of 2700 to 3650 cm-‘, 
whereas the absorption peaks appeared in the 
range of 1300 to 1700 cm-‘. The absorption peaks 
in the range of 1300 to 1700 cm-’ may be assigned 
to the N03- and the band in the range of 2700 to 
3650 cm-’ to the H20 stretching vibration.22 

The powder appears to be formed via the fol- 
lowing spray-pyrolysis routes: (i) the evaporation 
of solvent (water), (ii) the pyrolysis of the precipi- 
tated metal salts, and (iii) the solid-state reactions 
of the metal salts/metal oxide. Since four kinds of 
starting materials are employed in the present 
experiment, the spray pyrolysis process seems to 
be quite complex; but it probably includes the 
pyrolysis of each starting material. 

Mg(NO,),.6H,O 95”c ) melt 2500c ) 

2Mg0.Mg(N0J2.5H20 430”c > MgO (2)23 

Al(N0,),.9H,O 73”c > melt 140”c > 

4A1,0,.3N,O,. 14H20 2oo”c > Al203 (3)24 

(a) 

(b) 

J 
IO 3500 3000 2500 2000 1500 1000 

Wavenumber / cm-’ 

Fig. 3. FT-IR spectra of the resulting powders. (a) MZ(6.64) 
powder and (b) MZ(24.49) powder. 
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The reaction of MgO with Al,O, may participate 
in the formation of MgA1204, because MgO was 
detected from MZ(24.49) powder. 

MgO + A&O, + MgAl,O, (4) 

The FT-IR results indicate that NO,- and H20 are 
present in MZ(6.64) and MZ(24.49) powders; 
these materials which are released by the pyrolysis 
of magnesium and aluminium salts are adsorbed 
on the resulting powders. 

On the other hand, the thermal decompositions 
of zirconium and yttrium salts (ZrOC12.8H20 and 
YCl,.6H,O) may occur via the following routes: 

ZrOCl,.8H,O 150”c ) ZrOC1,.2H,O 210”c > 

ZrOCl, 410”c 1 ZrO, (5)25 

YCl,.6H,O -240”c > YCl, 7’5”c > 

YOCl ‘Ooooc ) Y,O, (6)26 

The resulting Y203 must be solid-dissolved into 
ZrO,, because Y-TZP was detected by XRD. 

3.1.2 Powder properties 
Figure 4 shows the TEM micrographs and particle 
size distributions of the resulting powders. The 
solid spherical particles, hollow spherical particles, 

fragments of spherical particles and needle-like 
particles were present in MZ(6.64) powder (Fig. 
4(a)). Most of the diameters of the spherical parti- 
cles ranged from 0.1 to 1.4 pm (Fig. 4(a’)). Although 
the long-axis lengths of the acicular particles are 
not plotted in the figure, they ranged from 1 to 2 
pm. The particle shapes of MZ(24.49) powder 
(Fig. 4(b)) were similar to those of MZ(664) pow- 
der; however, the particle-size distribution width 
of MZ(24.49) powder (Fig. 4 (b’)) was wider than 
that of MZ(6.64) powder. 

Although the mean diameters of the droplets 
for preparing MgAl,O, and Y-TZP are found 
from calculation to be 2.3 pm, the actual mean 
particle diameters are 0.47 and 0.60 pm, respec- 
tively; moreover, some spherical particles had 
diameters as large as -1.5 pm. The spherical parti- 
cles with diameters of -0.5 ,um are completely 
filled or ‘solid’; however, the particles with diame- 
ters of -1.5 pm appear to be ‘hollow’, because the 
insides of these large particles are translucent (see 
Fig. 4(b)). Such large particles may form when the 
coalesced droplets are spray-pyrolysed; the frag- 
ments are formed by the explosion of some spheri- 
cal droplets/particles during the spray pyrolysis. 
It is noted that needle-like particles are present 
in the powder, although their formation route is 
unclear. 

40 

30 

20 

10 

n 
” 0 0.20.4 0.6 0.81.0 1.2 1.41.6 1.8 

Particle size/pm 

0 0.2 0.4 0.6 0.8 1.0 1.2 1.4 1.6 1.8 

Particle size/pm 
Fig. 4. TEM micrographs and secondary particle size distributions of the resulting powders. (a), (a’): TEM micrograph and secondary 
particle size distribution of MZ(664) powder; (b), (b’): TEM micrograph and secondary particle size-distribution of MZ(24.49) 

powder. 
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The true densities of MZ(6.64) and MZ(24.49) 
powders were 3.68 and 4.36 g cm-3, respectively. 
The density of MZ(24.49) powder is higher than 
that of MZ(664), reflecting the fact that the Y-TZP 
content is higher in the former than the latter. 
These densities are almost in accord with the theo- 
retical densities calculated from their compositions. 

The specific surface areas of MZ(6.64) and 
MZ(24.49) powders were 26.9 m2 g-’ and 14.9 m2 g-‘, 
respectively. Since the Y-TZP content in MZ(24.49) 
powder is higher than that in MZ(6.64), the 
specific surface area appears to be reduced with 
Y-TZP content. This phenomenon is ascribed to 
more appreciable crystal growth of ZrO, than that 
of MgA120, (see Fig. 2). 

The sintering may be restricted when ‘hard’ 
agglomerates are present in the powder.27 Thus 
the agglomerate strengths of the resulting powders 
were examined by plotting the relative densities 
against the compaction pressures. Results are 
shown in Fig. 5. The plots of the relative densities 
of MZ(6.64) powder compact against compaction 
pressures were expressed as two straight lines with 
the inflection point at -90 MPa. The inflection 
point in the case of the wet-milled powder 
appeared at -60 MPa; moreover, the relative 
densities of the wet-milled powder compacts were 
higher than those of the as-prepared powder 
compacts. The plots of the relative densities 
of MZ(24.49) powder compact against the com- 
paction pressures were also expressed as two 
straight lines with one inflection point at -110 MPa. 
The inflection point of the wet-milled powder com- 
pacts appeared at -50 MIPa; the relative densities 
of these compacts were higher than those without 
the milling operation. 

The inflection point indicates the pressure at 
which the ‘hard’ agglomerates start to fracture; 
the fragments are rearranged into closer packing 

WA 30 100 150 200 

loglo(Compaction pressure/MPa) 

Fig. 5. Relationship between relative density of the compact and 
compaction pressure. (a) MZ(664), (b) MZ(24.49); 0: as-pre- 
pared powder compact, 0: wet-milled powder compact. Arrow 

marks indicate the inflection points. 

with higher compaction pressure.28 When the rela- 
tive densities of spray-pyrolysed ZrO, powder 
compacts were plotted against compaction pres- 
sures, one inflection point appeared at -80 MPa. 
Similar results have been obtained by Haberko.29 
The pressures (-90 MPa) of the inflection points 
in the case of as-prepared powder compacts are 
almost in accord with those (-80 MPa) in the case 
of pure ZrO, powders, which suggests that most 
of the ‘hard’ agglomerates can be regarded as 
Y-TZP. These ‘hard’ agglomerates may be easily 
fractured into several pieces, because the inflection 
points in the case of wet-milled powder compacts 
appear at lower pressure than those in the case of 
as-prepared powder compacts. 

3.1.3 Phase changes during heating of the resulting 
powders 
The MZ(24.49) powder contains MgO, together 
with MgAl,O, and Y-TZP. Thus it is important to 
determine whether or not MgO disappears during 
the heating of the resulting powder. First, DTA- 
TG measurements of the resulting powders were 
performed from room temperature up to 1400°C. 
Results are shown in Fig. 6. The DTA curve of 
MZ(6.64) (Fig. 6(a)) showed that the endothermic 
and exothermic effects started to appear at -310°C 
and above 127O”C, respectively. Corresponding to 
these effects, the weight losses occurred stepwise in 
the ranges of lOO-2OO”C, 2004OO”C, 400-750°C 
and over 750°C. The DTA curve of MZ(24.49) 
(Fig.6 (b)) h s owed that the endothermic effects 
appeared at 66”C, 105”C, 160°C and 380°C. The 
weight losses occurred stepwise in the ranges of 
50-15O”C, 150450°C and over 450°C. 

The phase changes during heating of MZ(6.64) 
and MZ(24.49) powders were checked by X-ray 

i 

6L 
0 200400600800100012001400 

Temperature I “C 

Fig. 6. DTA-TG curves of (a) MZ(6.64) powder and (b) 
MZ(24.49) powder. Heating rate: 10°C min-‘. 
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diffractometry. Results are shown in Fig. 7. In the 
case of MZ(6.64) powder, MgO was present in the 
temperature range of 300°C to 1 100°C; the crys- 
tallinity of MgA&O, was enhanced above 1100°C. 
In the case of MZ(24.49) powder, the crystallinity 
of MgAl,O, increased but that of ZrO, decreased 
slightly with temperature above 1000°C; MgO was 
present in the temperature range of 400°C to 
looo”c. 

The stepwise weight losses below 200°C indicate 
the releases of chemically and physically adsorbed 
water and of NO,- ions. On the other hand, the 
endothermic effects which start at 310°C in. the 
case of MZ(6.64) powder and at 380°C in the case 
of MZ(24.49) powder are attributed to the forma- 
tion of MgO. The crystallinity of MgAl,O, 
increases with decreasing crystallinity of MgO at 
and above 1000-l lOO”C, which indicates that 
MgO reacts with A1203 to form MgAl,O,. 

3.2 Sintering of MgAl,O,-Y-TZP powders 

3.2.1 Eflect of milling operation on sintering of the 
composite powders 
Since the ‘hard’ agglomerates are included chiefly 
in the Y-TZP powder, the effects of milling opera- 
tion on sintering of the powders are discussed in 
this section. Figure 8 shows the changes in relative 
density of the sintered compact with firing temper- 
ature from 1400°C to 1700°C. The relative density 
of MZ(6.64) compact was enhanced by the wet- 
milling operation; the maximum relative density 
attained 97.6% at 1700°C. Although the results for 
MZ(24.49) compact were similar to those for 
MZ(6.64) compact, the former relative densities 

b) 

LOO 400 600 800 1000 1200 1400 

Temperature / “C 

Fig. 7. Phase changes during the heating of (a) MZ(6.64) 
and (b) MZ(24.49); 0: MgA120,; (20 = 36W’), 0: t-ZrOz; 

(20 = 29%‘), 0: MgO; (28 = 42.9O). 

were lower than the latter ones; moreover, the rel- 
ative density of MZ(24.49) compact was reduced 
above 1600°C. 

The above results reveal that the wet-milling 
operation is effective for enhancing the relative 
densities of the sintered compacts. This phe- 
nomenon may be ascribed to the decrease in the 
number of ‘hard’ agglomerates,27 due to the milling 
operation (see Fig. 5). The effect of the milling 
operation on sintering of MZ(6.64) powder appears 
more appreciable than on that of MZ(24.49) pow- 
der, because the agglomerate strengths of MZ(664) 
powder seem to be lower than those of MZ(24.49) 
powder. Since the collapse of the hard agglomer- 
ates becomes difficult with Y-TZP content, the 
remaining ‘hard’ agglomerates in MZ(24.49) pow- 
der make their homogeneous packing difficult, 
thus retarding the densification. Moreover, the 
mass transfer of MgAl,O, may be inhibited by 
Y-TZP. Details will be explained in the next section. 

3.2.2 Microstructural evaluation of sintered compacts 
Since the dense composite compact with the rela- 
tive density of 97.6% could be fabricated at the 
firing temperature of 17OO”C, the microstructure 
of this sintered MZ(6.64) compact was examined 
using SEM, XRD and Raman spectroscopy. 
Results are shown in Fig. 9. The SEM micrograph 
(Fig. 9(a)) showed that the large polyhedral grains 
with sizes of -20 pm were packed closely: the 
small spherical grains with diameters of -3 pm 
were present not only on grain boundaries but 
also inside the large grains. The XRD pattern 
(Fig. 9(b)) revealed that MgAl,O, and t-ZrO, were 
detected from the sintered body. The Raman spec- 
trum (Fig. 9(c)) showed that the crystal system of 
the Zr02 was assigned to be tetragonal.30 These 
results indicate that ZrO, is stabilized by Y,03 
and that no reaction is observed between 
MgA1204 and Y-TZP. 

Temperature 1 “C 

Fig. 8. Changes in the relative density of (a) MZ(6.64) compact 
and (b) MZ(24.49) compact with firing temperature. 0-O: as 
prepared powder compact, 00: wet-milled powder compact. 
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Fig. 9. (a) SEM micrograph, (b) XRD pattern and (c) 
Raman spectrum of the MZ(6.64) compact fired at 17OOT 

for 10 h. 0: MgAl,O,, 0: t-ZrO,, 0: MgO. 

To check the crystalline phases of the large and 
small grains in the sintered body, EDX analysis 
was performed. Results are shown in Fig. 10. The 
elements Mg and Al were detected in the large 
polyhedral grains, whereas Zr and Y were 
detected in the small spherical grains. Thus the 
large polyhedral grains and small spherical grains 
correspond to MgAl,O, and Y-TZP, respectively. 

As shown above, Y-TZP grains are present not 
only on boundaries but also inside the MgAl,O, 
grains. Since the mass transfer of MgAl,O, is 
retarded by these Y-TZP grains present on grain 
boundaries, it cannot be promoted until Y-TZP 
grains are entrapped in the MgA&O, grains. 

It is concluded from the present results that the 
double-nozzle ultrasonic spray pyrolysis technique 
is useful for preparing the composite powder with- 
out a mixing operation. By this technique, we can 
now examine the conditions for preparing many 
kinds of composite powders. 

4 Conclusions 

Spine1 (MgAl,O,)-zirconia (ZrO,) composite pow- 
ders were prepared by the double nozzle ultra- 
sonic spray pyrolysis technique. The results 
obtained are summarized as follows: 

(1) The compositions of the composite powders 
were as follows: (1) Sample No. 1: MgAl,O, 
93.36 mol% and yttria-stabilized ZrO, poly- 
crystals 6.64 mol% and (2) Sample No. 2: 
MgA1204 75.51 mol% and Y-TZP 24.49 
mol%. The powder compositions could be 
controlled by changing the flow rate of the 
carrier gas. 

Fig. 10. EDX analysis of MZ(6.64) compact fired at 1700°C for 10 h. (a) MgKa and AlKa spectra, (b) ZrLa and YLa spectra. 
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(2) 

(3) 

While MgA120, and Y-TZP were present in 
both powders, MgO was additionally 
detected from Sample No. 2; such MgO dis- 
appeared when the powders were heated at 
and above 1100°C. The powders contained 
spherical particles with diameters of 2 pm. 
The wet-milled composite powder of Sam- 
ple No. 1 showed excellent sinterability. 
When this powder compact was fired at 
1700°C for 10 h, the relative density of the 
sintered compact attained 97.6%. The micro- 
structural observation revealed that ZrO, 
grains were present not only on boundaries 
but also inside the MgAl,O, grains. 
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Abstract 

TEOS and zirconium-n-prcpoxide have been hydro- 
lysed in a two-step process in the presence of 
Al,O, powder in order to coat the alumina grains 
with two layers of SiOz and ZrOz. The reactions 
and phase transformations during sintering of the 
coated powders to a mullite-zirconia composite 
were investigated by means of dtrerential thermal 
analyses, X-ray dtrraction, transmission electron 
microscopy and scanning electron microscopy. The 
sequence of coating influences the crystallization 
temperature of tetragonal zirconia from the amor- 
phous ZrOz layer. In the AlJO, powder that was 
coated first with Zr02 the temperature of the 
tetragonal zirconia crystallization is 65 K lower 
than in the powder coatedfirst with SiOz. Mullite is 
not formed through the direct reaction of Al,O, 
cores and the amorphous SiOz layer, but only 
through the reaction of Al,O, with the metastable 
precursor phases cristobalite and zircon (ZrSiO,). 
A second generation of tetragonal zirconia crystals 
is formed during the decomposition of zircon, simul- 
taneously increasing the tetragonal to monoclinic 
ZrO, ratio. Copyright 0 1996 Elsevier Science Ltd 

Deux couches, une dbxyde de zirconium et l’autre 
dbxyde de silicium, ont ete appliquees sur les grains 
d’une poudre fine d’alumine en hydrolysant succes- 
sivement, du TEOS et du n-propoxide de zirconium. 
Les reactions et transformations des phases lors du 
frittage des grains enrobes a$n dbbtenir un com- 
posite mullite-zircone ont Pte Ptudiees par DTA, 
XRD, TEM et MEB. L,brdre dans lequel les 
couches sont deposees influence la temperature de 
cristallization de la phase tetragonale de lbxyde de 
zirconium a partir de la couche amorphe de ZrO,, 
Lorsque la poudre de AlJO est dhbord recouverte 
dune couche de ZrO,, la te.mphature de cristalliza- 

*Present address: ITC-WGT/TM, 1Forschungszentrum Karlsruhe, 
Postfach 3640, D-76021 Karlsruhe, Germany. 
tPresent address: Laboratoire de Science des Materiaux Vitreux, 
Universite Montpellier II, F-34095 Montpellier, France. 

tion de l’oxyde de zirconium tetragonal est plus 
basse (de 65K) que si la poudre est enduite en pre- 
mier dune couche de SiO,. Dans les deux cas, la 
mullite n’est jamais formee par reaction directe 
entre l’alumine et la couche amorphe de SiO,, mais 
seulement par reaction de A1203 avec des phases 
intermediaires metastables, cristobalite et zircon 
(ZrSiO,). De 1 bxyde de zirconium tetragonal se 

forme egalement par la reaction secondaire de 
decomposition du zircon, augmentant ainsi la pro- 
portion entre les phases tetragonale et monoclinique 
de ZrO,. 

In einem zweistufigen ProzeJ wurden durch Hydrol- 

yse von TEOS und Zirkon-n-Propoxid zwei 
Schichten, bestehend aus ZrO, und SiO,, auf 
die Kiirner eines Al,O,-Pulvers abgeschieden. Die 
Reaktionen und Phasenumwandlungen wahrend 
der Sinterung der beschichteten Pulver zu einer 
Mullit-Zirkonoxid Dispersionskeramik wurden 
mittels DTA, XRD, TEM und REM untersucht. 
Die Reihenfolge der Beschichtungen beein&% 
die Kristallisationstemperatur von tetragonalem 
Zirkonoxid in der amorphen ZrO,-Schicht. So zeigt 
das Al_,O, Pulver, bei dem zuerst die ZrO,-Schicht 
abgeschieden wurde, eine urn 65 K niedriger einset- 
zende Kristallisation von tetragonalem ZrO, als das 
Pulver, das zuerst mit einer SiO,-Schicht 
beschichtet wurde. Mullit wird nicht durch eine 
direkte Reaktion der AlJO,-Kerne mit der amorphen 
SiO,-Schicht gebildet, sondern entsteht durch 
Reaktion des Al,O, mit den metastabilen Vorlaufer- 
phasen Cristobalit und Zirkon (ZrSiO,). Eine 
zweite Generation von tetragonalen ZrO, Kristal- 
liten wird durch den Zerfall des Zirkons gebildet, 
wodurch sich gleichzeitig das Verhaltnis volt tetrag- 
onalem zu monoklinem ZrO, erhiiht. 

1 Introduction 

The properties of advanced ceramics such as 
homogeneity, density and microstructure are strongly 
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dependent on the characteristics of the starting 
powders. Some powder characteristics such as sin- 
tering behaviour or reactivity depend mainly on 
the properties of the surface. Other powder sur- 
face-related properties that are of interest for 
diverse applications such as pigments, magnetic 
tapes, phamaceuticals, catalysts and dispersion- 
strengthened alloys include surface charge, as 
well as magnetic, optical and adsorptive character- 
istics. Hence, in recent years several new powder 
synthesis techniques have been developed, one of 
them being the hydrolysis and condensation of 
metal alkoxides or salts via the sol-gel technique. 
Work has been done to control the powder sur- 
face properties by coating particles via the sol-gel 
technique with a thin layer of different chemi- 
cal composition. An extensive review of the coat- 
ing technique is given by Sparks’ and Garg and 
Matijevic.2 

Major areas for the use of coated powders are 
the improvement of sinterability and the homoge- 
neous incorporation of additives. For example, 
the difficulties in sintering electroceramic materials 
such as ferrites, PMZN relaxor dielectrics, doped 
SnO, or BaTiO, can be overcome by coating the 
powders with a layer consisting of amorphous 
Si02 together with Li,O or B203.3-5 The densifica- 
tion of such powders proceeds via a liquid-phase 
sintering mechanism which allows the sintering 
temperatures and the total amount of incorpo- 
rated second phases to be lowered compared with 
the conventional mixing method. The coating 
technique also helped in the homogeneous incor- 
poration of dopants, counterdopants and addi- 
tives into PTCR BaTiO, thermistors. Numerous 
studies exist in the literature concerning the kinet- 
ics of viscous sintering of glass powders with rigid 
inclusions and coated inclusion particles.“” 

Another important field for the application of 
coated powders is the formation of particulate- or 
whisker-reinforced materials. Homogeneous com- 
posites with sufficient densities can be obtained by 
sintering Si,N, powder coated with Al203 and/or 
Y,O,, or by sintering SIC whiskers coated with 
A1203.“-‘5 Zirconia-toughened alumina, mullite, 
spine1 and cordierite ceramics were also formed 
from coated starting powders.‘“” In the case of 
cordierite composites, the Zr02 coating also yields 
an evident improvement of the powder sintera- 
bility. 

Sacks et u!.~‘*~’ developed a process for the fab- 
rication of mullite ceramics and mullite-zirconia/ 
alumina or mullite-SiC composites referred to as 
transient viscous sintering (TVS). This method 
starts from alumina, Zr02 and SIC particles that 
have been coated with an amorphous Si02 layer. 
These particles could be sintered to almost full 

density at about 1300°C via viscous flow of the 
amorphous coating and then converted to mullite 
through the reaction of Si02 and the Al,03 
cores at 1500-1600°C. A combination of sinter- 
ing and reaction between inner cores and outer 
coatings was also used to fabricate aluminium 
titanate ceramics from TiO,-coated alumina parti- 
cles.22 

In our study alumina particles were coated with 
a double layer consisting of Si02 and ZrO,. Sinter- 
ing of these powders at 150s1550°C yields dense 
mullite-zirconia composites.23 This paper reports 
the phase formation and the reactions during 
heating between the alumina cores and the two 
coatings. Furthermore, the effects of the sequence 
of the SiO, and Zr02 coatings on these reactions 
were investigated. 

2 Experimental Procedure 

The coatings of silica and zirconia on alumina 
particles were achieved by controlled hydrolysis of 
tetraethylorthosilicate (TEOS) and zirconium- 
n-propoxide (Alpha Products) in an alcoholic dis- 
persion of fine-grained alumina powder. For the 
synthesis, a fraction of Al203 powder, with a grain 
size not exceeding 1 pm and an average grain size 
of 0.35 pm, was used, which had been separated 
by centrifuge from a commercial a-alumina pow- 
der (Martoxid CS400/M). The hydrolysis of the 
two metal organic components was carried out 
separately in a two-step process, where anhydrous 
2-propanol was used as reaction medium for the 
hydrolysis of zirconium-n-propoxide and ethanol 
for the hydrolysis of TEOS. The molar ratio of 
Al203 to TEOS was 3: 2, while zirconium-n- 
propoxide was added corresponding to 20 wt% of 
zirconia in the final product. For each sample 6 g 
of alumina powder was used, yielding about 10 g 
of coated powder. The total volume of alcohol in 
each hydrolysis step added up to 500 cm.3 

For the coating process, the alumina powder or 
single-coated powder was dispersed ultrasonically 
in the required alcohol and the precursor was then 
added while intensively stirring. The suspension 
was heated under reflux to a temperature of 50°C 
for 2 h. TEOS was hydrolysed by adding a mix- 
ture of ammoniated water in ethanol (R,,, = 2, 
R 

H20 
= 4), whereas for the hydrolysis of zirco- 

nium-n-propoxide a mixture of distilled water in 
2-propanol was used (RH20 = 15). Two powders 
have been synthesized which differ in the sequence 
of the alkoxide addition: in powder ZT zirco- 
nium-n-propoxide was hydrolysed first and TEOS 
hydrolysed in a second step; in powder TZ the 
sequence was reversed. After each hydrolysis step 
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the powders were separakted from the reaction 
medium with a centrifuge, washed with ammoni- 
ated water and dried at 100°C. 

The coated powders were characterized using 
transmission electron microscopy (TEM) equipped 
with a device for energy-d.ispersive X-ray analysis 
(EDX) (Philips CM12, 120 kV). The powder 
samples for the TEM studies were dispersed ultra- 
sonically in ethanol and applied on Formvar- 
coated Cu nets. The grain size distribution of the 
powders was measured by means of X-ray 
sedimentation methods (Sedigraph 5000D). The 
powders were studied also by means of differential 
thermal analysis (DTA) (Netzsch 404EP, heating 
rate 7-5 K min-‘). 

For further studies, pellets of 5 mm in diameter 
and 5 mm in height were formed by uniaxial 
pressing. These samples were isothermally annealed 
for 4 to 12 h at temperatures ranging from 900 to 
1550°C. Crystallization and reactions between 

phases as a function of temperature were 
monitored by X-ray powder diffraction (XRD) 
methods. The microstructures were studied by 
means of scanning electron microscopy (SEM) 
(Philips SEM505). 

3 Results 

Figures 1 and 2 show the result of the coating 
process on the alumina powder. The individual 
SiOz and ZrO, coatings are difficult to distinguish 
because they superimpose each other with the 
exception of the very rim. On Fig. 2 the inner 
ZrO, coating and the outer SiOz, coating are 
marked with arrows. In both cases, samples ZT 
and TZ, concentration profiles of A1203, ZrOz 
and SiO, were measured by means of EDX in the 
nanoprobe mode. Due to superposition of the 
coatings with A1,OJ the EDX data have merely a 

0.2 pm 
, 

Fii. 1. TEM micrographs of powder TZ after coating with SiO, and ZrO,: (a) bright-field and (b) dark-field image with 1 O-l of Al,03. 
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qualitative character. However, comparing the 
EDX results in Table 1 of the measurements taken 
from the coated grains shown in Figs 1 and 2, as 
well as from their mixed layers, the expected respec- 
tive sequence of the coatings can be confirmed. 

Diffraction imaging showed that both coatings 
are amorphous. While the $0, coating is smooth 
and compact with a thickness of about 50 nm, the 

(b) 

Fig. 1,Contd. 

ZrO, coating has a coarser and more fluffy struc- 
ture resulting in a thickness of up to 100 nm. The 
Sedigraph grain size measurements gave mean 

,- 
particle sizes of 2.5 and 2.7 pm for TZ and Zl’, 
respectively, which are higher than the expected 
ones. This is mainly due to an agglomeration of 
the coated powder, which was also observed with 
TEM. 

Table 1. EDX results as measured in TEM in the nanoprobe mode of the grains in Figs 1 and 2 

Sample Oxide EDX measurement over 
the whole grain 

EDX measurement in the 
middle of the coating 

TZ A1203 45.0 6.3 
Si02 24.8 35.1 
ZrO, 30.2 58.6 

ZT AW, 48.4 15.0 
SiO, 27.1 45.2 
Zr% 24.5 39.8 
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64 

Fig. 2. TEM micrographs of powder ZT after coating with ZrOz and SiOz. The layers of Zr02 and SiOz are marked at the very 
rim of the particle. (a) Bright-field and (b) dark-field image with 1 O-l of A1203. 

The thermochemical behaviour of the coated 
powders on continuous heating was studied by 
DTA up to 1000°C (Fig. 3). The broad endother- 
mic peak at low temperatures is due to elimina- 
tion of adsorbed H,O, alcohols and other organic 
compounds. An exothermic peak evolves at 840 
and 905°C for ZT and TZ, respectively. X-ray 
diffraction (Fig. 4) of samples heated up to 840 
and 905°C with the same heating schedule as 
applied for the DTA runs showed that this 
exothetmic peak results from the crystallization of 
tetragonal zirconia in the ZrOz coatings. In the 
905°C samples the diffraction peaks of zirconia 
are broader in the case of powder TZ compared 
with powder ZT, indicating a lower grain size of 
tetragonal zirconia in the former. This can also be 
observed by TEM: Fig. 5 shows the dark-field 
image of a small agglomerate of coated particles 
of sample TZ heated up to 905°C imaged with the 

1 O-l reflection of A1203. The ZrO, coating consists 
of tiny zirconia crystallites which give no discrete 
reflections in the diffraction pattern but only 
diffraction rings. In contrast, in powder ZT the 
zirconia diffraction rings are not homogeneous 
but can be partly resolved into several weak and 
some strong reflections (2 2 0 and 1 13). Imaging 
with the 220 reflection of tetragonal zirconia in 
the dark-field mode reveals some zirconia crystal- 
lites that have a size of about 5-20 nm (Fig. 6). 

Isothermal heating of the powders at 120&155O”C 
for 4 h results in further crystallization of tetragonal 
zirconia and partial transformation into the mono- 
clinic form. The development of the ratio of tetra- 
gonal to monoclinic zirconia was calculated from the 
X-ray intensities of the (1 1 1) diffraction peaks 
according to Evans et ~1.~~ and is represented in Fig. 
7. With increasing temperature the tetragonal zirconia 
content decreases to 53-64% of the total zirconia 
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(b) 

Fig. 2,Contd. 

content at 1300°C. At 14OO”C, a sharp increase 
up to 70-77% tetragonal zirconia was observed 
which is transformed again at higher temperatures. 

At 1300°C the SiO, layer reacts with ZrO, to 
give zircon (ZrSiO,) and cristobalite. At 1400°C 
the latter has reacted completely with A1,03 to 
give the first mullite. On prolonged heating at 

Ii 

1400-1550°C zircon reacts with A&O, to mullite 
and ZrO,. Heating the powders at 1550°C for 12 h 
results in an enhanced growth of ZrO, grains. The 
zircon decomposition and mullite formation is 
completed and the sample consists only of mullite 
and tetragonal as well as monoclinic zirconia (Fig. 8). 
The size of the ZrO, crystals seems to be bimodal 
with one fraction between 1 and 1.5 pm and the 
other co.5 pm. 

4 Discussion 
I - I c I ’ I I ’ I r I ’ I ’ I I 1 

0 100 200 300 400 500 6W 700 600 9W 1000 1100 

Fig. 3. DTA of the coated powders between 25 and 104O”C, 
rate of heating 10°C min.-’ 

The present investigation shows that it is possible 
to coat Al,O, particles with a double layer of SiOz 
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Fig. 4. X-ray diffraction of samples TZ and ZT heated to 840 and 905°C with a heating rate of 10°C min.? A indicates the peaks 
of alumina and Zt those of tetragonal ZrO?. 

Fig. 5. TEM micrograph of sample TZ continuously heated up to 905°C: (a) Diffraction pattern showing 1 1 1 and 1 O-l of A&O, 
and diffraction rings of tetragonal ZrO,; (b) dark-field image with 1 O-l of A&O,. 
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Fig. 6. TEM micrograph of sample ZT continuously heated up to 905°C: (a) diffraction pattern showing 1 1 1 and 1 O-l of Al, 
and diffraction rings with some discrete reflections (z) of tetragonal ZrO,; (b) dark-field image with 1 O-l of A&O,; (c) dark4 

image with 220 of ZrOz. 

203 

.eld 

and ZrO, in a two-step process. The results of 
DTA measurements indicate the crystallization of 
tetragonal zirconia at 840 and 905”C, which is in 
accordance with the results obtained by Palladino 
et al.,” Nogami et a1.26 and Ruin et a1.,19 who 
found crystallization temperatures between 800 
and 930°C for Zr02-Si02 gels and ZrO,-coated 
alumina powders. The sequence of the SiO, and 
ZrOz coatings itself seems to have no great infl- 
uence on the crystallization and phase reactions 

except that the crystallization temperature of sam- 
ple ZT, where ZrOz is the inner coating, is about 
65 K lower than that of sample TZ. Obviously, 
the surface of the crystalline A&O3 core represents 
a better nucleation site than the surface of the 
amorphous silicon layer in the case of sample TZ. 
This is undoubtedly due to a lowering of the het- 
erogeneous nucleation enthalpy by the periodical 
crystal structure of the alumina surface. Ruin et 
a1.,19 who investigated the coating of Al,O, with 
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in sample TZ where SiO, and A&O, are in direct 
contact. In both samples cristobalite and, in a 
larger temperature range, zircon appear as pre- 
cursor phases. Metastable zircon forms above 
1200°C but becomes unstable at longer heating 
times. A remarkable point related to the mullite 
and zircon formation is the increase of the tetrag- 
onal ZrO, content at 1400°C. This increase coin- 
cides with the beginning of decomposition of 
zircon, observed from X-ray diffraction. Zircon 
decomposes into SiOz which reacts with A1203 
to form mullite, and ZrO, which crystallizes 
seemingly as tetragonal zirconia. The stability 
of tetragonal ZrO, against transformation into 
the stable monoclinic polymorph is a function 
of grain size. ZrO, particles in a reaction-sin- 
tered mullite matrix smaller than about 1.2 pm 
keep their tetragonal structure down to room 
temperature. *’ Thus, the ZrO, crystals that form 
from the decomposition products of zircon at 
1400°C must be of a relatively small grain size, 
since a simultaneous increase of the tetragonal 
zirconia content was observed. Hence, the ZrO, 
crystals observed in samples heated above 1400°C 
comprise two generations: the first one crystallizes 
directly from the amorphous ZrO, layer and has 
grown to a size of l-l .5 pm at 1550°C; the second 
generation originates from the decomposition of 
zircon above 1400°C and is of a smaller grain size. 
This bimodal grain size distribution can be 
observed by SEM (Fig. 8). In order to maximize 
the amount of tetragonal zirconia it seems there- 
fore advantageous to favour the metastable for- 
mation of zircon and to suppress the direct Zr02 
crystallization. 

Fig. 7. Development of the tetragonal zirconia content as 
calculated from X-ray intensities of (1 1 1) diffraction peaks of 

tetragonal and monoclinic zirconia. 

ZrO,, reported an orientation relationship between 
the tetragonal ZrO, crystals and the Al,O, core. In 
several cases [ 1 IO] of ZrO, was parallel to [ 1 l-201 
of A&O,. This observation is su ported by the 
similar d-values (2.574 and 2.379 8: for tetragonal 
ZrO, and Al,O,, respectively) which differ only by 
7.5%. Thus, the larger grain size of tetragonal zir- 
conia in sample ZT heated up to 905°C compared 
with sample TZ is also due to the earlier crystal- 
lization and the favourable effect of the Al,O, sur- 
face on crystal growth. 

Mullite is not formed through the reaction of 
the Si02 layer with the A1203 core, not even 

Fig. 8. SEM micrograph of sample TZ sintered at 1550°C for 12 h. 
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Abstract 

The grain size dependence of the strength of pres- 
sureless sintered aluminas is investigated with speci- 
mens fabricated by uniaxial pressing, cold isostatic 
pressing, pressureJiltration, gel casting, and combina- 
tions thereof The strength depends on the Jaw pop- 
ulation, and the observed grain size eflect is deferent 
with dtflerent shaping approaches: with reduced grain 
sizes the diversity of measured strength averages broad- 
ens including increasingly high values for some of the 
shaping procedures only. Submicrometre grain sizes 
are, however, not an indispensable prerequisite for a 
high strength: grain sizes of l-2 km are suficient to 
achieve 800-900 MPa by pressureless sintering, but 
present microstructures with grain sizes ~1 km do 
not indicate a further increase of the strength. Under 
certain technological conditions, the highest strengths 
can be associated with a surprisingly small standard 
deviation. The measured data are discussed considering 
recent micromechanical investigations of the same 
materials. Copyright 0 I996 Elsevier Science Ltd 

1 Introduction 

Sintered alumina with its unique combination of 
high hardness, corrosion resistance, thermodynamic 
stability and economic advantages is a material 
that has acquired a wide acceptance in industry. It is 
used for hip implants, sliding and sealing elements, 
thread guides, cutting tools, grinding grits and 
other applications. The typical bending strength of 
pure and high-quality sintered alumina is about 
400-500 MPa after pressureless sintering and in 
the range of 500-600 MPal in a hot-pressed state. 

Riedel et al. were among the first who described a 
pressureless sintered alumina with an improved 
bending strength of 680 MPa at a grain size of 
0.9 pm.’ Remarkable furthier progress was achieved 
during the last years in both processing and prop- 
erties, but often the best properties result from 

approaches that are expensive and limit the size 
and geometrical diversity of the sintered bodies. For 
example, expensive hot isostatic pressing (HIP) of 
pure corundum powders gives a strength of about 
800 MPa for microstructures with grain sizes between 
0.8 and 2 ~3~ after pressureless sintering the strength 
was about 700 MPa in these experiments.2 An 
even higher strength of 908 MPa at a grain size of 
1.5 pm was observed when hot-pressing was com- 
bined with subsequent hot isostatic pressing.4 A 
reported strength of 1300 MPa in a hot isostati- 
tally pressed alumina microstructure with 0.8 Frn 
grain size is not clear in all details (in this report, 
samples with 4-5 pm grain size were measured to 
give a strength of about 700 MPa which is surpris- 
ingly high for such coarse-grained microstructures). 
It was also observed that even pressureless sinter- 
ing may produce samples with an average strength 
of 797 MPa, but a corundum powder with an 
extremely high sintering activity provided by a 
very high specific surface of 35 m2/g was required, 
and the strength dropped to less than 500 MPa 
when powders with a surface of 8-22 m2/g were 
used.6 Such a result does not stimulate efforts in 
pressureless sintering, since processing of powders 
with high specific surfaces >20 m2/g is very diffi- 
cult when macroscopic ceramic bodies with a low 
frequency of flaws have to be produced under 
industrial conditions. 

On the other hand, until now the properties 
achieved by novel processing routes that produce 
complex shapes in combination with pressureless 
sintering do not compete with the advanced prop- 
erties given by other approaches. For example, shap- 
ing of alumina green compacts by enzyme-catalyzed 
reactions was performed using an alumina powder 
with a grain size of 0.5 pm and a specific surface 
area of 10 m2/g.’ As a consequence of difficult dis- 
persion, no strength data that differed significantly 
from traditional pressureless sintered alumina (i.e. 
>500 MPa) were reported. Gelcasting, which 
implies the immediate solidification of a cast 
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slurry by polymerization of a monomer used as 
organic binder, seems to be even more difficult: 
comparing this process for two alumina powders 
with average particle sizes of 0.5 and 1.5 pm, respec- 
tively, the problem of a sufficient degree of dispersion 
was solved for the coarser one only, and the resulting 
strength after pressureless sintering was less than 
300 MPa.8 

It is generally assumed that high-purity powders 
are essential for a high strength (which requires 
both a sufficiently high fracture toughness K,, and a 
small size of the critical flaw at instability). Any sub- 
critical crack growth (usually preceding unstable 
fracture and increasing the size of the flaw pro- 
duced on manufacturing) will reduce the strength.’ 
Subcritical fracture preferentially follows the grain 
boundaries because they represent a strong disorder 
compared with the crystal lattice of the grains, and 
because subcritical crack growth rates are higher 
under the condition of disorder (e.g. in amorphous 
materials, as an extreme).” Therefore, impurities that 
form amorphous grain boundary phases are assumed 
to prevent a high strength of polycrystalline non- 
transforming microstructures with equiaxed grains. 

Further, it is suggested that a small grain 
size favours a high strength. The wish physically 
to understand the influence of the grain size D on 
the strength a(D) has led to some preference for an 
Orowan-Petch plot”*‘2 

where the intercept an_,, has been attributed to 
microplasticity or residual stress effects, and the 
analogy with Griffith’s theoryI gives a proportion- 
ality of the factor k with the square root of Young’s 
modulus and the work of fracture (k has the dimen- 
sion of a stress intensity). Often hundreds of data 
points obtained from different sources have been 
fitted by such plots without any regard for differ- 
ent processing which must have provided different 
flaw populations in all these specimens. This neglect 
of processing is the less convincing since already 
one of the first analyses” reported that different 
processing of alumina powders (hot pressing and 
sinter forging) yields plots with different ~b--)m and 
k parameters - the very same finding of a grain 
size effect that depends on processing as will be 
derived in the present work. There are, however, 
two more fundamental reasons why an Orowan- 
Petch plot seems inappropriate: (i) There is no 
physical basis to describe such different influences 
as the resistance against microplastic deformation 
and elastic residual stresses by a single parameter 
un+m. (ii) At a,,, = 0, eqn (1) has to be com- 
pared with Griffith’s relationship which correlates 
the strength with the energy of fracture and with a 
flaw size. Hence, the grain size in eqn (1) needs an 

interpretation as a defect or at least as a stress 
concentrator. This may be true when very coarse 
microstructures are investigated, but it is an 
improbable assumption for the grain size range 
between 0.4 and 4 pm discussed here, and even in 
the intermediate grain size range the experimental 
evidence of a generally valid a(D) versus D-“2 
relationship is poor. For example, a recent treat- 
ment that stresses eqn (1) again uses the hypothe- 
sis of a proportionality between the grain size and 
the size of ‘pre-existing defects’. To explain that 
proportionality, the authors associate a flaw size 
which is 7.5 times the grain diameter with cleav- 
age processes.14 However, without microscopic 
evidence for the collective cleavage of many neigh- 
bouring grains (which is not a commonly observed 
phenomenon in fine-grained alumina ceramics) such 
a hypothesis does not offer a strong argument 
against the generally accepted idea of technologi- 
cally caused defects as the fracture origin in most 
ceramics. In the range between 1.7 and 11 pm, 
another recent work15 claims the observation of a 
linear relationship of strength versus inverse square 
root of grain size and resumes the idea of periph- 
erically cracked spherical pores with a crack length 
proportional to the grain size to explain this 
behaviour. In fact, a least squares fit of their mea- 
sured data in a double logarithmic plot gives a 
power of the grain size of -0.29 which is rather 
different from an inverse square root, and careful 
fractographic investigations did not present any 
evidence of the assumed proportionality between a 
peripherical crack length and the grain size. 

It is beyond the scope of the present work to 
present an alternative theoretical explanation. 
However, a number of microstructural processes 
are known with more indirect possible influences 
of the grain size on strength. For example, small 
grain sizes promote the visco-elastic relaxation 
of residual stresses during cooling the sintered 
microstructures,16~‘7 an effect that may reduce grain 
boundary microflaws” and results in an increased 
resistance against subcritical crack growth. This 
increase of strength by reduced subcritical crack 
growth rates due to an increased micromechanical 
stability of the grain boundaries was demonstrated 
experimentally by comparing Al,O,, Zr02(3 mol-% 
Y2O3), Al,O,/TiC, and Zr02(3 mol-% Y,03)/TiC.19 
However, the actual importance of such an infl- 
uence in different grain size regions is not clear, 
and there is no reason to expect that a reduced 
grain size automatically increases the strength: 
several investigations indicate that the importance 
of grain sizes for a high strength can only be dis- 
cussed in close relationship with the influence of 
flaws. For example, recent experiments with sintered 
aluminas representing a broad grain size range of 
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l-60 pm suggested that under the condition of a 
fixed technology a grain size effect proportional to 
the inverse square root of the grain size exists only 
when the grain size is larger than the typical size 
of the flaws which initiate failure.20 Similarly, 
early systematic measurements with different sin- 
tering procedures revealed a trend of different 
grain size influences depending on the approach of 
fabrication,” i.e. depending on the different flaw 
populations. Therefore, it is evident that a low fre- 
quency of small flaws cannot be achieved by sim- 
ply sintering a highly pure, extremely fine-grained 
powder at low temperatures (avoiding grain 
growth and producing a microstructure with sub- 
micrometre grain size). Tihis feature is illustrated 
by a comparison of two investigations which used 
an identical alumina powder+ and similar shaping 
procedures (cold isostatic pressing) but neverthe- 
less showed quite different hardness values of 
about 19 and 22 GPa at similar grain sizes of 0.85 
and 0.65 pm, respectively.21,22 Also, the bending 
strength was lower than 400 MPa in the first report. 
Obviously, the potential advantages of very fine- 
grained powders with respect to lower sintering 
temperatures are opposed by additional difficulties 
in shaping when a high homogeneity and a low 
frequency of defects in the green (unsintered) 
body are required. This difficulty is not restricted 
to individual technologies, and there is no approach 
that generally might avoid this problem. For exam- 
ple, reduced powder grain sizes between 2.5 and 
0.05 pm were observed to be accompanied by 
increasing agglomeration a.nd reduced green densi- 
ties even under the condition of careful pressure 
filtration with a preceding ultrasonic treatment of 
the aqueous slurry at low pH ~2-4 (where the 
electrochemical surface potential of alumina and 
repulsive forces are high).‘3 On solid state sinter- 
ing, these agglomerates have a twofold detrimen- 
tal effect: locally different shrinkage rates in more 
and in less dense subregions increase the size of 
flaws (between agglomerates), and the elimination 
of associated porosity (with a large size of these 
defect-like pores) requires an increase of the sin- 
tering temperature and promotes grain growth.24 

The present work was intended to investigate 
the influences of the grain size on the strength of 
pressureless sintered alumina ceramics for a range 
of different processing approaches. All of the 
investigated technologies had been optimized first 
to minimize the probability of accidental results 
where the strength would be determined by differ- 
ent control of processing, and only the final results 
of these optimizations are gi.ven here. It is, of course, 
obvious that any ‘optimization’ is temporary, and 

‘Taimei CHBS Chemicals, Tokyo, Japan, average grain size 
0.2 pm, specific surface (BET) 14 m2/g, >99.99% A&O,. 

further improvements are probable. It was another 
objective to compare possible grain size effects 
with recent micromechanical studies on these and 
similar materials. 

2 Materials and Methods 

Powder technology with aqueous slurries was used 
to produce pressureless sintered alumina bodies 
with relative densities in a narrow range of 99.2 + 
0.4%; the densities were measured following Archi- 
medes’ principle and related to a theoretical density 
of 3.9865 g/cm3. Most batches were prepared with 
a high-purity alumina powder Taimicron TM-DAR:. 
In a first step, it was dispersed in distilled water 
with an organic dispersant and, for batches that were 
freeze dried, with a binder solution of polyvinyl 
alcohol and glycerin. With few exceptions given 
below, all specimens were sintered in air for two 
hours. Different powder processing resulted in green 
bodies with different packing homogeneity, requiring 
different sintering temperatures to achieve the desired 
density which was then associated with different 
grain sizes (grain sizes were determined by linear 
interception: average grain size D = 1.56 X average 
linear intercept). Hence, the characteristic differ- 
ences of the approaches will be described here, but 
it is not intended to discuss details of the technol- 
ogy and of the microstructural development in the 
present paper. 

With Taimicron-DAR, uniaxial pressing required 
a high sintering temperature (1450°C) to achieve a 
relative density of about 99%. Bars were formed 
at a pressure of 200 MPa with a freeze-dried 
slurry that had been homogenized in an attrition 
mill for one hour at 1000 rev/min. The relative green 
density obtained was 57.3%. The high sintering 
temperature produced an average grain size of 
1.25 pm. These specimens were compared with the 
strength results of coarser microstructures (grain size 
2.8 pm) fabricated previously by the same shaping 
procedure but using A16# as the raw powder, 
doped with 0.14 wt% MgO (introduced as a solu- 
tion of MgC12.6H20), and sintered at 1590°C for 
2.5 hours in air. 

Uniaxial pressing of plates (60 X 60 X 7 mm3) 
at 50 MPa followed by cold isostatic pressing 
(CIP) at 700 MPa increased the green density with 
Taimicron-DAR to 60% and reduced the required 
sintering temperature by 50 K (to 1400°C). After 

:Taimei CHBS Chemicals, Tokyo, Japan, average grain size 
0.2 pm (about 75 wt% smaller than 0.4 pm), specific surface 
(BET) 14 m2/g, >99.99% A1203. 
#Alcoa, Bauxite, AR, USA, average grain size 0.6 pm (about 
75 wt% smaller than 0.8 pm), specific surface (BET) 9.5 m2/g, 
>99.9% Al,O,. 
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sintering, bars were cut from the cold isostatically 
pressed bodies. Compared with uniaxial pressing, 
CIP samples exhibited a significantly reduced grain 
size of 0.65 pm; almost equal microstructures and 
strength data were obtained with reduced pressures 
of 30 MPa (uniaxial) combined with 350 MPa 
(CIP). With MgO doping (0.1 wt% added as an 
Mg(NO,), solution), application of ultrasonically 
assisted dispersion, and a vacuum de-gassing of 
the slurry it was possibly to produce green bodies 
that sintered to a density of 99.0% at 1275°C but 
both the microstructure and the strength remained 
approximately constant. Again, comparative exper- 
iments were performed with a coarser microstruc- 
ture (4.5 pm) fabricated by cold isostatic pressing of 
Al 6 powder and sintered at 1620°C for one hour. 

Pressure filtration of binder-free slurries on a 
0.1 pm membrane at a pressure of 20 bar was pre- 
ceded by an ultrasonically assisted dispersion of 
the 0.2 pm powder. Slow drying was required 
to get samples with a low flaw density. The green 
density was 66%. Sintering at 1300°C yielded a rel- 
ative density of 99.0% and an average grain size of 
0.59 pm. 

Further progress towards smaller grain sizes was 
achieved by cold isostatic pressing of the green 
bodies after pressure filtration: after sintering at 
1300-1350°C the grain size was 0.4 pm. Differ- 
ences in details of the processing approach caused a 
different packing homogeneity of the green bodies 
and required different sintering temperatures between 
1300 and 1400°C. In this way, microstructures with 
grain sizes up to 4 pm were produced. No signifi- 
cant influence of MgO doping was observed with 
respect to microstructures or properties. 

Aqueous gel casting was performed with a 
monomer combination of acrylamide (AM) and 
N,N’-methylene-bis-acrylamide (MBAM) described 
by Young et al8 Tested monomer concentrations 
(sum of AM and MBAM related to alumina) were 
3.8 and 7.4 wt%, the weight ratio of AM : MBAM 
was 24 : 1. Before polymerization, the powder in the 
slurry was carefully dispersed for 0.5 and 2 hours, 
respectively. Ammonium persulfate was added as 
initiator. After casting, the molds were immedi- 
ately placed into a drying chamber under slight 
vacuum (200 mbar). The chamber was then filled 
with nitrogen to avoid oxidation, and the temper- 
ature was raised to 60°C for one hour. No catalyst 
was added to accelerate the polymerization. The 
molds were kept under nitrogen for 8-10 hours 
after polymerization was finished. The subsequent 
drying procedure was the same as applied follow- 
ing pressure filtration. One of the gelcast batches 
was additionally cold isostatically pressed (called 
batch 2 below). 

Casting and pressure filtration are approaches 

that may give rise to some cooperative alignment 
of powder particles and to mutual orientation 
effects which can be assumed to contribute to 
reduced residual microstresses and to the strength. 
No detailed X-ray studies were performed to 
exclude such effects, but a careful scanning and 
transmission electron micrpscopy of the raw mate- 
rials did not reveal any morphological features 
that might make the powders liable to alignment. 
Also, X-ray investigations to measure residual 
microstresses” did not give indications of a prefer- 
ential orientation in the sintered microstructures. 

With the large body of fractographic investiga- 
tions published during the past 20 years it is obvi- 
ous that such studies can distinguish typical types 
of flaws that act as an origin of fracture (e.g. defects 
in the volume of hot-pressed S&N, but mostly sur- 
face and corner flaws in both pressureless sintered 
and in hot-pressed A&O, associated with stress 
corrosion in the latter material in the presence 
of (humid) air25). However, on the rough fracture 
surfaces it is often very difficult to identify the 
individual (one?) flaw that initiated failure, and sub- 
critical crack growth frequently obscures the borders 
(the size) of the flaws. Also, little is known about 
a statistical analysis of the frequency of flaws per 
volume unit by fractographic means in ceramics 
(contrary to some efforts in glasses). Since the 
question addressed here is focused on the parame- 
ters of typically observed strength distributions 
and does not concern the flaw characteristics of an 
individual specimen with a given (measured) 
strength and toughness, the search for flaws on 
fracture surfaces would promise less insight than 
the investigation of the volume of the samples, 
e.g. by investigating the elastic response (which 
did not reveal significant differences) or by 
analysing carefully polished cross-sections. A fre- 
quency of flaws (FF) was determined by counting 
all defects 20.3 pm (different kinds of pores, 
crack-like flaws). Additionally, a dimensionless 
flaw ‘density’ pfl that considers both the frequency 
and the size distribution of defects as observed on 
polished and thermally etched cross sections was 
measured using a definition introduced previously 
for the characterization of microcracks in zirconia- 
toughened alumina:26 

C Ii2 
Pfl = - 

A 
(2) 

where /i are the apparent maximum lengths of 
flaws seen on a polished cross-section, and A is the 
analysed area. In previous studies, this definition pro- 
vided the best correlation between the microcrack 
density and the mechanical behaviour compared 
with other treatments of a given size distribution 
of microcracks.f7 Probably, this advantage has to 
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be attributed to the strong impact of larger flaws 
caused by the square in eqn (2). It is suggested 
here that this measure might also describe a statisti- 
cal correlation of flaws observed in the volume of 
sintered alumina specimens with their strength. 

All specimens were ground in the direction of their 
axes on four sides (to a cross-section of 3 X 4 mm2) 
and chamfered with a resin-bonded diamond wheel 
of 40-50 pm grain size at a feed rate of 0.01 mm 
per cut. The strength was measured in three-point- 
bending with a 24 mm span and with a cross-head 
velocity of 0.5 mm/min; the load-bearing pins of 
the jig were free to rotate around and to slide 
along their axes to minimize frictional effects. 
Vickers indentations at a load of 98.1 N (10 kgf) 
were used to measure the indentation toughness 
K,, (formula (4) derived by Anstis et a12* was 
applied with a parameter $vR = 0.023 that results 
from their fitting plot for the Al,O, ceramics 
investigated there). To te,st the reliability of the 
resulting K,,, some of the .batches were chosen for 
comparative strength-in-bending29 measurements. 
No significant difference was observed between the 
results of the two methods. In each single experi- 
ment the average was determined from 5-8 speci- 
mens; the typical standard deviations of a, and K,, 
were f7-10% with some exceptions that will be 
discussed separately. 

The Young’s modulus was derived from the 
measured resonance frequency. However, all results 
were quite similar and in the range between about 
370 and 390 GPa. No conclusions about the flaw 
populations could be drawn from the small differ- 
ences observed. 

Careful experiments to study subcritical crack 
growth kinetics with short: cracks (stable fracture 
of bending bars) revealed significant differences 
when different materials were compared,” but it 
was not possible to resolve the different kinetics in 
sintered aluminas of different quality. Another 
shortcoming is the expen.se in performing tests 
with the stable fracture of macroscopic bars which 
actually makes statistically substantiated results 
impossible. Therefore, here it was attempted to get 
a qualitative measure of subcritical crack propaga- 
tion by comparing the -time-dependent growth 
of indentation cracks in air. Generally, this kind of 
experiment depends on the driving force that arises 
from the residual stress at the indentation and 
does not relax significantly on unloading. However, 
the value of such investigations is limited when 
in air most of the subcritical growth occurs imme- 
diately after unloading before the first measure- 
ment can start. To avoid this problem, the crack 
length was measured three times: at t, immediately 
after indentation, at tl six weeks later, and at t2 six 
months after indentation. ‘With a crack length 2c, 

the observed scatter in the subcritical growth 
increment A(2c) = 2c(t2)-2c(t,) was much less than 
for the time interval t,-to. Hence, only the results for 
the growth between t, and t2 are reported here. 

With an indentation load of 98.1 N, the typical 
crack lengths were in the range of 100-200 ,um 
which is ‘short’ compared with the crack length in 
precracked bending bars but large compared with 
typical flaw sizes in high-strength ceramics. In 
spite of the probable absence of R-curve effects in 
the fine-grained microstructures investigated here the 
degree of a possible equivalence in the behaviour 
of the indentation cracks compared with the growth 
of shorter flaws is unknown, and any interpretation 
should be done with care. 

Individual samples from batches that represent 
the whole range of shaping procedures and grain 
sizes were chosen for this investigation; the number 
of analysed indentation cracks was about 10-20 in 
each test. The average crack growth rates were 3 
X lo-l2 m/s-13 X lo-l2 m/s in the first period t < t, 

and dropped to 0.3 X lo-i2 m/s-2.3 X lo-l2 m/s 
when for t, < t < t2 the crack tip proceeded to 
more distant regions with lower residual stress. 

3 Results 

Figure 1 compares the influence of different shap- 
ing approaches and of the associated green densi- 
ties on the temperature effect in densification on 
sintering (2 h, air). Whereas there is no significant 
effect of the observed green densities, a great shift to 
lower isothermal sintering temperatures is achieved 
by the choice of a proper shaping procedure. 

The strength results are given in Fig. 2; straight 
lines represent least square fits calculated for the 
different shaping approaches. Figure 2 also provides 
an immediate comparison of the grain size effects 
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Fig. 1. Influence of shaping approaches and of the associated 
green densities on the temperature effect in densification on 
isothermal sintering (2 h, air). All experiments performed using 

the same corundum powder TM-DAR. 



1194 A. Krell, P. Blank 

400 

1 

- strength data 
l ---. getcasting 

1 
-pressure RBration + CIP 

5:. 
0 pressure fitlration 

0, l CIP 
Q_____o dry pssing 

. 

_* . K,, - 14.0 

: P 
-6.0 $ 

- t 
- E 
- 9 

-5.0 g 
E 

- _= 

- 2 

. 
1’ . 

300 l . . 
l * . 

1 

*oom3.0 

0 1 2 3 4 5 

grain size (pm) 

Fig. 2. Grain size and technology effects in the strength and 
toughness of pressureless sintered alumina. Each data point 
represents the averages of grain size and strength measured 
for a group of specimens sintered at the same temperature. 
The numbers that distinguish different gel casting routes refer 
to Table 1, different data points for one casting route refer to 

microstructures sintered at different temperatures. 

(the slopes) in strength and toughness. For this end, 
the axes of strength and toughness are defined such 
that equal percentages of variations in both prop- 
erties give approximately equal slopes. It is impor- 
tant to emphasise that each data point in Fig. 2 is 
an average value of a group of fractured speci- 
mens: due to the high number of tested individual 
specimens, the reliability of the given grain size 
effects is high even when the slopes are very small. 
For example, the confidence that the slopes for 
toughness or for the strength of samples prepared 
by pressure filtration (+ CIP) are different to zero 
is higher than 99.9%! Different shaping procedures 
by gelcasting were tested and are distinguished in 
Fig. 2 by numbers; results of larger grain size vari- 
ations are given for batch 3 only, and the least 
squares fit includes only the data for this batch. 

In agreement with recently published results for 
the special case of isostatically shaped and hot iso- 
statically sintered (pressure 100 MPa) high-purity 
alumina materials, l4 Fig. 2 shows a g rain size effect 
in the strength which for most of the investigated 
technological approaches cannot be explained by 
the almost constant toughness. Obviously, the gen- 

eral trend of increasing strength at reduced grain size 
is quite different depending on the applied shaping 
technology. No submicrometre grain size is required 
to produce pressureless sintered alumina bodies 
with a high strength of 800-900 MPa. As shown 
by the example of gelcasting in the grain size 
range of l-l.3 pm, relatively small variation of 
the dispersion procedure within the narrow limits 
of one technological framework can provide a 
substantial increase of the strength at almost con- 
stant grain size. Table 1 compares microstructures 
produced by three different gelcasting procedures 
for the special case of sintering conditions that 
resulted in similar grain sizes of about 1.15 + 
0.15 pm. The duration of slurry dispersion and 
differences in the monomer concentration did not 
affect the sintering temperatures (1275-1300°C) and 
the grain sizes (l-l.3 pm), but the strength was 
increased significantly by the improved dispersion. 
Table 1 suggests that probably both the average 
strength and the strength distribution are strongly 
affected by such technological changes. The small 
standard deviation given in Table 1 for batch 2 at 
an average grain size of about 1 pm would repre- 
sent a Weibull modulus of 40-50, but the numbers 
of specimens in the present investigations are too 
small to draw final conclusions about the statistics 
of the observed strength behaviour. 

With the strong impact of powder processing 
demonstrated by Fig. 2, a closer inspection of flaw 
populations becomes necessary. Figures 3-6 show 
typical, thermally etched microstructures. Probably, 
the crack-like flaws in dry-pressed and in cold iso- 
statically pressed samples are relicts from hard 
granules (Fig. 3a, Fig. 4a). Hence, no such defects 
exist in the microstructures produced by the wet 
shaping techniques (pressure filtration (Fig. 5), gel 
casting (Fig. 6)). Counting all defects >0.3 pm, the 
frequency of flaws is given in Table 2. In a conven- 
tionally dry-pressed microstructure with a strength 
of 400 MPa this flaw frequency is about two orders 
of magnitude higher than in the gelcast batch 1 
with a strength >800 MPa or in batch 2 with its 
extremely small standard deviation (Table 1). A 
similar correlation is obtained with the microflaw 
density pfl that additionally incorporates the size 
distribution of the flaws: it drops to about 1% 
when a dry-pressed batch is compared with high- 
strength gelcast bodies (Table 2). 

Table 1. Strength data of gelcast aluminas after pressureless sintering 

Batch 
number 

1 
2 
3 

Monomer 
content 
(wt’%) 

3.8 
7.4 (+cIP) 

3.8 

Duration of slurry 
dispersion 

(min) 

130 
130 
40 

Grain 
size 

(P-m) 

1.31 
0.97 
1.12 

Average 
strength 
Wpa) 

862 
822 
720 

Standard 
deviation 

Wpa) 

+102 
f19 
+47 
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Fig. 3. Heterogeneous flaw distribution in a dry-pressed microstructure sintered at 1450°C. Average grain size 1.25 pm, average 
strength of this batch 400 ? 60 MPa. (a) Large pores and crack-like flaws, (b) subregion with small flaws only. 

(a) 04 

Fig. 4. Smaller defects in alumina bodies fabricated by cold isostatic pressing and sintering at 14WC. Average grain size 0.65 pm, 
average strength of this batch 635 f 32 MPa. (a) Crack-like flaw, (b) pores 5 grain size. 

Fig. 5. Homogeneous microstructure: pressure filtration and 
sintered at 1300°C. Average grain size 0.59 Km, average 

strength of this batch 689 ? 63 MPa. 

Fig. 6. Gelcast batch 1 (cp. Table 1) sintered at 13OO’C. 
Average grain size 1.31 pm, average strength of this batch 

862 f 102 MPa. 
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Table 2. Frequency of flaws 20.3 pm (FF) and microflaw density pR defined by equation (2) 

Shaping approach Bending strength Grain size Frequency ofjaws FF 
(109 m-‘) 

Flaw density pfl 

Wpa) (km) (lo-7 

Gel casting 1 862 f 102 1.31 0.7 1 
Gel casting 2 (+CIP) 822 f 19 0.97 0.2 4 
Dry pressing 400 f 60 1.25 50 96 

Figure 2 also addresses the question whether the 
observed variations in strength can be attributed 
to grain size or technological influences on the 
fracture toughness: 

- Unlike the strength, there is no influence of 
different processing routes on the toughness, 
and all data can be described by one least 
squares’ fit. 

- Whereas the influence of the grain size on K,, 
is so small that none of the measured averages 
is significantly distinguished from another when 
individual averages of data sets are compared, 
the least squares’ fit that incorporates all mea- 
surements shows a slight but significant increase 
towards smaller grain sizes. The influence of the 
microstructure on the toughness is, however, 
smaller than the observed grain size effect in 
the strength of most shaping approaches. 

Therefore, whereas a small amount of the strength 
increase at reduced grain sizes is explained by a 
slightly improved toughness, another mechanism 
is required to account for the rest. 

Figure 2 and Table 2 show that the probability 
of producing high-strength bodies by reducing the 
grain size is high for shaping approaches with a 
potential to give low flaw densities. As suggested in 
the introduction, reduced subcritical crack growth 
might explain this observation. However, if some 
of the strength increase is caused by the toughness, 
the subcritical effect does not need to be very strong, 
and stable indentation crack growth had to be 
assessed for a long time to get measurable results. 
The lower part of Fig. 7 shows the measured sub- 
critical growth of indentation cracks (testing load 
98.9 N) for the time interval t, = six weeks + t2 = 
six months. As expected, the least squares approx- 
imation in Fig. 7 correlates growing subcritical 
crack elongation with decreasing strength and vice 
versa. The upper part of Fig. 7 gives the average 
strength-grain size relationship of those eight 
batches that were selected for the subcritical mea- 
surements. To compare with the following Fig. 8, 
here the full line is a least squares plot resulting 
from a linear regression analysis of these eight 
data points in Fig. 7. To make the comparison 
with Fig. 2 easier, the broken and the dotted lines 
in Fig. 7a are the same least squares fits for gel- 

casting and for cold isostatic pressing as already 
given in Fig. 2. 

With Fig. 8, a plot of the subcritical crack elon- 
gation versus the grain size was derived to compare 
whether the (shaping-influenced!) increase of the 
strength with reduced grain size in Fig. 2’(and Fig. 7) 
was really associated with a grain-size effect in sub- 
critical crack propagation. However, whereas more 
than 150 samples were required to derive the grain 
size-strength result in Fig. 2, the subcritical tests 
had to be restricted to a much smaller number. 
Hence, a proper analysis of possible influences of 
the shaping procedures on the subcritical crack 
growth was impossible, and the least squares fit in 
Fig. 8 averages over samples produced by differ- 
ent approaches. Therefore, the slope cannot be 
compared with any of the slopes in Fig. 2 but with 
the slope of the full line in Fig. 7a which charac- 
terizes these eight subcritically analysed samples 
and their batches. In Fig. 8 the measurements 5/6 
(CIP), the average fit of all data points, and the 
group l-3/7 (gelcasting) indicate an increase of the 
larger slope for grain-size effect in the subcritical 
behaviour with the same technologically determined 
ranking as seen in the strength results of Fig. 2. 

4 Discussion 

The technological background of the different 
strength-grain size relationships in Fig. 2 and of the 
different flaw populations demonstrated by Figs 3-6 
and Table 2 is, of course, the role of the applied 
shaping approaches. The data on green densities 
and sintering in Fig. 1 clearly show that it is really 
the microstructural homogeneity of the ‘green’ 
samples and not simply the green density that 
dominates the performance: there are differences 
in the green densities, but just the limiting exam- 
ples - gel casting and dry pressing - exhibit 
quite similar green densities which cannot explain 
the very different densification on sintering. With 
the identical powder used for all experiments in 
Fig. 1, the one explanation is a greatly improved 
homogeneity in the sequence dry pressing, cold 
isostatic pressing, pressure filtration and gelcast- 
ing. With this understanding of the microstruc- 
tural homogeneity - i.e. the absence of flaws - 
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Fig. 7. Strength-grain size relationship (a) and subcritical growth of radial indentation cracks (b) of sintered batches selected 
from Fig. 2. Straight lines are l’east squares fits. Strength ranking numbers associate specimens in (b) to batches in graph (a), 

numbers l-3 are consistent with Table 1 and Fig. 2. 

in the green bodies as the reason of the extremely 
low sintering temperature of the gelcast samples, it 
is not surprising to find a low frequency of flaws 
also in the sintered micros,tructures (Table 2) and 
an extremely high strength associated with a very 
small standard deviation (Table 1, batch 2: high 
monomer content, + CIP). 

The observed trend of an increasing strength at 
reduced grain size is consistent with other investi- 
gations which, on the other hand, also confirm 
that under constant technological conditions the 
grain-size effect is small in the grain-size range less 
than 5 pm. 2o The strongest influence observed in 

the present experiments (gelcast batch 3) is of the 
same order as, for example, described for Al204 
Ti(C,N) composites with grain sizes between 0.5 
and 2 pm. 3o Actually, the grain- size effect docu- 
mented in Fig. 2 is small for most of the batches, 
and the most important conclusion is that within 
the range investigated, reducing the grain size in 
the absence of other processing changes does not 
constitute a useful means of developing high- 
strength sintered alumina products. For example, 
a previous report2’ used the same raw material, 
and an essentially equal shaping procedure (CIP), 
and arrived at a similar submicrometre grain size 
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Fig. 8. Subcritical growth of radial indentation cracks versus grain size for the time interval between six weeks and six months after 
indentation. The straight line is a least squares fit. Strength ranking numbers are identical with Fig. 7. 

of 0.8 pm - but the maximum strength was only 
380 MPa compared with 660 MPa at 0.65 pm in 
the present work. The one way to understand 
these differences is to analyse the flaw structures. 
Figure 2 and Figs 3-6 together with the observed 
correlation of flaw densities and strengths (Table 2) 
demonstrate that the most powerful tool is to develop 
shaping and sintering procedures that avoid larger 
defects. 

Reduced grain sizes are essential for a high 
hardness 22 but they only assist efforts to increase 
strength ‘or toughness (Fig. 2). Additional mecha- 
nisms other than the stress concentration at flaws 
and the effect of the fracture toughness are proba- 
bly contributing to the observed high strength of 
advanced pressureless sintered aluminas and may 
introduce the observed effects of grain sizes. In 
analogy with the explanation of the improved 
wear resistance of sintered fine-grained alumina 
which is caused by reduced grain pull out,3* it is 
suggested that a small grain size and the associ- 
ated reduced residual stress level may correlate 
with more perfect grain boundaries and with reduced 
subcritical growth of the flaws. In fact, reduced 
subcritical crack growth has been observed to give 
smaller flaw sizes at instability associated with an 
increased strength in sintered alumina,25 zirconia,19 
and in Tic-reinforced oxide ceramics.‘“~19 The present 
results in Fig. 7 strongly support the idea of reduced 
flaw sizes by decreased subcritical crack growth. 
Certainly, together with the 6% increase in K,, for the 
grain-size range investigated here (Fig. 2) the moder- 
ate grain-size effect in the subcritical crack growth 
data in Fig. 8 (+12%) is too small to explain the 
29% strength increase of the investigated batches 

(Fig. 7). However, with the strong evidence of a shap- 
ing influence on the grain-size effect in strength 
from Fig. 2, the selection of samples from only 
eight different batches for the subcritical studies 
imposes significant limitations as to the signifi- 
cance of the fit in Fig. 8, and the real effect may 
be stronger as indicated by the fit. For example, 
the gelcast samples l-3 and 7 suggest a strongly 
reduced subcritical crack growth at decreasing 
grain size - a behaviour which compares well 
with the strong grain-size effect in the strength of 
only the gelcast batches in Fig. 2 and which may 
correlate with the fact that with the apparent 
absence of larger flaws in gelcast microstructures 
(Fig. 6) defects able to initiate fracture need sub- 
critical growth for their formation. Further, the 
grain-size influence on subcritical crack growth 
may depend on the crack propagation rate and 
may be different at other crack growth velocities 
than the about lo-l2 m/s assessed here. On the 
other hand, the limited significance of the data in 
Fig. 8 should not be used for extended specula- 
tions, and additional subcritical measurements 
with an expenditure of samples comparable with 
the strength analyses in Fig. 2 are obviously 
required to confirm the observed trend of a grain- 
size effect in the slow growth of flaws. 

It is not clear whether this potential ability to 
increase the strength by reducing the grain size 
into the region of l-2 pm will hold in the submi- 
crometre range as well. In the present investiga- 
tions, none of the tested technological approaches 
resulted in a significantly improved strength when 
the grain size was reduced from about l-1.5 pm 
to less than 1 pm, and a similar trend was 
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observed in hot isostatically pressed alumina where 
a grain-size reduction from 1.1 to 0.8 km caused a 
slight drop of the average strength from about 825 
to 775 MPa.14 

New shaping approaches do not only result in 
an average strength that is twice the level known 
for conventional alumina or for previous gelcast- 
ing results. The measured low frequency of flaws 
in the high-strength gelcast batch 2 with its small 
standard deviation of about f2% indicates that a 
very high reliability can be achieved in spite of an 
only moderate toughness if appropriate technolo- 
gies are developed, but rnore data with larger 
series of samples are required to draw valid conclu- 
sions about the statistical mechanical behaviour. 
Nevertheless, the great progress from previously 
published strength data for gelcast alumina to the 
present results demonstrates the high potential of 
this shaping approach. 

5 Conclusions 

High-purity alumina exhibits an increasing poten- 
tial for higher strengths at decreasing grain sizes. 
In advanced high-strength materials, the grain-size 
effect of the strength is stronger than the slight 
increase of the toughness. Surprisingly, maximum 
strength averages were obtained with grain sizes 
of l-l.5 pm; contrary to hardness22 and wear 
resistance,3’ there was no indication of a further 
strength improvement in the submicrometre range. 

It depends on the flaw population whether this 
potential for a high strength can be exploited or 
not: the actual significance of the grain-size effect 
on strength depends on the applied processing, 
shaping, and sintering approaches. There is a cor- 
relation of increasing strength and reduced sub- 
critical crack growth in finer-grained alumina 
microstructures, but with grain sizes between 0.4 
and 4 pm the contribution of defect-avoiding 
technologies to the achieved increase in strength 
generally seems to be more important than the 
pure grain-size effect. With a fixed technology, 
a decrease of the grain s-ize from the range of 
2-5 pm to 0.4-l .5 pm never increased the strength 
by more than about 150 MPa. On the other hand, 
technological improvements increased the strength 
of pressureless sintered bars to more than 800 
MPa which is about 400 MPa above the conven- 
tional level of high-quality aluminas. With suffi- 
cient dispersion, wet-shaping techniques are most 
promising to reduce the flalw density independent 
of the different applied approaches (pressure filtra- 
tion, gel casting). 

A reduced flaw density is assumed to be the 
most effective tool to improve the reliability of 

pressureless sintered alumina bodies. The results 
indicate a chance for both a high average strength 
of more than 800 MPa and a very small standard 
deviation that represents a Weibull modulus of 
about 40-50. Such strength properties together 
with the high hardness,22 wear resistance31 and 
thermodynamic (i.e. oxidative and corrosive) sta- 
bility will make these advanced alumina ceramics 
attractive for both well-known and new fields of 
applications. 

Acknowledgments 

The investigations have been supported in part by 
the Deutsche Forschungsgemeinschaft under contract 
Kr 1398/1-l. 

References 

1. 

2. 

3. 

4. 

5. 

6. 

7. 

8. 

9. 

10. 

l!. 

12. 

13. 

14. 

Riedel, G., Burger, W., Chylek, S. & Vrbacky, I., 
Feinkristalline, niedrigsinternde Korundkeramik (Fine 
crystalline corundum ceramics sintered at low tempera- 
ture, in German). Silicates Znd., 54 (112) (1989) 2935. 
Mizuta, H., Oda, K., Shibasaki, Y., Maeda, M., 
Machida, M. & Oshima, K., Preparation of high-strength 
and translucent alumina by hot-pressing. J. Am. Ceram. 
Sot., 75 (1992) 469-73. 
Hayashi, K., Kobayashi, O., Toyoda, S. & Morinaga, K., 
Transmission optical properties of polycrystalline alumina 
with submicron grains. Muter. Trans., 32 (1991) 1024-9. 
Staehler, J. M., Predebon, W. W. & Pletka, B. J., High 
strength alumina and process for producing same. Patent 
Application US-5 352 643, Int. Class. C04B35/10, pub- 
lished 4 Ott 1994. 
Takahashi, T., Katsumura, Y. & Suzuki, H., Cutting per- 
formance of white ceramic tools having high strength (in 
Japanese). J. Japan. Sot. Powder & Powder Metall., 41 
(1994) 33-7. 
Rajendran, S., Production of ultrafine alpha alumina 
powders and fabrication of fine grained strong ceramics. 
J. Mater. Sci., 29 (1994) 5664-72. 
Graule, T. J., Baader, F. H. & Gauckler, L. J., Shaping 
of ceramic green compacts direct from suspensions by 
enzyme-catalyzed reactions. cJi/Ber. Dt. Keram. Ges., 71 
(1994) 317-23. 
Young, A. C., Omatete, 0. O., Janney, M. A. & 
Menchenhofer, P. A., Gelcasting of alumina. J. Am. 
Ceram. Sot., 74 (1991) 612-16. 
Krell, A. & Pompe, W., The influence of subcritical crack 
growth on the strength of ceramics. Mater. Sci. Eng., 89 
(1987) 161-8. 
Krell, A. & Seidel, J., Hochfeste Keramiken auf A&O,- 
Basis durch kontrollierte Korngrenzenstrukturen (High- 
strength ceramics on the basis of A&O, by controlled 
grain boundary structures, in German). Fortschrittsber. 
der Dt. Keram. Ges., 9 (1994) 138-57. 
Rice, R. W., Strength/grain-size effects in ceramics. Proc. 
Brit. Ceram. Sot., 20 (1972) 275-97. 
Carniglia, SC., Reexamination of experimental strength- 
vs-grain-size data for ceramics. J. Am. Ceram. Sot., 55 
(1972) 243-7. 
Griffith, A. A., The phenomena of rupture and flow in 
solids. Philos. Trans. Roy. Sot. (London), 221A 
(1920-21) 163-98. 
Miyahara, N., Yamaishi, K., Mutoh, Y., Uematsu, K. 
& Inoue, M., Effect of grain size on the strength and 



1200 A. Krell, P. Blank 

fracture toughness in alumina. JSME International Jour- 
nal, A37 (1994) 23 l-7. 

15. Seidel, S., Claussen, N. & Riidel, J., Reliability of alu- 
mina ceramics: Effect of grain size. J. Europ. Ceram. 
sot., 15 (1995) 395-404. 

16. Blendell, J. E. & Cable, R. L., Measurement of stress due 
to thermal expansion anisotropy in A1203. J. Am. Ceram. 
Sot., 65 (1982) 1748. 

17. Krell, A., Teresiak, A. & Schlafer, D., Grain size depen- 
dent residual microstresses in submicron Alz03 and ZrO,. 
J. Europ. Ceram. Sot., 16 (1996) 803-l 1. 

18. Krell, A. & Pompe, W., Grain boundary microdamage 
due to visco-elastic relaxation of residual stresses in 
alumina ceramics. Phys. Stat. Sol. (A), 111 (1989) 
109-17. 

19. Krell, A., Grain boundary relevant micromechanical 
investigations and microstructural observations in ZrOz 
ceramics. In Proc. 3rd Conf of the Europ. Ceram. Sot., 
Vol. 3, ed. P. Duran & J. F. Fernandez. Faenza Editrice 
Iberica, San Vicente, 1993, pp. 489-94. 

20. Koyama, T., Nishiyama, A. & Niihara, K., Effect of 
grain morphology and grain size on the mechanical prop- 
erties of AlzO, ceramics. J. Muter Sci., 29 (1994) 
3949-54. 

21. ZumGahr, K.-H., Telle, R., Zimmerlin, B. & Park, S.-H., 
EinfluD der KorngriiBe auf mechanische Eigenschaften 
und den ungeschmierten reversierenden GleitverschleiD von 
Al,O,-Keramik (Influence of grain size on mechanical 
properties and the unlubricated fretting wear of A&O3 
ceramics, in German). Materialwiss. und Werkstofftechnik, 
23 (1992) 329-38. 

22. Krell, A., Grain size dependence of hardness in dense sub 
micron alumina. J. Am. Cerum. Sot., 78 (1995) 1118-20. 

23. Nienburg, N., Stein, P. & Harbach, F., Nasse Formgebung 
von feinkijmigen homogenen a-AlzO,-Keramiken (Wet 
shaping of finagrained homogeneous cy-AlzOj ceramics, in 
German). &/Beer. Dt. Keram. Ges., 66 (1989) 189-97. 

24. Lange, F. F., Sinterability of agglomerated powders. 
J. Am. Ceram. Sot., 67 (1984) 83-9. 

25. Kim, B.-N. & Kishi, T., Fractography of AI,O, ceramics 
strengthened by precoarsening treatments. J. Ceram. Sot. 
Japan (Znt. Edn.), 102 (1994) 1155-g. 

26. Krell, A., Blank, P. & Weiss, T., Influence of microcrack- 
ing and homogeneity on the mechanical behaviour of 
(A&O, + ZrO,) ceramics. J. Mater. Sci., 22 (1987) 
3304-8. 

27. Krell, A. & Schulze, D., Quantitative Untersuchungen 
von MikroriDstrukturen in gesintertem Aluminiumoxid 
(Quantitative assessment of microcrack structures in sin- 
tered alumina, in German). Silikattechnik, 36(12) (1985) 
2946. 

28. Anstis, G. R., Chantikul, P., Lawn, B. R. & Marshall, D. 
B., A critical evaluation of indentation techniques for 
measuring fracture toughness: I, Direct crack measure- 
ments. J. Am. Ceram. Sot., 64 (1981) 533-8. 

29. Chantikul, P., Anstis, G. R., Lawn, B. R. & 
Marshall, D. B., A critical evaluation of indentation tech- 
niques for measuring fracture toughness: II, Strength 
method. J. Am. Ceram. Sot., 64 (1981) 53943. 

30. Koyama, T., Uchida, S. & Nishiyama, A., Effect of 
microstructure on mechanical properties and cutting perfor- 
mance of Al,O,-Ti(C,N) ceramics. J. Ceram. Sot. Japan 
(Znt. Edn), 100 (1992) 52@4. 

31. Krell, A. & KlatIke, D., Effects of grain size and humid- 
ity on fretting wear in fine-grained alumina, Al,03/TiC, 
and zirconia. J. Am. Ceram. Sot., 79 (1996) 113946. 



Journal of the European Ceramic Society 16 (19%) 1201-1207 
0 1996 Elsevier Science Limited 

PIl:SO955-2219(96)00055-6 
Printed in Great Britain. All rights reserved 

0955-2219/96/$15.00 

Discrimination of Multiaxiality Criteria Using 
Brittle Fracture Loci 
A. Briickner-Foit,” T. Fett,b K.-S. Schirmer” & D. Munz’ 
“Karlsruhe University, Institute for Reliability and Failure Analysis, PO Box 36 40, D-76021 Karlsruhe, Germany 
hResearch Centre, Karlsruhe, IMF II, PO Box 36 40, D-76021 Karlsruhe, Germany 

(Received 19 December 1995: revised version received 26 February 1996; accepted 28 February 1996) 

Abstract 

The statistical distribution of brittle fracture loci 
was measured in the Brazilian disc test. A logical 
circuit was used to iden@ the fracture event in 
addition to fractographic examination. The empirical 
distribution of brittle fracture loci is compared with 
the predictions of the multiaxial Weibull theory. The 
results indicate that a shear-insensitive criterion is more 
suitable than a shear-sensitive criterion to describe 
the fracture behaviour of natural Jaws in ceramic 
materials. Copyright 0 1996 Elsevier Science Ltd 

1 Introduction 

The failure behaviour of ceramics under multiaxial 
loading can be described by the Weibull theory, 
which is developed in Refs 14. In this theory, the 
failure behaviour of natural flaws such as pores, 
inclusions and grain boundary wedges, is analysed 
by a fracture mechanics model. The natural flaws 
are replaced by planar cracks of ideal shapes, and 
the loading of each crack is quantified in terms of 
the corresponding stress intensity factors. In gen- 
eral, a randomly oriented crack in a multiaxial 
stress field is subjected to mixed-mode loading, 
and an appropriate multiaxiality criterion has to 
be chosen (see Ref. 5 for a summarizing descrip- 
tion of available criteria). 

Keeping in mind that the planar cracks in the 
Weibull theory are in reality natural flaws of various 
shapes and differing in physical nature, it cannot be 
concluded without a substantial amount of experi- 
mental evidence that there is a universal multiaxi- 
ality criterion. 6 Rather, the multiaxiality criterion 
seems to be specific to a given material and has to 
be determined by suitable experimental procedures. 

Ceramic components are designed to meet a 
given level of reliability. Within the framework of 
the Weibull theory, the calculated value of relia- 
bility depends on the Weibull parameters and on 

the multiaxiality criterion. While there is a stan- 
dard procedure for estimating the Weibull param- 
eters (e.g. Ref. 7), no commonly accepted method 
exists for determining the failure behaviour of 
ceramics under multiaxial loading. It can be shown5 
that the variation of the calculated reliability 
value with the multiaxiality criterion is almost 
negligible compared with the accuracy of the 
experimental results if failure is triggered from 
regions in which a stress state with positive principal 
stresses prevails. However, great differences may 
occur if there are positive and negative principal 
stresses in critical regions, e.g. if a uniaxial tensile 
operational stress is superimposed on compressive 
residual stresses. Hence, the multiaxiality criterion 
can be determined by comparing two different test 
series - the first performed with specimens in 
which a tensile stress state prevails, and the sec- 
ond performed with specimens in which the stress 
tensor is composed of positive and negative princi- 
pal stresses. Examples are given in Refs 8 and 9. 

The problem with all these test series is that 
specimens having different shapes that were made 
using different finishing and possibly manufactur- 
ing procedures have to be compared with each 
other. This may lead to incompatible results,* even 
though the Weibull theory is still valid. Hence, a 
test procedure relying on only one type of speci- 
men seems to be necessary. 

This paper deals with the theoretical and experi- 
mental evaluation of the local risk of rupture,“,” 
which can be used to discriminate between multi- 
axiality criteria. The following section contains the 
definition of the local risk of rupture and the cor- 
responding cumulative distribution function. This 
quantity can be determined if the location of the 
critical flaw is measured on the fracture surface of 
a failed specimen. The corresponding experimental 
procedure is described in the next section. The 
experimental results including the Weibull analysis 
are then presented, while theory and experiment 
are compared in the final section. 

1201 
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Theory 

Most of the information presented in this section 
has already been given in previous publications5q1’ 
and is repeated here for the sake of completeness. 
First, the basic ideas of the Weibull theory will be 
summarized. The probability that the size of a 
given flaw will exceed the critical flaw size a, is 
expressed by: 

where V denotes the volume of the component 
considered, 0 the surface of a unit radius sphere, 
x the coordinate vector, andf; (x), f,(O), f, (a) are 
the probability density functions of the corre- 
sponding random variables. 

The critical flaw size can be determined using 
fracture mechanics, if the natural flaws can be 
approximated by planar cracks. Within the frame- 
work of this model, a multiaxial stress state gives 
rise to mixed-mode loading of a crack, and the 
critical crack size is a function of the mode I to 
mode III stress intensity factors K,, K,,, Km: 

with 

K,, = &Y,, (3) 

where Y,, Y,, and Yin are correction factors. The 
stress a, normal to the crack plane is given by the 
following relation: 

a, = (a, cos2~ + a2 sin24) sin28 + a3 cos28 (4) 

where (T,, a,, u3 are the principal stresses and 4, 8 
are the polar angles determining the orientation of 
the crack plane relative to the principal axes. The 
shear stress r in the crack plane is given by: 

r=d_ rrCp + rl.0 (5) 

with 

and 

7 r+, = (g2 - a,) sin C$ cos 4 sin 8 (6) 

7 re = (a, cos2$ + u2 sin2 4 - 0~3) sin 8 cos 8 (7) 

An equivalent mode I stress intensity factor J&, 
can be introduced with 

Keq = a,, G (8) 

where the equivalent stress a,, depends on a,, T 
and on Y,, Y,, and Yin. The critical crack size is 
given by: 

4, 2 
a,= ___ ( 1 ueq YI 

(9) 

where K,, denotes the fracture toughness. A vari- 
ety of multiaxiality criteria are given in the litera- 
ture leading to different expressions for ue4. A 
summary is contained in Ref. 5. 

An example of one of these criteria for penny- 
shaped cracks is12 

a,, = [U; + 6($--r$,7' + (&r~~r (lo) 

which is derived on the assumption that the crack 
extends on the plane where the energy release rate 
is maximum. The shear insensitive criterion: 

oes = U” (11) 

is applicable if the natural flaws extend solely 
because of mode I loading. 

In the Weibull theory the following expression is 
used for the integral over the crack size in eqn (1):7 

(12) 

where eqn (9) was used for the critical crack size. 
The parameters m and T,, in eqn (12) depend on 
the toughness of the matrix material and on the 
statistical properties of the flaw size distribution. 

If all locations of flaws and all orientations 
occur with equal probability, the material is 
homogeneous and isotropic, and J; (x) and fn (0) 
can be replaced by uniform distributions: 

The number n of cracks in the volume V is also a 
random variable and can be described by a Pois- 
son distribution. The probability of having exactly 
n cracks in V is given by: 

p = M” CM 
n 

n! 
(14) 

where M is the average number of cracks in V. 
The following relation is obtained for the failure 
probability P,, from eqns (13), (14)5 and by sum- 
ming up all possible numbers of cracks: 

Pf = 1 - exp(-M Q,) (15) 

These basic ideas of the Weibull theory will now 
be used to define the local risk of rupture. 

The probability that a flaw is located in a sub- 
volume V, and propagates unstably is equal to 

The survival probability of a flaw located in V, or 
V-V, is given by: 
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4 (v) = 1 - Q, (0 (17) 

If n flaws are present in If, none of them propa- 
gates unstably with the probability 

R, (v) = (1 .- Q, V9)” (18) 

Hence fracture is triggered by one flaw in V, and all 
other y1- 1 flaws remain stable with the probability 

S, ( I”,) = n Q, (K) (1 - Q, CJ9>“m’ (19) 

Combining eqn (19) with the probability p,,, eqn 
(14), to have n flaws in V and summation over n 
yields the probability that there is exactly one 
unstable flaw contained in lthe subvolume V, and an 
arbitrary number of non-propagating flaws in I? 

s (VS) = n;Pn s, (VS) (20) 

i.e. 

S (I’,) = M Q, K> exp C-M Q, (v)> (21) 

The normalized quantity 

P, (If,) = $# (22) 

is the quotient of the fracture risks associated with 
the volumes V, and I’, respectively, and can be 
written as: 

P,(V,)=# 
I 

(23) 

PO (I’,) is independent of the applied load level. 
For a very small subvolume, V, = dx, the inte- 

gral over V, can be replaced by the integrand 
times dx, and the probability is obtained that fail- 
ure is caused by a flaw alt point x in the interval 
[x, x + dx]: 

Sfl @drn do po (x) dx - 

SvSn (me,>” dmx 
(24) 

The quantity p0 corresponlds to the marginal prob- 
ability density function of the location of the frac- 
ture origins obtained by Matsuo and Kitakami” 
using the competing risk theory, and PO in eqn (23) 
is the corresponding probability distribution func- 
tion if V, is defined as an interval in three-dimen- 
sional space. p. also corresponds to the local risk 
of fracture. 

The cumulative probability distribution func- 
tion of the fracture loci: 

P&?%x,, Yly,,Zlz,) 

can be determined for any specimen or compo- 
nent, if the location (x0, yo, zo) of the fatal flaw is 
measured. 

Fig. 1. Brazilian disc test. 

Experiments 

In the Brazilian disc test a circular disc is sub- 
jected to diametral compression (Fig. 1). A biaxial 
stress state is induced which contains both tensile 
and compressive components (see next section). 
The test was applied successfully to rock materials 
and low-strength ceramics.13*14 Preliminary tests 
with high-strength ceramicsi showed that fracture 
of the majority of specimens was triggered by 
flaws on the perimeter in the vicinity of the load 
pins where a zone of global damage develops due 
to high compressive loads. An additional failure 
mode (splitting of a specimen parallel to the disc 
surface) could be attributed to high tensile stresses 
on the perimeter normal to the disc surface that 
are induced by friction between the load pins and 
the disc.16 These unwanted failure modes can be 
almost completely eliminated by a special design 
of the specimen grips (Fig. 2). A compressive 
force perpendicular to the disc surface is imposed 
by the screws in the vicinity of the load pins. 

The location of the fracture origins was mea- 
sured in two different ways. First, a careful fracto- 
graphic examination was carried out in which 
both the fracture pattern (see Fig. 3) and the frac- 
ture surfaces were studied. In a second method of 
evaluation, a series of parallel conducting strips of 
silver was deposited on the disc surfaces. They 
were used as logical electrical switches which are 
in the ‘on’ state in the case of the intact disc and 
change to the ‘off state upon passage of the crack 
tip. A logical circuit analyses the time sequence of 
rupture and allows the location of the failure ori- 
gin to be determined. 

A mounted specimen is shown in Fig. 4. The 
fracture origin is assumed to be located in the 
vicinity of the first ruptured strip. Those speci- 
mens for which no fracture locus could be identified 
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Fig. 2. Schematic representation of the test rig for the Brazilian 
disc test. 

outside the specimen grips were eliminated from 
the test series, because failure may have been trig- 
gered from the damage zone in the vicinity of the 
load pins. 

Three different materials were tested, a low- 
strength ceramic (stoneware trade name: Keraion), 
and two high-strength silicon nitride materials. 
The material parameters are summarized in Table 1. 
The radius of the discs was R = 22.5 mm in all 
cases. The thickness t of the stoneware disks was 

3 1 

CD f 
Q 
8 

Fig. 3. Development of a typical fracture pattern starting 
from a central crack. 

7.4 mm, whereas t = 4.0 mm was used for the sili- 
con nitrides. The loading rate was comparatively 
small (7 MPa s-’ for the stoneware material, 
3 MPa s-l for the silicon nitrides) in order to 
avoid complete specimen destruction after fracture. 
The load was transferred to the disc via compara- 
tively soft steel plates, which deformed plastically 
under the high compressive loads. 

Results 

The Weibull exponent m is required for the pre- 
diction of the distribution of fracture loci [see eqn 
(24)]. Therefore, a statistical analysis was per- 
formed of the fracture stresses. First, the test 
results were plotted on Weibull paper. Then, the 
parameters of the corresponding Weibull distribu- 
tions were calculated using the maximum likeli- 
hood method.17 A bias correction factor was 
introduced for the parameter m.” The results of 
the Weibull analysis are summarized in Table 2. 
The Weibull parameter b in Table 2 is defined as: 

with the reference stress dr, from which the fail- 
ure probability can be written in terms of a 
Weibull distribution: 

Pf = 1 - exp - $ 
m 

I( )I (27) 

The fractographic examination yielded results 
which are only reliable for the silicon nitrides. The 
fracture loci were very hard to identify on the frac- 
ture surface for the stoneware material, and the 
analysis had to be based on the rupture of the sil- 
ver strips. Hence, only the y-coordinate of the 
fracture loci (see Fig. 1) was available. 

The observed values yi were ranked in ascend- 
ing order and the empirical probability 

was attributed to 
sample size. The 
shown in Figs 5-7. 

Discussion 

Pi (yi) = ; 

the ith value, where N is the 
resulting step functions are 

The stress field of the Brazilian disc is given by:18 

(29) 
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Fig. 4. Fixture with specimen mounted. 

F 
ar4 

= -- 
TtR 

where r, C#J are the polar coordinates defined in where y. = rosin $J and r and C#I are the polar coor- 
Fig. 1. The loading angle cx defines the area on the dinates defined in Fig. 1; R denotes the radius of 
perimeter over which the load is uniformly dis- the disc, and t its thickness. 

tributed. The stress fields perpendicular to the 
loading axis 0, = 0) and along the loading axis 
(x = 0) are shown in Figs 8 and 9, respectively. 

This stress field is inserted in the appropriate 
multiaxiality criterion, eqns (10) and (1 I), respec- 
tively, in order to determine a,, which, in turn, is 
inserted in the marginal probability distribution of 
fracture loci: 

PO (YCYO) = 
2$,” _I’: $I, _f, o-‘& dR dzrdrd+ 

2J,” _f,” _fb .fn o’& dR dzrdrd+ 
(32) 

Table 1. Material parameters 

Material Manufacturer Poisson k 
ratio 

Young k 
modulus (GPa) 

Fracture 
toughness - 

Keraion 
(stone- 
ware) 

HIPSN 

HIPSN 

Keramische 
Betriebe 
EIuchtal 

ABB 

ESK 

0.25 52 0.9 

0.24 300 4-3 

0.24 300 4.9 

Table 2. Results of Weibull analysis 

Material Sample size Weibull exponent, Weibull parameter, b 
m (MW 

Stoneware 20 35.6 37.5 
[26.4, 48.41 [37,1, 37.91 

HIPSN 14 10.5 553 
(ABB) 17.3. 15.21 [529, 5791 

HIPSN 21 6.0 672 
(ESK) [4.5, 8.21 [630, 7181 
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Equation (32) implies that fracture is triggered 
from a flaw at 0 I y I y. with the probabihty PO. 

~ 1.0 
.C 
= 
m 
i 0.8 

2 
P 

0.6 

0.4 

: 
0.0 

, 
I I I I I I I I I 

0 5 10 15 20 25 

Y, mm 

Fig. 5. Cumulative distribution function of brittle fracture 
loci, stoneware material: ~ prediction using the shear- 
insensitive criterion, eqn (11); - ‘- - -, prediction using the 

shear-sensitive criterion, eqn (10). 

0.6 

0 5 10 15 20 25 

Y, mm 

Fig. 6. Cumulative distribution function of brittle fracture 
loci, HIPSN (ABB material); ~ prediction using the 
shear-insensitive criterion, eqn (11); - J - -, prediction using 

the shear-sensitive criterion, eqn (10). 

.- 
n 
2 0.8 - 
2 
n 

0.6 - 

0 5 10 15 20 25 
Y, mm 

Fig. 7. Cumulative distribution function of brittle fracture 
loci, HIPSN (ESK material): ~ prediction using the 
shear-insensitive criterion, eqn (11); - 1 - -, prediction using 

the shear-sensitive criterion, eqn (10). 

This corresponds to the empirical probability pi 

defined in eqn (28). The integrals in eqn (32) were 
evaluated using the multiaxiality criteria [eqns 
(10) and (WI, with the bias-corrected values of 
the Weibull exponent m contained in Table 2. In 
Figs 5-7 the results are compared with the experi- 
mental findings. 

The empirical distribution of the fracture loci 
of the stoneware material deviates strongly from 
the theoretical curve obtained with eqn (32) if 
a shear-sensitive multiaxiality criterion is used. 
The theoretical and experimental distribution 
functions are only compatible with each other 
if the shear-insensitive criterion is applied. In 
this case, the maximum distance between both 
curves does not exceed the critical distance defined 
in a Kolmogorov-Smirnov test at 95% confidence 
level. This result is in agreement with the findings 
in Ref. 9 where the distributions of fracture 
stress obtained in different test series including 
the Brazilian disc test were compared with each 
other. 

Similar results are obtained for the silicon- 
nitride materials. The difference between the shear- 
sensitive and the shear-insensitive criteria is less 
pronounced than for the Keraion material due to 
lower values of the Weibull exponent m. Never- 
theless, the shear-sensitive criterion is ruled out by 
comparison of the theory with the experiment, 

0 0.2 0.4 0.6 0.8 1.0 

distance to centre line, y/R 

Fig. 8. Stress distribution in the disc perpendicular to the load 
axis. 
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whereas the shear-insensitive criterion yields a dis- 
tribution function which is compatible with the 
empirical distribution in terms of a Kolmogorov- 
Smirnov test. A similar result was obtained by 
comparing the Weibull distributions obtained with 
various test series.’ 

The agreement between theory and experiment 
appears to be slightly better for the silicon nitride 
materials than for the stoneware material, although 
in all cases the discrepancies between predicted 
and measured distributions are within the range of 
statistical uncertainty. However, this tendency 
may be attributed to the fact that for the silicon 
nitride materials the empirical distributions are 
based on fractographic evidence, whereas the results 
for the stoneware rely completely on the indica- 
tions of the logical circuit. This may reduce the 
accuracy of the experimental values for the brittle 
fracture loci. 

Conclusions 

The cumulative distribution function of the frac- 
ture loci can be derived using the local risk of rup- 
ture. As the distribution function depends on the 
multiaxiality criterion in a way similar to the fail- 
ure probability of the multiaxial Weibull theory, 
this quantity can be used to discriminate between 
various criteria. The advantage of this procedure 
is that only specimens of a specific type have to be 
compared with each other, and the well-known 
problems concerning different manufacturing rou- 
tines and surface-finishing procedures are avoided, 
which may greatly influence the results obtained 
with test series performed with different kinds of 
specimens. The cumulative distribution function 
of fracture loci was measured using low- and high- 
strength ceramics. The test method selected was 
the Brazilian disc test, because the complicated 
stress state prevailing in the specimens leads to 
great differences in the predictions obtained with 
different multiaxiality criteria. The comparison 
between theory and experiment indicates that the 
failure behaviour of natural flaws in the materials 
tested should be described by a shear-insensitive 
criterion. This means that if a planar crack is 
assigned to each natural flaw, this crack fails 
through pure mode I fracture. 
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Absfruct 

The shape of a median crack, driven by a point 
force, is deduced. It is shown that tf it is assumed 
that self-arrest occurs when the crack tip stress 
intensity factor falls below the fracture toughness, a 
near-circular crack may be expected to develop. A 
universal calibration for the crack tip stress intensity 
factor is given. Copyright 0 1996 Elsevier Science Ltd 

Introduction 

When a sharp indenter is pressed into a brittle 
material, median cracks are observed to develop 
on planes normal to the free surface and aligned 
with the vertices. This test provides the possibility 
of determining the fracture toughness of a brittle 
material and other useful surface information. It is 
experimentally observed that median cracks form 
during the loading phase of indentation, but often 
extend during the unloading phase,‘q2 clearly pro- 
pelled by residual stresses left by plasticity 
arising at the tip of the indenter. Recently, both 
Giannakopoulos et a1.3 and Murakami and 
Matsuda4 have pro&ced .vt,y thorough solutions 
to the problem of indentation of an elastic-plastic 
solid by a Vickers pyramid. Each used the finite 
element method, the former incorporating special 
elements to allow for the singular stress state 
arising along the vertices, to produce an accurate, 
versatile solution. Neither, however, solved the 
unloading phase, so that the residual stress state 
remaining upon removal <of the indenter has not 
been found. This is one of the two obstacles 
remaining before a physical interpretation of the 
results of the test can be used quantitatively. The 
second is that a precise calibration for the crack 
tip stress intensity factor arising around the crack 
front is needed. In this paper we intend to address 
the second problem, and, in the absence of a solu- 
tion for the residual stres,s state, we shall use an 
idealized contact pressure distribution. We shall 

*Present address: Department of Materials Science, Leeds 
University, Leeds LS2 9JT, UK. 

therefore revert to an idealization of the contact 
load as a point force, as employed in an earlier 
analysis’ and by Murakami and Sakae.6 

Crack Shape 

We will idealize the material being indented as a 
linear elastic material, and the contact pressure, in 
reality distributed over a small finite area, approx- 
imately square in shape, by a point force. By 
St. Venant’s principle we expect this idealization 
to be satisfactory beneath the surface, but to be 
rather poor in the immediate neighbourhood of 
the contact patch. A corollary of using a point 
force to represent the contact pressure is that the 
effects of surface friction may not be included, 
and we will also assume that only a single crack 
grows in the median plane. A further consequence 
of using the point force as the source of contact 
loading is that the surface layers are put into a 
state of compression, i.e. o,, < 0 above a conical 
region, making an angle of approximately 38” 
with the surface, as depicted in Fig. 1. This high- 
lights the influence of residual stresses in pro- 
pelling cracks in real materials showing some 
plastic behaviour. 

In our earlier analysis of the problem’ we noted 
the form of contours of the stress component see 
induced by a point force, using Boussinesq’s solu- 
tion7 where the coordinate set of Fig. 1 is 
employed. From this, we idealized the median 
crack as a circular arc with two tangential straight 
lines, as shown in Fig. 1. Crack tip stress intensity 
factors arising around the crack front were then 
found using the eigenstrain procedure. The prob- 
lem was subsequently reanalysed by Murakami 
and Sakae6 who used an alternative idealized 
crack shape in the form of a semicircle, but per- 
mitted crack closure adjacent to the surface. Thus, 
one boundary of the open part of the crack was 
prescribed, but the other, the line of closure, 
became an unknown of the problem. 

In this paper, we wish to adopt an alternative 
algorithm for determining the shape of the crack: 
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as the contact load is increased the stresses in the 
vicinity of the contact patch increase until at a 
particular flaw the critical stress intensity factor 
will be reached and the crack will extend. As it 
does so, the increase in size of the crack will 
increase the crack tip stress intensity, but at the 
same time the crack front is growing into a region 
of decreasing stress. Eventually, the stress intensity 
factor falls below the fracture toughness value 
again. At this point, because of the basic principle 
of reversibility of the crack extension criterion in 
linear elastic fracture mechanics,8 self-arrest will 
occur. Thus, the final shape of the crack is. one 
where the crack tip stress intensity factor around 
the crack front is constant, and equal to the mate- 
rial’s fracture toughness. This argument assumes 
that quasi-static extension of the crack occurs, and 
that crack growth occurs under elastic conditions. 

Formulation 

The eigenstrain method was used in the analysis. 
A full introduction to this procedure is given in 
Ref. 9, but a brief resume of the principles will be 
included here. It is a three-dimensional technique, 
well suited to the analysis of cracks present in 
steep stress gradients, but a drawback is that only 
relatively simple remote boundaries may usually 
be included, such as an infinite space, half-space 
or a layer. In the present problem we will employ 
the half-space, and first find the solution for a 
point force, exerted at an arbitrary point within 
the solid. From this, the solution for a point 

’ 

1.2 

- K,- constant Extent of region of tension 
(freeshape) 1. (%e) 

. . . . . . . . . . . K,- constant I. 
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z 

I. 

Fig. 1. Geometry of the problem, region where CT,, is positive, 
and possible crack front shapes. 

displacement discontinuity may be found, and this, 
in turn, is used to build up the stress field associ- 
ated with an eigenstrain element. The eigenstrain 
element may be viewed in different ways, but one 
physical interpretation is to think of its boundary 
as forming a Somigliana dislocation loop, where 
the Burgers vector may vary from point to point 
around the edge. Indeed the idea of a ‘shape func- 
tion’, from finite element theory, is used to pre- 
scribe the form of the variation of the strength of 
the dislocation throughout the element, which 
may normally be either piecewise constant or 
piecewise linear. An influence function is defined, 
which relates the strength of the Burgers vector at 
any general node to the magnitude of the stress 
state induced at a general point. Hence, a matrix 
is established giving the resultant stress within 
each eigenstrain element in terms of the strength 
of all the elements used to model the crack. That 
stress resultant is set equal and opposite to the 
tractions induced by the far field loading in the 
crack’s absence, so that the crack faces are thereby 
rendered stress-free. The following additional points 
about the method may be noted. 

(1) 

(2) 

(3) 

As both the formulation for an individual 
element and the nominal stress state in the 
crack’s absence are both solved in closed 
form for the body as a whole, all of the 
remote boundary conditions (such as the 
free surface of the half-space remaining 
traction-free) are automatically satisfied. 
In addition to the basic shape function 
described, crack front elements have a fur- 
ther form of variation of the internal Burg- 
ers vector variation imposed on them; this 
is to ensure that the displacement and stress 
field follow the required asymptotic forms 
along the crack front, which accelerates con- 
vergence of the solution. 
Because the far-field conditions are satisfied 
exactly, and only the crack itself needs to be 
modelled, the solution converges very much 
more quickly than a corresponding classical 
finite element solution, and requires far 
fewer degrees of freedom, for the attain- 
ment of a given level of accuracy. 

These attributes mean that the technique is 
ideal for the problem we are addressing here, 
where the overall geometry is quite simple, but the 
stresses arising on the plane of the crack, in its 
absence, vary rapidly with position. Piecewise 
linear triangular elements were employed,” and 
the asymptotic behaviour required at the crack 
front was incorporated into adjacent elements 
only. A uniform (as opposed to graded) mesh was 
employed, as it has been found that this produces 
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the best convergence. 4 An example of a mesh for 
the a,, = constant case is shown in Fig. 2. 

Two forms of the possible crack shape were 
analysed. First, the assumed shape of the crack 
was that of an ellipse, with the ellipticity left as a 
free variable, which was adjusted so as to mini- 
mize the variation of K, from point to point 
around the free edge. Surprisingly, this gives a 
very * good approximation to the constant K 
requirement, and the variation is very much less 
than when the crack front was made to follow the 
contour delineating a constant tension. 

To improve the shape of the crack further, the 
geometric restriction that it be elliptical was 
removed, and free meshing was employed. The 
crack was then ‘grown’, by incrementing the crack 
size at each point around the crack front, in propor- 
tion to the local stress intensity factor found, i.e. 

6c = rtK; 

where A, n are arbitrary constants, the former 
dimensional, chosen so that the actual increase in 
crack size is only a small percentage of the current 
value. This process was ca.rried out several times, 
until it became clear that the crack was developing 
in a self-similar manner, i.e. without change in 
shape, and the stress intensity factor found was 
uniform around the edge, at all points save the 
point of application of the load itself, which is sin- 
gular. It should be noted that, as the contact load- 
ing is idealized by a point force, there is no 
intrinsic length scale in the problem, so that when 
once a steady state has been reached, the shape of 
the crack may be expected to remain geometrically 
similar, i.e. it will develop in a self-similar way. 

Note: only one half of the mesh shown was used 
25 m 

75 WY 

Fig. 2. Example mesh used in one part of the eigenstrain Fig. 3. Variation of crack tip stress intensity factor around crack 
analysis. front for the three possible crack shapes shown in Fig. 1. 

This is, of course, a consequence of the idealized 
contact loading; had a finite contact patch been 
employed this would not be true. Another feature 
of the geometry of the model is that no mode II 
or III crack tip stress intensity factor can arise, 
because of the symmetry of the configuration. 

Results 

The optimal ellipticity found for the constrained 
crack shape was D/u = 0.85, where D is the depth 
of the crack and a is the breadth parallel with the 
surface, as shown in Fig. 1 by a broken curve. The 
variation of normalized stress intensity factor 
occurring around the front is shown in Fig. 3. It 
may be seen that, excluding a very small zone 
immediately beneath the point of application of 
the load, where the state of stress is singular, the 
stress intensity factor varies by up to 25%. 

After permitting incremental growth of the 
model crack, the shape also shown in Fig. 1 was 
found. The variation of stress intensity factor 
around the front is shown in Fig. 3; if we again 
avoid the point of loading, the variation in crack 
tip stress intensity factor is now less than 8%. Also 
included in the figure, for completeness, is the 
original variation of crack tip stress intensity 
around the crack front associated with a crack 
shape delineating a constant value of a,,, such as 
the a,, = 0 curve shown in Fig. 1. It should be 
noted that there is no intrinsic length dimension in 
the problem, save that of the depth of crack, D, 
itself. Thus the normalized stress intensity factor 
found, ICI/Pm = 0.04, is a universal value, and 
this means that a knowledge of the final depth of 

KI 
E2 J- KD 

0. 31 

Shape delineating o, 
region of tension . 

(0 $0, Fig.1 1 
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the crack, together with the applied load present, 
is sufficient to determine the fracture toughness, 
with the assumptions stated at the outset. In prac- 
tice, as has been stated, removal of the load may 
well give rise to further crack growth, propelled 
by residual stresses, but it is felt that the result just 
presented has merit in its own right, as it provides 
a rigorous calibration to the idealized problem posed. 
If an indentation test is stopped without removing 
the load, and the crack depth measured, the cali- 
bration is accurate, save for the area in the imme- 
diate vicinity of the contact, where the finite contact 
pressure distribution and plastic zone have .been 
ignored. 

The next step in providing a rigorous solution 
to the problem posed will be a re-evaluation of the 
crack shape for the case when the contact pressure 
distribution is modelled precisely, and the material 
is given an elastic-plastic stress-strain law. We 
feel that the bulk of the crack extension will occur 
upon removal of the indenter, so that propulsion 
is provided by the residual stress field. For ‘nearly 
brittle’ material such as ceramics and glasses these 
residual stresses will be quite high, as there will be 
a considerable re-distribution of the load com- 
pared with the elastic solution, but at the same 
time crack-front plasticity will be quite limited, so 
that the eigenstrain procedure may again be used 

to advantage in inferring both the crack front 
shape and the resultant stress intensity factor. 
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Abszrfzct 

Sic platelets were coated with a jine-grained AlJO 
precursor powder by controlled heterogeneous pre- 
cipitation from solution. After calcination, the 
coated platelets were compacted and sintered at a 
constant heating rate of 5°C min’ in a helium 
atmosphere. The parameters that control the coat- 
ing process and the sintering behaviour of the 
coated powders were investigated. For given reac- 
tant and platelet concentrations, pH and tempera- 
ture, the presence of a small amount of 
poly (vinylpyrrolidone) (P VP) produced a more 
homogeneous coating whic.h, in turn, produced an 
improvement in the sinterability of the coated 
platelets. Composites formed from the coated 
platelets, with an initial matrix density of 40-45% 
of the theoretical and containing a20 ~01% plate- 
lets, reached nearly full density after sintering at 
1800°C for 30 min. By comparison, similar compos- 
ites formed by mechanical mixing of the Sic 
platelets and freely precipitated Al,O, powder 
reached a density of only = 70% of the theoretical 
under identical sintering conditions. The strength 
and fracture toughness of the sintered composites 
formed from the coated platelets were measured in 
three-point loading at room temperature. For the 
composite containing 20 vo,!% platelets, the strength 
and fracture toughness values were 240 MPa and 
5.4 MPa rn’12, respectively. They are comparable to 
the highest values reported for similar composites 
produced by hot-pressing of mechanically mixed 
systems. Copyright 0 1996 Elsevier Science Ltd 

1 Introduction 

Polycrystalline ceramic matrix composites formed 
by conventional methods are difficult to sinter to 
the high densities normally required for structural 
applications, without the application of an exter- 

*To whom correspondence should be addressed. 

nal pressure or the use of a large amount of liquid 
phase. The factors responsible for the reduced sin- 
terability have been considered in detail else- 
where.1’2 It is now generally accepted that network 
formation between the reinforcing particles (the 
inclusions) and inhomogeneous packing of the 
matrix phase (particularly in the regions surround- 
ing the inclusions) are the key factors that restrict 
the sintering of polycrystalline ceramic matrix 
composites. Transient stresses due to the mis- 
match in shrinkage rates between the matrix and 
the inclusions may also play a limited role in 
reducing the densification.3*4 

For densification by a solid-state mechanism, 
De Jonghe and co-worker@ and Rahaman and 
co-workers’s8 have demonstrated that the sintering 
impediments due to network formation and pack- 
ing can be significantly alleviated by the use of an 
alternative processing route based on the prepara- 
tion of coated particles. The preparation of coated 
particles was pioneered by Matijevic and co-work- 
ers.‘-” The method was also used later by Garg 
and De Jonghe l2 for the preparation of S&N, 
coated with yttria and yttria-alumina precursors. 
For particulate composites, the reinforcement 
phase is coated with the required thickness of the 
matrix phase by controlled heterogeneous precipi- 
tation in a suspension of particles or whiskers. 
The coated powders are then collected, compacted 
by normal ceramic powder forming methods (e.g. 
pressing in a die or isostatic pressing) and densi- 
fied by conventional, pressureless sintering (referred 
to as free sintering). Composites reinforced with 
up to =40 ~01% particles or 20-30 ~01% whiskers 
have been sintered to almost full density under 
conditions fairly similar to those used for the 
unreinforced materials. From the point of view of 
ease of fabrication, the route based on the use of 
coated particles may therefore have considerable 
benefits. Sacks et all3 employed an alternative 
method based on the use of coated powders. They 
prepared amorphous coatings on core particles in 
order to take advantage of the easier densification 
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of the coating by viscous flow. After densification, 
the amorphous phase can be crystallized or 
reacted with the core particles to produce a crys- 
talline product. 

Compared with nearly equiaxial inclusions, the 
use of whisker reinforcement can provide 
improvement in the mechanical properties of the 
ceramic matrix. I416 However, various questions 
have arisen concerning the health hazards posed 
by the use of whiskers. Platelets may provide an 
effective reinforcing phase for improvement of the 
strength and fracture toughness of ceramics.‘7,‘8 
At the same time, they are not associated with any 
known health hazards. 

The work described in the present paper forms 
an extension of the earlier work of Rahaman and 
co-workers to the fabrication of platelet-rein- 
forced composites from coated inclusions. The 
factors that control the coating of SIC platelets 
with an alumina precursor powder and the sinter- 
ability of composites formed from the coated 
platelets were investigated. The strength and frac- 
ture toughness of the fabricated composites were 
measured at room temperature and compared 
with the values reported for similar composites 
produced by hot-pressing. 

2 Experimental Procedure 

2.1 Preparation of coated powders and 
mechanically mixed powders 
Following the procedure described by Hu and 
Rahaman’ for the coating of Sic whiskers with 
an alumina precursor powder, the key parameters 
of the process were varied to produce a uniform 
coating without significant precipitation of free 
powder. The parameters included the concentra- 
tion of the reactants in solution, the concentration 
of SIC platelets in the suspension, the temperature 
and the pH. The following procedure was initially 
found to produce coated platelets. A coating solu- 
tion consisting of 0.18 mol 1-l Al(NO&, 0.05 mol 
1-l AI,(SO,), and 32 g 1-i urea was prepared. (All 
of the chemicals were reagent grade, obtained 
from Aldrich Chemical Co., Milwaukee, WI.) Sic 
platelets (-400 mesh, Type T; Third Millenium 
Technology Co., Knoxville, TN), at a concentra- 
tion of 3.2 g I-’ were added to the solution. The 
platelets had a diameter of 0.5 to 3 ,um and an 
aspect ratio of = 10. The suspension was heated, 
under vigorous stirring, for 48 h at 83 f 2°C. Dur- 
ing the process, the pH of the suspension was 
monitored. This procedure produced coated 
platelets. However, the coating contained cracks 
and, in many cases, parts of the cracked coating 
fell off, leaving uncoated surfaces on the platelets. 

The addition of poly(vinylpyrrolidone) (PVP, 
molecular weight -30000; Aldrich Chemical Co., 
Milwaukee, WI) at a concentration of 0.7 g 1-l 
prior to heating the suspension to the coating tem- 
perature, produced a relatively smooth coating 
that did not show any evidence of cracking. 

After the coating process, the suspension was 
cooled quickly. The coated platelets were col- 
lected, washed with distilled water and dried for 
8 h at 100°C. The dried material was then placed 
in a high-purity Al,O, crucible and heated in 
helium for 15 min at 1250°C to decompose the 
alumina precursor powder. 

After calcination, the coated powder was doped 
with MgO (Mg:Al atomic ratio = 250 ppm) for 
grain growth control during sintering. In the pro- 
cess, the required amount of Mg(N0,),.6H,O 
(purity 99.99%; Aesar/Johnson Matthey, Ward 
Hill, MA) was added to a suspension of the 
coated powder in ethanol. The mixture was stirred 
until it was dry and then calcined in air for 2 h at 
1000°C to incorporate the Mg into solid solution. 

For a comparison of the sintering kinetics, 
mechanically mixed systems were also prepared. 
In this case, free alumina precursor powder was 
precipitated from the solution under the same 
conditions described earlier for the coating pro- 
cess. The precipitated powder was mixed with the 
required amount of SIC platelets, while dispersed 
in ethanol, for 2 h in a ball mill using zirconia 
balls as the milling media. After drying, the mix- 
ture was calcined and doped using the same pro- 
cedure described earlier for the coated powder. 

2.2 Sintering of the composites 
The coated platelets and the mechanically mixed 
systems were compacted by pressing lightly in a 
uniaxial die (under a pressure of =40 MPa), fol- 
lowed by cold-isostatic pressing (-250 MPa) to 
form pellets (6 mm in diameter by 5 mm) for sin- 
tering. Plates (48 by 28 by 6 mm) for mechanical 
testing experiments were prepared by compacting 
the powders in a rectangular die followed by cold- 
isostatic pressing under the pressures outlined 
above for the preparation of the pellets. The 
matrix density of the compacted samples formed 
from both the coated platelets and the mechani- 
cally mixed systems was 4&45% of the theoretical 
density of a-A1,03. 

Sintering was performed in a high-purity helium 
atmosphere (flow rate 50 cm3 min-‘) in a graphite 
element furnace (model 1000; Thermal Technol- 
ogy, Inc., Santa Rosa, CA) at a constant heating 
rate of 5°C min-’ to c- 1800°C. In the experiments, 
the powder compacts were placed in a high-purity 
graphite crucible and surrounded by loose powder 
of the same composition in order to minimize 
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weight loss during sintering. The densities of the 
fired samples were determined from their mass 

0 200 400 600 800 1000 1200 1400 1600 

Coating time (min) 

Fig. 1. The pH of the suspension during the coating process 
at 83 f 2°C. 

and dimensions. The values were checked by 
Archimedes’ method. 

2.3 Measurement of mechanical properties 
The flexural strength and fracture toughness of 
the sintered materials were determined by three- 
point bending of beams (3 by 4 by 30 mm) at a 
crosshead speed of 0.5 mm min-‘. The test samples 
were cut from the fired plates and then polished 
with SIC papers to 600-grit. The edges were bev- 
elled during the polishing step. Fracture toughness 
values were determined using a single-edge 
notched beam (SENB) technique. The beams were 
notched at the centre using a diamond wheel 
(0.6 mm thick) to produce a notch depth (a) 
to the beam width (w) ratio of 0.4-0.5. At 
least five specimens were tested for each reported 
value. 

Fig. 2. SEM micrographs of the coated platelets prepared by chemical precipitation: (a) without PVP and (b) with PVP. 
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2.4 Structural and microstructural characterization 
X-ray diffraction (XRD) was used to analyse the 
coatings after drying as well as after the calcina- 
tion step. The structure of the coating on the SIC 
platelets was observed by scanning electron micro- 
scopy (SEM). The microstructure of the sintered 
samples was observed by SEM and by optical micro- 
scopy of fractured surfaces and polished surfaces. 

3 Results and Discussion 

Figure 1 shows the data for the pH of the suspen- 
sion as a function of time at the coating tempera- 
ture of 83 f 2°C. At this temperature, the urea 
decomposed slowly, leading to an increase in the 
hydroxyl ion concentration. The pH value of the 
solution increased until the conditions for precipi- 
tation of aluminium hydroxide were reached. 

The production of coated particles depends on 
the ability to achieve heterogeneous nucleation 
and growth from the solution, in contrast to the 
case of free powder which is produced by homo- 
geneous nucleation and growth. For the prepara- 
tion of coated platelets, a general requirement is 
to achieve a balance between the total available 
surface area of the platelets in suspension and 
the rate of precipitation. The total surface area is 
determined by the specific surface area and the 
concentration of the platelets, while the rate of 
precipitation depends on the concentration of the 
reactants (urea and aluminium salts) and the tem- 
perature of the solution. Successful coating of the 
platelets in suspension therefore requires some 
trial and error for achieving the proper concentra- 

tion of platelets and reactants under a set of fixed 
reaction conditions. 

The initial experiments employed the same con- 
ditions as those used earlier by Hu and Rahaman’ 
for the coating of Sic whiskers with an alumina 
precursor powder. These conditions produced a 
mixture of coated platelets and free powder. How- 
ever, a significant increase in the concentration of 
the platelets produced coated platelets primarily. 
Figure 2(a) shows an SEM micrograph of the product 
from the conditions of increased platelet concen- 
tration. The coating suffers from extensive cracking 
which can be alleviated by the addition of PVP to 
the solution prior to the coating process [Fig. 2(b)]. 
The presence of the PVP also leads to a change in 
the structure of the alumina precursor coating. 

The volume fraction of the platelets in the com- 
posites is controlled by the total amount of alu- 
minium ion in the solution. By completing the 
precipitation reaction, almost all the aluminium 
ions can be precipitated at pH values greater than 
~4.3. For the coated platelets shown in Fig. 2, the 
volume fraction of the platelets (based on the fully 
dense composite) is ~20%. The error in the 
platelet volume fraction determined by this method 
is estimated at fl%. 

The quality of the coating on the platelets infl- 
uences the sintering characteristics. For the highly 
cracked coating prepared *without the addition of 
PVP [Fig. 2(a)], the composites reached a density 
of ~92% of the theoretical after sintering for 
30 min at 1800°C. In comparison, the composites 
formed from the coated powders prepared with 
the addition of PVP [Fig. 2(b)] reached a density 
of 98% of the theoretical under identical sintering 

600 800 1000 1200 1400 1600 1800 2000 

TemperatureOC 

Fig. 3. Relative density versus temperature for composites formed from (a) the coated powder and (b) the mechanically mixed 
powder, during constant heating rate sintering of 5°C min-’ to 1800°C. 
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conditions. The results indicate that the more uni- 
form coating produced with the addition of PVP 
leads to a higher sintered density. 

The sinterability of the composites formed from 
the coated powders was compared with that for 
similar composites formed from mechanically 
mixed systems. Figure 3 sh.ows the sintered densi- 
ties of composites at various temperatures. The 
volume fraction of the platelets in the composites 
was ~20 ~01%. The sintered density of the com- 
posite formed from the mixed powders is signifi- 
cantly lower than that for the composite formed 
from the coated powders. 

Scanning electron micrographs of the fractured 
surfaces of the sintered composites formed from 
the coated powder and from the mixed powder 
are shown in Fig. 4. The micrograph of the com- 
posite formed from the coated powder [Fig. 4(a)] 
reveals a dense microstru’cture in which all the 

platelets are separated from one another by the 
matrix phase. However, for the composite formed 
from the mixed powder [Fig. 4(b)], a highly 
porous microstructure is observed. Furthermore, 
most of the porosity is concentrated immediately 
around the platelets. Several platelets appear to be 
interconnected, with a large amount of porosity 
associated with this type of structure. Both 
microstructures reveal an average grain size of the 
matrix equal to 5-10 pm. 

Figure 5 is an optical micrograph of the pol- 
ished surface of the composite formed from the 
coated powder after sintering for 30 min at 
1800°C. A fairly uniform distribution of the 
platelets (light phase) in a highly dense matrix 
(dark phase) is observed. There is almost no evi- 
dence for clustering of platelets, as is normally 
observed for hot-pressed composites formed from 
mechanically mixed systems. 

Fig. 4. The microstructures of the fractured surfaces of the composites formed from (a) the coated powder and i 
mixed powder after sintering. 

[b) the mechanically 
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The data for the flexural strength and fracture 
toughness of the sintered composites produced 
from the coated platelets are shown in Table 1. 

The strength is ~240 MPa while the fracture 
toughness is = 5.4 MPa m”‘. For comparison, the 
data for unreinforced Al,O,, produced from the 

Fig. 5. Optical micrograph of the polished surface of the sintered composite formed from the coated powder, showing a fairly uniform 
distribution of the platelets (light phase) in a highly dense matrix (dark phase). 

Table 1. Flexural strength and fracture toughness values for unreinforced Al,O, and Al,0420 ~01% BC platelet-reinforced composites 
produced in the present work. Values reported in the literature for similar composites are also shown 

Composition 

A1,OJ 
(present work) 
A1203/20 ~01% SIC 
(present work) 
A1,0,/20 ~01% SIC 
(Refs 19,20) 

Fabrication route 

Sintering 

Sintering 

Hot-pressing 

Flexural strength 
(MPa) 

262 f 20 

240 + 14 

120-280 

Fracture toughness 
(MPa m”2) 

3.8 + 0.4 

5.4 + 0.2 

4.5-5.4 

Fig. 6. SEM micrograph of a machined surface of the composites (20 ~01% Sic platelet) used in the flexural strength tests. 
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precipitated alumina prec:ursor powder are also 
included. The calcination, doping and sintering 
steps for the unreinforced Al,O, were similar to 
those for the composites formed from the coated 
platelets. In addition, the grain size of the fabri- 
cated Al,O, material was approximately the same 
as that of the matrix plhase of the composite. 
Within the limits of experimental error, the 
strength values are approximately the same but 
the fracture toughness of the composite is = 1.5 
times higher than that of the unreinforced A&O,. 
Table 1 also shows the ra.nge of data reported in 
the literature19.*’ for similar composites produced 
by hot-pressing of mechanically mixed systems. 
For the data reported in the literature, while the 
average grain size of the Al,O, matrix is not 
known, the SIC platelets were similar to those 
used in the present work. Furthermore, the meth- 
ods used to measure the flexural strength and frac- 
ture toughness were similar to those employed in 
the present work. Qualnatively, the data show 
that the strength and fracture toughness of the 
composites produced in the present work by the 
free sintering of coated platelets are approxi- 
mately the same or even better than the values 
reported for the hot-pressed composites. At least 
two factors can have an influence on the strength 
of the composites: (i) the interfacial bonding 
between the platelets and the matrix and (ii) the 
surface finish of the specimens used in the 
mechanical tests. No detailed work was performed 
for the characterization of the interface. However, 
the surface finish of the s~pecimens was observed. 
As shown in Fig. 6, the surface of the specimens 
contains defects which are as large as the platelets. 
The defects were produced during grinding and 
polishing of the surfaces prior to mechanical test- 
ing. Such defects can significantly reduce the 
strength. An optimized surface finish may there- 
fore be expected to lead to an improvement of the 
measured strength value. 

4 Conclusions 

Conditions were determined for the coating of SIC 
platelets with a uniform, crack-free layer of an 
alumina precursor powder by heterogeneous pre- 
cipitation from solution. The thickness of the pre- 
cursor layer was controlled to achieve a platelet 
volume fraction of 20% based on the theoretically 
dense composite. After calcination to convert the 
precursor layer to A1203, the coated platelets were 
compacted and freely sintered to produce highly 
dense composites. Under -identical sintering condi- 
tions, similar composites formed from mechani- 
cally mixed systems were highly porous. The 

flexural strength and fracture toughness of the sin- 
tered ‘composites formed from the coated platelets 
are comparable to the highest values reported for 
similar composites produced by hot pressing of 
mechanically mixed systems. The present work 
provides further demonstration of the effectiveness 
of the fabrication route based on the use of coated 
inclusions for the production of ceramic matrix 
composites by free sintering. 
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A bstruct 

With reference to sintertng of Sic with L&O- 
Al,O,-SiO, (LAS) melts, equilibrium partial pres- 
sures of SiO, CO and Al,0 resulting from reactions 
of Sic and LAS have been thermodynamically esti- 
mated by taking carbon activity and temperature 
into account. Experimentc!l work involving various 
LAS compositions and dtfirent powder beds showed 
that Sic/40 v% LAS (63.2 wt% Si02, 15.0 wt% 
Al,O,, 19.8 wt% L&O or 55.0 wt% SiO,, 22.5 wt% 
Al,O,, 22.5 wt% Li,O) ccm be denstfied in carbon 
rich powder bed to above 95%). The sintering tem- 
perature (1OO’C above m.p. of LAS) of these 
were the lowest of all. Thermodynamic estimations 
were used to explain the results. XRD, optical 
microscopy and SEM studies also supported the 
explanation. Copyright 0 ~‘996 Elsevier Science Ltd 

1 Introduction 

The difficulties with the si:ntering of silicon carbide 
ceramics have been attributed to the covalent 
nature of its chemical bond, particularly to the 
low surface energy and the low self diffusion 
coefficient resulting from the covalent bond. Suc- 
cessful sintering of silicon carbide has been 
reported and liquid-phase: promotion or additives 
to improve diffusivity and surface energy were 
usually needed for the sintering. The most promising 
additives for liquid-phase sintering are metallic or 
oxide forms of aluminiunl,‘,2 mixtures of alumina 
and yttria,3 and carbon and boron.4 Aluminium or 
alumina, and alumina and yttria form a liquid 
phase during sintering of Sic. Carbon and boron 
were believed to improve the diffusivity of the 
components of Sic. Most of these sinterings had 
to be done on hot press and at high temperature 
(1 19OO”C), which has, to some extent, limited the 
application of these technologies. 

The Li20-A1203-Si02 (LAS) system has been 
successfully used as a binder of silicon carbide 

fibre and the composite made in this way had 
bending strength and fracture toughness as high as 
1380 MPa and 17 MPa m-*, respectively.5 LAS has 
also been used as part of the matrix of a 55 wt% 
Sic45 wt% (LAS/MAS/Ti02) composite. The glass 
matrix was molten at the processing tempera- 
ture playing a role of sintering aid of SiC.6 Since 
liquid-phase-forming temperatures in the LAS 
system are relatively low, low-temperature liquid- 
phase sintering of silicon carbide with LAS melts 
as sintering aids could be a feasible method to 
widen the application of silicon carbide ceramics, 
for example, in cases where high-temperature 
strength is not important. Moreover, most LAS 
glasses can be crystallised through proper heat 
treatment, and therefore, the final parts could 
have satisfactory properties for some applications. 

Reported in this paper is an exploration of 
liquid-phase sintering of SIC with LAS melts with 
eight different compositions. The first problem 
encountered was not the problem of the liquid- 
phase sintering on its own, but the problem caused 
by reactions of silicon carbide and LAS components. 
Systematic thermodynamic analysis of the reac- 
tions of silicon carbide with Si02, Li,O and Al203 
in LAS melts has been done and is here reported. 

2 Chemical Equilibrium of Sic and LAS Melts 

Chemical equilibrium of Sic and LAS melts 
involves the reactions of SIC with the SiO,, the 
Li20 and the Al203 in LAS glass. These reactions 
usually produce evaporating phases, such as SiO, 
Al20 and CO, and solid phases, such as Li,C, and 
Al,C,. Understanding and controlling these reac- 
tions is of great importance in liquid-phase sinter- 
ing of SIC/LAS. Thermodynamic analyses of this 
system may start with the following reaction 

Sic(s) + 2 SiO,(l) = 3 SiO(g) + CO(g) (1) 

At certain equilibrium temperature T and certain 
activity of Si02, ASio2 in LAS melts, the equilibrium 
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partiai pressures of SiO and CO, Psio and PC0 are 
related by 

3 In Psi0 + In Pco = f,(T) + 2 In Asio~ (2) 

wheref,(T) = A,G”/(-RT), A,@ is the standard free 
energy change of reaction (l), R is the gas constant 
and T the absolute temperature. 

The ranges of variation of Psi0 and PC0 are 
confined by possible reactions taking place as the 
carbon activity A, and the silicon activity Asi in 
silicon carbide are unity, respectively. For A, = 1, 
a reaction taking place is: 

C(s) + SiO,(l) = CO(g) + SiO(g) (3) 

and 

ln pSiO + In Pco = h(T) + ln ASiOz (4) 

For Asi = 1, another reaction taking place is: 

Si(1) + SiO,(l) = 2 SiO(g) (5) 

and 

21n pSiO = h(T) + In ASi (6) 

In Fig. 1, in which PC0 and Psi0 are related by 
eqn (2) at different temperatures, the upper limits of 

Psio and PCO, A, are determined by eqn (2) and 
eqn (4) and the lower limits, A’, are determined by 
eqn (2) and eqn (6). Between the two limits, Psi0 and 
PC0 are determined by taking A, or Asi in eqn (3) 
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Fig. 1. Relationship between equilibrium partial pressures of 
CO and SiO in the reaction of Sic with LAS at different tem- 
peratures: AA’ for reaction (l), BB for reaction (9), 0 crossed 
points by AA’ and BB’ at temperatures 1027, 1127, 1227, 1327 
and 1427°C. Bold lines refer to the predominant reactions at 

each temperature. 

and (5) into consideration. A, and Asi are not 
independent of one another, since the following 
equations will always be held at any temperature: 

and 

Sic(s) = Si(l) + C(s) (7) 

In Asi + In Ac =f7 (r) (8) 

Psi0 as well as PC0 is thus a function of T and A,. 
Another possible reaction taking place in the 

system SIC-LAS is the reaction of Sic with L&O, 
which may be expressed as follows: 

and 

3 Sic(s) + 2Li,O(s,l) + CO(g) 
= 3 L&C,(s) + 3 SiO(g) (9) 

3 In Psi0 - In PCO =fg (T) + 2 In Ati,o (10) 

where ALizo is the activity of L&O in LAS. Equa- 
tion (10) is also shown in Fig. 1. The varying 
ranges of Psi0 and PC0 are also determined by the 
A, in SIC. At A, = 1, the upper limits of Psi0 and 
Pco, B, in Fig. 1 are determined by eqn (10) and 
the following equations: 

3 C(s) + Li,O(s,l) = Li,C,(s) + CO(g) (11) 

and 

ln Pco =frl (r) + ln AI.i2O (12) 

The lower limits B are located by eqn (10) and the 
following: 

2 Sic(s) + Li,O(s,l) = L&C,(s) + SiO(g) + Si (13) 

and 

In pSiO =h3 (0 + In ALi2O (14) 

AA’ has a negative slope of 3 and BB’ has a posi- 
tive slope of 3, which are determined by eqns (1) 
and (9) in double logarithm scale (Fig. 1). 

Ji’(7’) = AiGO/(-RT) for each equation can be 
estimated by using thermodynamic data in JANAF 
Thermodynamical Tables.7 As activities of SiOz 
and L&O are not considered, A-A’ as well as B-B’ 
at temperatures from 827°C (1100 K) to 1727°C 
(2000 K) have been estimated and the A-A’ and 
B-B’ in Fig. 1 are the results of these calculations. 

In Fig. 1, it can be seen that, at 827°C (1100 K) 
and 927°C (1200 K), B-B’ are on the left side of 
A-A’, which means that the reaction between SIC 
and SiOz takes place, but the one between Sic and 
L&O will not, or that the interface between SIC 
and Si02 is’ not stable but the interface between 
Sic and L&O is. Above 1427°C (1700 K), B-B’ are 
on the right side of A-A’, which means that the 
interface between Sic and SiOz is stable and the 
interface between Sic and L&O is not. At 1027”C, 
1127”C, 1227”C, 1327°C and 1427°C (1300, 1400, 
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1500, 1600 and 1700 K, respectively), A-A’ and 
B-S cross. The crossed points correspond to the 
following equilibrium 

were different from that of this paper. Some results 
can be translated to one another. 

4 Sic(s) + 2 SiOZ( s.1) + 2 Li,O(s.l) 
= 6 SiO + 2 L&C2 (15) 

in which AC is fixed for each temperature (degree 
of freedom is reduced by one), and the Psio and 
PC0 at the crossed points, 0, calculated accordingly. 

Since Al,O, is also an :important component in 
LAS melts, the following equilibrium may also be 
established: 

High total partial pressure is produced by consum- 
ing Sic and LAS melts, which, besides decomposing 
Sic, is harmful to the sintering process. Bloating 
bubbles filled with these high-pressure evaporating 
gases hinder shrinkage and leave large volume 
fractions of voids. Successful sintering has to be 
conducted in such conditions that the total partial 
pressure is as low as possible. According to Misra’ 
and Jacobson, et uI.,~ the total pressure has to be 
lower than ambient in order to keep SIC stable. 

Al,O,(s) + Sic(s) = Al,O(g) + SiO(g) + CO(g) (16) 

and 3 Experimental 

In PAI2O + In P,i, + In PCO =f,6 (T) (17) 

Therefore, PAlO is also a function of T and A,. 
Oxygen partial pressure can be also estimated, but 
it is very low (s10-‘9 Pa according to calculation) 
so that it is neglected hereafter. 

Psi09 Pco and ~‘AI~O as functions of T and A, are 
plotted in Figs 2a, 2b and 2c, respectively. In these 
figures, A, is varying from unity to A, = A,(T) at 
which Asi = 1 and T = 827, 927, . ..1727”C. Psio, 

PCO and PAI?O shown in Fig. 2 are those produced 

The starting materials used in this work are: a-Sic 
powder, produced by H. C. Starck, Germany, the 
BET specific surface of which is 5600 m2/kg and the 
carbon content of which is 28.8 wt%, lower than 
that of stoichiometric silicon carbide (29.2 wt%); 
lithium carbonate produced by M&B, England; silica 
precipitated and acid washed produced by BDH, 
England; and aluminium oxide also produced by 
BDH, England. 

by thermodynamically most possible reactions. This 
means that, for T = 827°C and 927°C they are 
produced by reaction (1) for T = 1527°C and above, 
they are produced by reaction (9) for T = 1027, 
1127, 1227, 1327 and 1437”sC, they are, in the carbon- 
rich side, produced by reaction (9) and in the silicon- 
rich side, produced by reaction (1). The inflections 
on these curves are corresponding to the alternatives 
chosen for the reactions. The partial pressures at 
these inflections are the same as the cross points 0 
in Fig. 1. 

The total pressure of evaporating phases, P = 

‘SiO + pCO + pAl2O is also plotted against A, at 
different temperatures in IFig. 3. Besides the inflec- 
tion resulting from Psi, versus A,, PC0 versus A, 

and PAI2O versus AC in Fig. 2, it can be also seen 
that the total pressures are above lo5 Pa at temper- 
atures above 1277°C as A, = 1 or at temperatures 
above 1527°C as Asi = 1. At each temperature, P 
is decreased with reducing A,, but below 1527°C 
the minimum total pressure is not at A,i = 1 and 
is somewhere in between but close to Asi = 1. 
They may be picked up and are listed in Table 1. 

LAS glasses were prepared by making and firing 
the mixtures with various compositions shown in 
Table 2 in platinum crucibles. The amount of 
lithium carbonate in the mixture is 5 wt% higher 
than the designed composition so that the loss of 
lithium oxide during melting may be compensated. 
The firing temperature of each glass was about 
200°C above the liquidus of the corresponding 
composition in the LAS phase diagram” and the 
dwell time at this temperature was more than one 
hour. The LAS melts were quenched into cold water 
to become transparent glasses, which were subse- 
quently broken and milled by attrition milling into 
powders of sub-micron size. Some larger pieces of 
transparent glasses were chosen for the measure- 
ment of the ‘theoretical’ density of these glasses. 
Part of each glass was crystallised through heat 
treatment and the phases identified by XRD were 
all in agreement with the LAS phase diagramlo 
being listed in Table 2. Eight different LAS sys- 
tems listed in Table 2 were used as candidates of 
sintering aids of Sic ceramics. 

In LAS melts the activities of SiO,, L&O and 
A1203 are reduced. The reduced activities will affect 
the partial pressures of (evaporating phases. But 
these effects are not taken into account because 
many factors affecting them are unknown. Thermo- 
dynamic and kinetics of reactions of SIC and 
A&O, and SIC and SiO, have been studied by 
Misra’ and Jacobson et al9 but the sight angles 

Since this paper is focused on the effects of evapo- 
rating phases produced by the reaction of SIC and 
LAS melts on the sintering behaviour of Sic/LAS, 
the experimental work mainly covered the following: 

Q-Sic powder and each of the LAS glass pow- 
ders listed in Table 2 were mixed and ball milled 
for 8 h in deionised water using an agate container 
and agate balls. The pH value of the suspension 
was adjusted in advance to 11 according to the sug- 
gestion of Almeida et ~1.‘~ The good suspensions 
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obtained were dried and powders were screened liquid-phase sintering. The samples were all first 
through 200 mesh. Samples with different LAS glasses uniaxially pressed under 150 MPa and then cold iso- 
were made exactly in the same way. The relative static pressed under 300 MPa into pellets of 10 mm 
amount of LAS in all samples was the same, i.e. 40 diameter and 4-6 mm thickness. Sample number 
v% which guaranteed enough liquid phase for was the same number of the glass list in Table 2, for 
rearrangement of silicon carbide particles during example, Sample 3 means Sic/40 v% glass 3. The 
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Fig. 2. (a) Carbon activity dependence of equilibrium partial pressure of SiO produced by predominant reactions at diff- 
erent temperatures. (b) Carbon activity dependence of equilibrium partial pressure of Al,0 produced by predominant reactions at 

different temperatures. (c) Carbon activity dependence of Al,0 produced by predominant reactions at different temperatures. 
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heating rate was SO”C/min, the sintering tempera- 
ture was the temperature 100°C above the melting 
point (liquidus) of the glass in the sample and the 
dwell time was always 0.5 h. In cooling, the power 
supply to the sintering furnace was turned off and 
cooling water kept running. Three kinds of powder 

-5 
/ 

O.cool 0.001 0.01 0.1 1 

Aotimfty of C&an 

Fig. 3. Carbon activity dependence of total equilibrium partial 
pressure of evaporating phases produced by predominant 

reactions at different temperatures. 

bed were chosen: PDl was the same powder as the 
samples in which reaction of SIC with different 
components is assumed approximately stoichiomet- 
ric, PD2 was an equimolar mixture of carbon black 
and each sample powder, in which carbon activity 
is unity, PD3 was an equimolar mixture of pure 
silicon and each sample powder, in which silicon 
activity is unity. Sintering processes were conducted 
in a furnace (Thermal Technology Inc., USA) with 
graphite heating element. Samples and powder 
beds were put in a closed alumina crucible so that 
they were isolated from the carbon atmosphere of 
the furnace. Inert gas (argon) was always used and 
the sintering process was always in a well-closed 
chamber, which means that argon was flowing 
through the furnace until 600°C and the furnace 
then tightly closed until the sintering was over, 
during which argon was over-pressured by 75 kPa. 
Weight, density and dimension of samples before 
and after sintering were carefully measured. XRD, 
SEM and optical microscopy were used for charac- 
terisations. Relative density and weight loss shown 
in this paper are the average of 12 samples of 
the same sort of composition in three runs in the 
same conditions. 

4 Results and Discussion 

After several runs of closed-chamber sintering, some 
fine powder deposits on the furnace wall could 

Table 1. Total partial pressure of evaporating phases in the equilibrium of Sic with LAS 

Temp. PX #Pa 
(“c) as Ac = 1 

827 3.7OE-06 
927 5.99E-05 

1027 0.00176 
1127 0.042209 
1227 0.676196 
1327 7.799071 
1427 114.1237 
1527 1409.583 
1627 12054.54 
1727 77309.13 

P,i, X 16 Pa AC 
at pain 

l.l9E-08 0.010328 
3.02E-07 0.010328 
4.74E-06 0.014716 
503E-05 0.023875 
0.000382 0.023875 
0.00229 0.036792 
0.012685 0.023875 

- 

PX @Pa A, 
as A,, = 1 as Asi = 1 

264E-08 0.000956 
5.99E-07 0.001665 
8.33E-06 0.002919 
7.93E-05 0.004723 
oxtOo 0.007168 
0~003073 0.010328 
0.013293 0.014716 
0.205525 0.023875 
3.819429 0.036792 

51.075 0.054274 

Table 2. LAS glasses used as SIC sintering aids in this paper 

No Composition (wt’%) Point in LAS phase diagram” Liquidus Melt at Densit 
SO, *l,O., Li,O W9 (“0 

Y 
Wm 1 

1 65.2 15.0 19.8 Eutectic of LS&(LA4S) 1027 1227 2.33 
2 55.0 22.5 22.5 Triple point at 1050°C 1050 1257 2.23 
3 64.8 21.5 13.7 Hyper-eutectic of LS*&LA4S 1250 1427 2.40 
4 65.2 25.0 9.8 Hyper-eutectic of LS*&LA4S 1327 1527 2.46 
5 47.6 40.5 11.9 Li20A1,0,2SiOz(LA2S) 1400 1607 2.50 
6 64.5 27.4 8.1 Li,0A12034Si02 (LA4S) 1425 1627 2.48 
7 40.0 50.0 10.0 (LAZS + LA* + L5A* + A1203)” 1577 1777 2.80 
8 10.0 77.8 12.2 Eutectic of LiAl,O,&Al,O, 1650 1877 2.81 

Note: *LS = Li,OSiO,, LA = L&O A&O,, L5A = Li,05A1,03. 
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always be found and XRD analyses of these powders 
often gave Si, Sic and SiOz, which are believed to 
be the products of low-temperature condensations of 
evaporating phases produced at high temperature 
by the reactions of SIC and LAS. This kind of reac- 
tion and the effects of these reactions on the sin- 
tering behaviour of SIC/LAS are the focal point of 
this. paper. 

Wettability of LAS glasses listed in Table 2 to 
Sic used in this study was proved by simply melting 
LAS on the top of Sic pellets. It has been found 
that all these glasses spread on the surface of Sic 
pellets and infiltrated into the pellets at the temper- 
atures 100°C higher than the melting point, i.e. the 
sintering temperatures. The driving force of liquid- 
phase sintering is the capillary pressure between 
solid particles exerted by the liquid phase, which 
is dependent on the wettability of the liquid on the 
solid.13 The resistance of liquid-phase sintering 
is from the viscosity of the liquid phase.13 Since 
the sintering temperature was always 100°C higher 
than the LAS melting point, viscosity of these glasses 
should not be very different. Sintering time was 
kept to 30 min, which has been thought long 
enough for the completion of rearrangement of 
solid particles in LAS melts. It may be reasonably 
assumed that the controlling factor of the liquid- 
phase sintering of Sic in LAS is only the reactions 
of Sic with the components in LAS. These reactions 
consumed the materials within the samples and the 
evaporating phases produced permeated and filled 
voids inside the samples, strongly hindering centre- 
to-centre approaching and rearrangement of Sic 

in PO1 
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Fig. 4. Relative densities and weight losses of the samples in Fig. 6. Relative densities and weight losses of the samples in 
PDl (stoichiometric). The numbers are sample number related Pd3 (silicon-rich). The numbers are sample number related to 
to the sintering temperatures, 1OO’C higher than the liquidus the sintering temperatures, 100°C higher than the liquidus 

(melting point) of LAS composition inside the samples. (melting point) of LAS inside the samples. 

particles in liquid phase. High partial pressure of the 
evaporating phases is apparently harmful to sintering. 

Figures 4, 5 and 6 show the results (relative 
density and weight loss) of closed-chamber sinter- 
ing of Sic with different LAS in PDl, PD2 and 
PD3, respectively. The numbers in these figures are 
the sample numbers. From these figures, it can be 
seen that, when the sintering temperature was 
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to the sintering temperatures, 100°C higher than the liquidus 

(melting point) of LAS composition inside the samples. 

100 

95 

90 

s > .% 
e 

2 85 

f ._ 

i? 

z 

80 

75 

70 

I” PO3 

1100 1200 1300 1400 1500 IS00 1700 

Sintaring Temperature I CI 



Sintering of silicon carbide with LAS melts 1227 

increased from sample 1 to 8, the relative density 
decreased. For samples sintered in PDl, the fastest 
relative density decrease appeared at temperatures 
from 1427°C (sample 4) to 1507°C (sample 5) 
(Fig. 4), and for samples sintered in PD2, density 
drop occurred from 1177°C (sample 2) to 1327°C 
(sample 3) (Fig. 5). This could be explained by the 
following: 

In Fig. 4, since PDl has the same composition 
of embedded samples, the reactions taking place in 
PDl and inside samples should be thermodynam- 
ically the same. Higher relative density obtained at 
lower sintering temperature may be attributed to 
the lower partial pressures. of evaporating phases 
resulting from these reactions taking place at these 
lower temperatures. It is s-uggested in Fig. 1 that, 
at any temperature from 1027 to 1427”C, AA’ and 
BB’ are crossed and a three-component reaction, 
reaction (15) may be dominant, particularly during 
the sintering at 1427°C (s.ample 4 in PDl). The 
total equilibrium partial pressure of evaporating 
phases produced by reaction (15) at 1427°C is rela- 
tively low (0 in Fig. 1 and inflection points in Fig. 3) 
since the raw Sic powder used in this study was 
carbon-poor (28.8 wt% of carbon instead of 
29.2 wt% for stoichiometric Sic). But at the tem- 
peratures above 1427”C, BB’ is on the far right side 
of AA’, and reaction (9) is dominant. The total partial 
pressure of the evaporating phases is thus orders of 
magnitude higher than at temperatures of 1427°C 
and below (Fig. 3). The big jump of total equilib- 
rium partial pressure from 1427 to 1507°C may be 
responsible for the fastest relative density decrease 
occurring in the same temperature range. The sud- 
den increase in weight loss in Fig. 4 from 7.5% to 
14% in the same range also supports this explana- 
tion. The sintered samples were X-rayed and L&C2 
was not found in sample 4 (PDl, 1427°C) and 
samples sintered below 1427°C but was detected 
in sample 6 (PDl, 1527°C) (see A and C in Fig. 
7). Li,C, is the product of either reaction (9) or 
reaction (15). For low partial pressure (low tempera- 
ture) samples, L&C, may be too small to be found. 
The L&C, detected in sample 6 (PDl 1527°C) was 
most likely produced by reaction (9) because only 
this reaction is predominant and gives higher pres- 
sure gas phases as well as a large amount of L&C,. 

In Fig. 5, sample 1 (PD2 1127°C) and sample 2 
(PD2 1177°C) gave the highest relative densities and 
a negative weight loss (weight gain). A quick density 
decrease was found from isample 2 (PD2 1177°C) 
to sample 3 (PD2 1327°C) and the weight loss 
started to be positive after sample 2. As has been 
said, PD2 is carbon-rich, and therefore the highest 
total partial pressure of evaporating phases is 
expected (Figs 1 and 3). However, total equilibrium 
partial pressures of evaporating phases through 

reactions inside the samples are much lower because 
A, inside the samples was reduced (Sic powder 
used was carbon-poor, 28.8% instead 29.2% for 
stoichiometric Sic; see also Fig. 3). Therefore, the 
reactions in PD2 prevailed over the possible reac- 
tions inside samples 1 and 2. Moreover, Psio and 
PC0 by PD2 (A, = 1) at 1127°C and 1157°C may 
even make reaction (1) inside the samples proceed 
from right to left. No in-situ evaporating phases 
could be generated and no mass consumption 
could occur, and thus no sintering resistance 
existed. The weight gain found in these samples 
may also partially be caused by these. As sintering 
temperature was increased (from sample 3 PD2, 
1327°C onwards), since the total partial pressures 
are above 0.1 MPa (Fig. 3), evaporating gases from 
PD2 may diffuse into the sample and tiny amount 
of carbon may be formed inside the samples 
through the reversible reaction (3), making A, inside 
the samples change from less stoichoimetric towards 
1 and initiating the reactions with high A, between 
SIC and the LAS inside the samples. Partial pres- 
sure of evaporating gases higher than 0.1 MPa due 
to high carbon activity, may start to be created and 
high amount of mass consumption may occur, thus 
giving much lower relative density and positive 
weight loss (Fig. 5). This situation may be defined 
as an equilibrium between powder bed and sample. 
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Fig. 7. X-ray diffraction results of sintered samples: 
A: Sample 4 PDl 1427°C LiC not found 
B: Sample 3 PD2 1327°C LiC found 
c: Sample 6 PDl 1527°C LiC found 
D: Sample 1 PD2 1127°C LiC not found 
E: Sample 7 PD3 1677°C LiC found. 
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The establishment of this equilibrium certainly needs 
higher temperature and higher gas pressure. Sam- 
ple 1 (PD2 1127°C) and sample 3 (PD2 1327°C) 
were also examined with XRD. L&C, was detected 
in sample 3 (see Fig. 7B), but not seen in sample 1 
(see Fig. 7D). L&C, was also found in higher-tem- 
perature samples in PD2. This supports the presump 
tion that gas-generating reactions really took place 
inside the sample 3 (PD2 1327°C) and other higher- 
temperature samples, but may not exist in low- 
temperature samples (e.g. sample 1 PD2 1127°C). 

Weight gain found in samples 1 and 2 (PD2) 
could also possibly result from the condensation 
inside the samples of the evaporating phases gener- 
ated by PD2 - mass transport from carbon-rich 
powder bed to sample during cooling. This conden- 
sation may also exist in other samples, and the weight 
loss in these samples was probably the net result of 
the condensation and gaseous phase evaporating 
(materials consuming). Samples 1 and 2 (PD2) in 
Fig. 5, which were 958% and 96.2% dense, respec- 
tively, were polished and photographs taken from 
optical microscopy are shown in Figs 8 A and B, 

respectively. They were also examined under SEM 
using back-scattering, shown in Fig. 9. They were 
basically close porosity. SIC particles were regularly 
arranged in the glass matrix (bright particles are 
SIC and dark background is glass). X-ray results 
(Fig. 7) show that the glass phase was crystallised 
even without post-sintering heat treatment. 

Sample 7 (PD2 1677°C) was also examined 
under SEM (Fig. lo), P-Sic whiskers were found 
inside a hole of this sample. SIC whiskers are usually 
formed through gas reaction which has been dis- 
cussed by many researchers, typically referred to 
Miller.14 The appearance of SIC whiskers provides 
more evidence that evaporating phases were gen- 
erated during sintering and the evaporating phases 
could be condensed to become secondary carbide, 
e.g. Sic whiskers. SEM observation was also done 
on sample 4 (PD2 1427°C); small particle agglom- 
erates between SIC grains shown in Fig. 11 could 

Fig. 8. Optical micrographs of polished samples 
A: Sample 1 PD2 1127°C 
B: Sample 2 PD2 1177T. 

Fig. 9. SEM back-scattering micrographs of polished samples 
A: Sample 1 PD2 1127°C 
B: Sample 2 PD2 1177% 
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Fig. 10. SEM secondary electron micrographs of sample 7 sin- 
tered in PD2 at 1677°C. (SIC whiskers were found in a hole). 

Fig. 11. SEM secondary electron micrographs of sample 4 
sintered in PD2 at 1427°C. (Carbide agglomerates were found 

between SIC particles). 

also be a newly formed secondary carbide by the 
reversible reactions inside the sample. 

It becomes necessary to recall that the calculation 
results in Section 2 are all for equilibrium states; 
equilibrium between SIC and LAS (in either powder 
bed or in sample), and the equilibrium partial pres- 
sures of evaporating phases are, according to the 
calculations, very high, e.g. 77309.13 X lo5 Pa for 
Ac = 1 at 1727°C (Fig. 3 and Table 1). It seems, 
therefore, that kinetic factors have to be considered 
in most cases. Jacobson et al9 studied the kinetics 
of the reaction of SIC with SiO, and showed that 
the reaction from commencement to equilibrium 
may need 2-3 h or longer. The sintering time of 
this study was only 30 min, which probably means 
that the results reported here were far away from 
equilibrium. Explanation of these results on the 
basis of thermodynamic calculations may be only 
referred to as the tendency of these reactions. 
Kinetic considerations are beyond the scope of this 
paper, but it is suggested that kinetic resistance 
could be used to avoid these reactions which are 
harmful to sintering. Lowering the temperature of 
sintering via adjusting compositions in LAS melts 
not only lowered equilibrium partial pressures but 
also offered a high kinetic resistance. 

Samples sintered in PD3 were never well densified Another equilibrium discussed above is the equi- 
and weight losses were relatively large as shown in librium between powder bed and sample. Ac inside 
Fig. 6. Since PD3 was Si-rich (Asi = I), A, in PD3 samples was initially almost the same (28.8 wt% of 
was the least. The total equilibrium partial pressure carbon in Sic, slightly less than stoichiometric). 
inside PD3 should be alwa.ys lower than that inside During the equilibration between powder bed and 
the samples, where A, is slightly less than stoichio- sample, the A, inside the samples and the A, 
metric (Fig. 3). Materials inside samples may be in powder beds will approach each other. This equi- 
transferred to powder bed (PD3) by an expansion librium may also have kinetic resistance. In the 
of the gases inside the samples. Even for samples 1 sintering of samples 1 (PD2 1127°C) and 2 (PD2 
and 2 sintered in PD3, the sintering temperatures 1177”(Z), the kinetic resistance may be too high 
were relatively low, and tlhe relative densities were to increase Ac inside the samples to reach the equi- 
lower than those sintered in PDl and PD2. At librium so that the reactions inside the samples 
higher sintering temperatures, above 1507°C e.g. were effectively inhibited and successful sintering was 
samples 5-8, the predominant reaction both inside realised. During sintering at higher temperatures, 
the samples and inside PD3 is reaction (9) instead the kinetic resistance towards equilibrium will be 
of reaction (1). The gas pressure by reaction (9) is reduced and carbon-rich powder beds will not 
higher than that by reaction (1) in the whole range help with the densification of the samples. 

of Ac (Fig. 1). Even though the equilibrium between 
PD3 and the samples may also be established and 
the Ac inside the samples may be also reduced to 
approach the minimum (Asi = l), and the total 
partial pressure inside the samples may be lower than 
that before the equilibrium, the absolute pressure 
is high, about 0.21 X lo5 Pa, 3,82 X lo5 Pa and 
5 1.08 X lo5 Pa for samples 6 (1527”Q 7 (1677°C) 
and 8 (1777”C), respectively according to Table 1. 
Silicon-rich powder beds (PD3) may never favour 
the sintering. XRD for sample 7 (PD3 1677°C) 
also gave Li,C$ (Fig. 7E) which indicated that 
reaction (9) may be predominant at 1677°C. 
Weight loss in Fig. 6 was not significantly larger 
than for other cases even though relative density 
was lower. 
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5 Conclusions References 

1 Thermodynamics has predicted that Sic reacts 
with the components in LAS melts. The equilib- 
rium partial pressures of SiO, CO and Al,0 have 
been calculated by varying carbon activity and 
equilibrium temperature. 
2 SQ40 v% LAS (65.2 wt% SiO,, 15.0 wt% A&O,, 
19.8 wt% L&O or 55.0 wt% SiO,, 22.5 wt% Al,O,, 
22.5 wt% L&O) has been successfully sintered at 
low sintering temperatures (1127°C and 1177°C 
respectively) by using a powder bed with unity 
carbon activity. High carbon activity in powder 
bed and low sintering temperature inhibited the 
reactions producing evaporating phases inside the 
samples. 
3 Sic/40 v% LAS (other compositions) had to be 
sintered at higher temperatures and the sintering 
was less successful. This could be attributed to the 
reactions of SIC with the components of LAS. 
Thermodynamic explanation, XRD and SEM 
observations all suggested that these reactions 
were responsible for the unsuccessful sintering. 
4 The reactions of Sic with LAS could be con- 
trolled by changing carbon activity both in the 
powder bed and in the samples and by lower- 
ing sintering temperature. Advantages in kinetic 
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Abstract 

The reactive joining of an SiC’/SiC composite with 
a zinc borate glass was studied at various tempera- 
tures, in order to optimize the joining process and to 
fully understand the reactivity between glass and 
composite. A temperature-dependent gas-producing 
redox reaction between ZnO and Sic was found to 
give gradual disappearance of the bubbles and crys- 
tallites always present in the range from 700 to 
12OO”C, and to yield a highly amorphous, bubble- 

free joint. This study permitted us to prepare single 
lap shear test specimens with minimal void content 
in the joint, i.e. a fully reacted and amorphous joint. 
The shear strength value obtained for these joints 
was higher than 1.5 MPa at room temperature. 
Copyright 0 1996 Elsevier Science Ltd 

Introduction 

Sic-fibre reinforced SIC composites (SiC,/SiC) 
have good thermomechanical properties and chemical 
inertness, making them attractive structural mate- 
rials for high-temperature applications.’ However, 
the non-weldability and poor workability of these 
materials hinder the fabrication of large or com- 
plex structural parts. Assembling techniques such 
as mechanical fastening have limitations because 
of the inherent brittleness of the fibrous composite 
surface and the stress concentration around rivet 
and bolt holes. There is, therefore, a strong need 
for simple adhesive joining techniques, able to 
give thermomechanically reliable structures. 

Joining of monolithic Sic has been demon- 
strated using various techniques including diffusion 
bonding,2 brazing with alloys3 and the utilization 
of a polymeric precursor.4 These studies give use- 
ful information on chemical reactivities but the 
composite and monolithic Sic have different 
microstructural and microchemical surface prop- 
erties and, hence, the joining techniques developed 

*To whom correspondence should be addressea. 

for monolithic Sic are not directly transferable to 
SiC,,SiC composites. Yet there is only a limited 
amount of literature available on this subject. 
Rabin’ joined Sic&Sic composites by hot-pressing 
and combustion of Ti-C-Ni joining agents, while 
Coon6 studied the joining of SiCdSiC composites 
using various lithium aluminosilicate glasses. 

Indeed, vitreous joining offers some distinct 
advantages. First, the mechanical and structural 
properties of the joint can be tailored by control- 
ling the glass composition (i.e. wettability with the 
composite, interfacial strength and reactivity, glass 
infiltration into the composite porosity). More- 
over, the strength of the joint can be improved by 
ceramisation of the glass. Finally, vitreous joining 
is usually performed at a temperature where the 
glass is already softened or even melted and, 
therefore, it does not require application of an 
external pressure. This last point may be interest- 
ing for applications involving components of large 
dimensions or difficult access. 

In a previous paper7 we reported on the reactiv- 
ity of SiC,-/SiC composites with a zinc borate 
glass, chosen as joining agent. We found that the 
glass developed a redox reaction among Sic 
fibres, free carbon present in the composite and 
the ZnO present in the glass. In the present work 
we have attempted to investigate which reactions 
occur between ZBM glass and SiC{SiC compos- 
ites for a wide range of temperature, and then to 
use the results of this study to prepare joints of 
maximized shear strength. 

Experimental 

The molar composition of the glass chosen as 
joining material is: 50.46% ZnO, 29.48% B,O,, 
9.12% MgO, 4.53% Si02, 4.04% A1203 and 2.37% 
Na20.738 Powders of the different oxides were 
mixed together in a platinum crucible and heated 
for 30 min at 1200°C. The melt was poured 
and cooled to room temperature. The resulting 
transparent glass was ground down for X-ray 

1231 



1232 P. Lemoine et al. 

diffraction analysis (XRD; Philips PW 1710), diff- 
erential scanning calorimetry (DSC; Perkin-Elmer 
7) and differential thermal analysis (DTA; Netzsch 
4045). A heating microscope (Leitz GmbH; AII) 
permitted observation of the softening and melt- 
ing of the glass. Cube samples of dimensions 3 X 3 
X 3 mm3 were formed with pressed glass powder, 
or by hard-grit paper polishing and shaping of a 
bulk glass sample. The cubes were positioned on a 
Pt-coated AlzO, plate in the microscope’s furnace 
and heated to 1200°C (10°C min-‘). 

The SiC#iC composite utilized in this study 
was a unidirectional reinforced material (from 
Dornier GmbH and German Aerospace) prepared 
by the liquid infiltration pyrolysis technique. 

The reactions between the ZBM glass and the 
SiC,KjiC composite were studied in the heating 
microscope on sandwiches made from two pol- 
ished composites and a thin, pressed pellet of glass 
powder (0.3 to 0.6 mm thickness). One sandwich 
was heated from room temperature to 1200°C 
under argon flow at about 20°C min-’ and some 
photographs were taken while heating, as shown 
in Fig. 1 (the composite/glass interfaces were graphi- 
cally superimposed). 

To determine the best joining temperature, other 
sandwiches were heated to the chosen temperature 
(700, 800, 880, 900, 930 and 1200°C) and isother- 
mally treated for 45 min. The samples were then 
analysed using scanning electron microscopy and 
energy-dispersive spectroscopy (SEM-EDS; Philips 
525M SEM and Philips 9100 EDAX); the results 
for the polished and cross-sectioned sandwiches 
(Fig. 2) are shown in Table 1. Finally, mechanical 
testing of the most promising joints was per- 
formed on single lap shear specimens of the 
ASTM 2733 type, with a SINTEC D/l0 material 
testing machine. 

Results and Discussion 

The characteristic temperatures of the ZBM glass 
were found by DSC, DTA and heating micro- 
scopy: the glass transition (T,) is at 536 f 3°C; the 
first and second crystallizations (T,, and r,,) are 
at 676 _+ 10 and 779 f 5°C respectively; the soft- 
ening point is at 650 f 10°C; and the melting tem- 
perature onset is at 880 f 10°C.7 

In order to investigate the reactivity between 
glass and composites, one sandwich was heated on 
the heating microscope from room temperature to 
1200°C: Figures l(a)-(i) show contrast pho- 
tographs taken in the microscope during heating. 
First, softening of the glass pellet can be seen at 
650°C [Fig. l(b)]. Then, from 650 to 1200°C [Figs 
l(b)(i)], the vitreous joint expands, reacts and 

shows the formation of some bubbles. This bub- 
bling is strong enough to displace the upper com- 
posite [Figs l(g) and (h)] and seems to be at its 
maximum around 1 lo@-1200°C. Above this tem- 
perature range the bubbles progressively disap- 
peared and the joint regained its homogeneous 
and bubble-free appearance, with a good wetting 
angle with the composite (6 = 35”) [Fig. l(i)]. 

Zinc oxide has a well-known reactivity towards 
carbon to give metallic zinc and carbon monoxide 
[see below, reaction (1)]: the same reaction could 
be foreseen between zinc oxide and silicon carbide 
to give metallic zinc, carbon monoxide and silicon 
monoxide [reaction (2)]. Since free carbon is 
always present in the Sic&Sic composites in vari- 
able percentages depending on the preparation 
process, reaction (1) is the most probable at the 
glass/composite interface. At 906°C Zn is a gas 
and there are at least two gaseous species present 
above this temperature: gaseous zinc and carbon 
monoxide (effectively, some metallic Zn was always 
found at the cold bottom of the oven after the 
joining process), The observed swelling and dis- 
placement of the upper composite in Figs l(g) and 
(h) are likely to be due to these gaseous products. 

ZnO(s) + C(s) + Zn(g) + CO(g) (1) 

2ZnO(s) + Sic(s) + 2Zn(g) + SiO(g) + CO(g) (2) 

By observing Fig. 1, one could say that a heating 
treatment of about 45-50 min from room temper- 
ature up to 1200°C (20°C min-‘) can apparently 
give joints without bubbles, but no information is 
given about the kinetics of the process: i.e. it is 
not known how long it takes for the gaseous 
species to complete their reactions at a given tem- 
perature. For example, Fig. l(d) taken at 950°C 
shows an evident increase of the joining material 
volume, but it is not clear whether this is due to 
the formation of bubbles and/or to a crystalliza- 
tion with volume increase; also, it cannot be pre- 
dicted how long this reaction takes to end. 

For these reasons, other sandwiches were 
heated from room temperature to a temperature 
in the range 700-1200°C and isothermally heated 
for 45 min at that temperature. (Longer heating 
times would probably be detrimental for the 
mechanical properties of the composites.) Further- 
more, we tried to obtain sandwiches joined at the 
crystallization temperatures of the glass, with the 
aim of preparing a glass-ceramic joint that would 
be thermally and mechanically more stable than a 
vitreous one. 

SEM micrographs of the cross-sections of sand- 
wiches prepared at different temperatures are 
shown in Figs 2 (a)-(f). The first joined structure 
[Fig. 2(a)], obtained at 700°C (above the softening 
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a b 
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h 9 i 

Fig. 1. Contrast photographs of an SiCf/SiC/ZBM/SiC@C sandwich (magnification: 3x) taken in the heating microscope during 
heating. The temperatures at which the photographs were taken are indicated. The composite/glass interfaces have been graphically 

superimposed. 
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2a 2b 

2e 

Fig. 2. SEM micrographs of cross-sectioned SiCJSiCiZBMI SiC&iC sandwiches heat-treated for 45 min at diierent temperatures, 
as indicated on the micrographs. 
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Table 1. Effect of heat treatment on morphology and structure of the joints. The first column indicates the temperature at which 
the sandwiches were heated for 45 min and in which micrograph the sandwich is shown (in parentheses); Na, Mg, Al, Si and Zn 

reported are wt% measured by EDS (the values obtained for bulk ZBM are included for comparison) 

Temperature 
(“Cl 

ZBM bulk 
700 (2a) 
800 (2b) 
880 (2c) 
900 (2d) 
1200 (2f) 

Composition (wt(%) Pores Morphology 

Na Mg AI Si Ztl 

7.16 
5.94 
9.16 
5.82 
6.29 

0.59 
0.56 
0.52 

- 

3.12 2.41 86.7 
3.88 3.73 8588 
2.49 3.77 84.03 
5.52 4.5 84.14 
3.63 6.07 83.99 
1.29 97.84 0.87 

yes 
yes 
yes 
yes 
no 

amorphous 
crystalline 
crystalline 
crystalline 
crystalline 

amorphous 

point and TX,, but below T.J, presents a joined 
layer that is slightly bubbled and partially crystal- 
lized [Zn,(B0J2, as detected by XRD and EDS]. 
The interface between glass and composite is par- 
tially discontinuous. The samples shown in Figs 2(b) 
and (c), obtained by heating at temperatures above 
TX, (800 and 880°C respectively), gave bubbled 
and crystallized joints with partially discontinuous 
interfaces; when the joining temperature was 
above the melting temperature [Figs 2(d) and (e)] 
the interface between glass and composite was 
improved with respect to that produced at lower 
temperature [Figs 2(a)+(:)] but the amount of 
gaseous product becomes predominant, as already 
observed by heating microscopy [see Figs l(d) and 
(e)]. Clearly the glass matrix is reacting with the 
composite and drastically changing its composi- 
tion, with the production of gaseous species. 

One can also note that the joint shown in Fig. 
2(e) does not show any crystalline phase or poros- 
ity, in contrast to the samples of Figs 2(b)-(d). As 
the crystalline phase has been found to be 
Zn,(BO,),, its disappearance could be explained 
by zinc removal from the ZBM glass matrix, as 
discussed above [reaction (l)] and shown in Table 
1. The reaction between the ZBM glass and the 
Sic&Sic composite appears to be complete after 
45 min at a temperature of about 12OO”C, leaving 
a continuous, bubble-free and amorphous joint 
region [Figs l(i) and 2(f)]. 

The Zn content (wt%), measured by EDS analy- 
sis in the joint region of the above-described sand- 
wiches, gives information about the onset and 
completion temperature for the reaction between 
glass and composite (Table 1: only the Zn percent- 
ages are reliable and significant, as the others are 
too low for the detection limits of this instru- 
ment). As can be seen, the Zn content decreases 
from the starting concentration to a few wt% when 
the temperature increases towards 1200°C. The 
vitreous and bubble-free _ioint obtained at 1200°C 
no longer contains zinc oxide: the reactive joining 
process gave rise to a glass of different composi- 
tion with respect to the starting ZBM one. 

To understand the influence of ZnO in these 
reactions, we performed identical joining experi- 
ments with a borate glass containing all oxides 
present in the ZBM glass except ZnO. The new 
glass composition was adjusted to keep the rela- 
tive molar percentages of the other oxides identi- 
cal to those of the ZBM glass: i.e. 59.5% B,O,, 
18.4% MgO, 9.1% SiO,, 8.2% A1,03 and 4.8% 
Na,O. Its preparation and characterization were 
identical to those of the ZBM glass. This glass 
(called BMA) had Tg = 565 + 3°C (30°C higher 
than that of the ZBM), one crystallization peak 
at 810 f 10°C and T, = 1050 + 10°C. First 
attempts at obtaining bubble-free sandwiches with 
the BMA glass failed: a sandwich SiCr/SiC/BMA/ 
Sic&Sic heat-treated for 45 min at 880°C is 
shown in Fig. 3 as a typical example. Here again 
the glass wetted and reacted with the composite, 
but the joint contains many bubbles. We can 
therefore conclude that ZnO is not the only react- 
ing oxide in ZBM glass; some new glass composi- 
tions will be tested to understand this feature. 

In the case of ZBM joints, the data showed that 
all reactions producing gases are completed after 

Fig. 3. SEM micrographs of cross-sectioned SiC,/SiC/BMA/ 
SiC,fSiC sandwich heat-treated for 45 mins at 880°C. 
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(a) 

(b) 

Fig. 4. (a)View of lap joint and fracture mode after shear tests 
and (b) cross-sectioned view of the fractured region indicated 
in Fig. 4(a), for a joined SiC&jiC/BM/SiC@iC structure 

prepared at 1200°C for 45 min. 

45 min at 1200°C. Therefore, it being impossible 
to obtain bubble-free joints at lower temperatures 
even by changing the glass composition, we fol- 
lowed the route of a reactive joining, by heating 
the SiC@iC/ZBM/SiC&SiC sandwiches for 45 min 
at 1200°C. We prepared completely reacted and 
continuous joined structures and tested them in 
single lap shear experiments. 

Failure always occurred in the composite by 
peeling stress with minimal bending of the adher- 
ends, for an average shear stress of 15 MPa on the 
joint. A cross-sectioned view of the fracture region 
shows that the specimen broke in the composite 
region nearest the joint [Figs 4(a) and (b)], the 
composite probably having been weakened by the 
heat treatment and/or because of the interfacial 
strength of the glassy joint. We can therefore 

state that the joint shear strength T is superior to 
15 MPa. This result compares well to the shear 
strength value found for a partially reacted joined 
structure (lOOO’C, 45 min: r = 2.6 MPa in Ref. 7). 
The authors’ belief is that the better surface cover- 
age obtained for the 1200°C heat treatment is 
responsible for this significant improvement of the 
joint strength. 

This lower limit of 15 MPa for the joint shear 
strength is an encouraging result for a vitreous, 
oxidation-resistant joint. 

Conclusions 

We have studied the temperature dependence of 
the reactions between a zinc-borate joining glass 
and an SiCdSiC composite. The results show that 
all gas-producing reactions are complete after 45 
min at 1200°C; the composition of the joining 
glass changes during the process and the new glass 
wets the composite well, giving a continuous and 
stable interface. This study permitted the prepara- 
tion of oxidation-resistant joints having acceptable 
shear strength. 
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Abstract 1 Introduction 

The de&cation and crystallisation of barium mag- 
nesium aluminosilicate (BMAS) glass powder has 
been investigated. The aim of the study was to draw 
conclusions of value for the optimisation of the 
processing parameters for BMAS matrix ceramic 
composites. Pressureless sintering and hot-pressing 
techniques were investig,ated. The pressureless 
densljication behaviour of cold-uniaxially pressed 
compacts was determined at isothermal and con- 
stant heating rate conditions using a high temper- 
ature microscope. The samples could be den$ed 
isothermally to full density at 930°C prior to the 
onset of crystallisation. For compacts sintered at 
constant heating rates between 800 and IIOO°C, 
it was found that the simultaneous occurrence of 
crystallisation and densiJication strongly depends 
on the heating rate. Using hot-pressing (pressure = 
20 MPa) results in full densification in the amor- 
phous state after 1 hour at 925°C. X-ray d@raction 
analysis was used to characterise the crystallinity 
of pressureless sin tered and ho t-pressed samples 
that were fabricated at temperatures between 850” 
and 1300°C. The crystcdlisation behaviour did 
not change, in qualitative terms, with the pressure 
applied during hot-pressing. Combination of the 
densljication and crystallisation results demon- 
strated that the BMAS glass can be densljied com- 
pletely at relatively low temperatures (930°C) in 
the glassy state. The material can be subsequently 
crystallised at higher temperatures (between 1100 
and 1300°C) yielding a high-temperature-resistant 
microstructure consisting oj‘ Ba-osumilite, celsian and 
cordierite. Copyright 0 19!36 Elsevier Science Ltd 

*Also with: Department of Environmental Sciences, University 
of Plymouth PL4 8AA, UK 

Densification prior to crystallisation (the glass- 
ceramic route) is particularly important for form- 
ing high-density composites. Many experimental 
studies have demonstrated that glass (amorphous) 
matrices are easier to densify around the rigid 
inclusions used as reinforcement phase (such as par- 
ticulates, chopped fibres, whiskers, platelets and 
continuous fibre tows or mats) compared with 
polycrystalline matrices. l-5 At an equivalent inclu- 
sion content, glass matrices have been shown to 
exhibit a much higher sinterability compared to 
crystalline matrices,2 and therefore the beneficial 
sintering characteristics of glass can be conve- 
niently exploited. After the densification step, 
however, it is necessary to control the nucleation 
and growth of the crystalline phase to obtain the 
required crystalline microstructure for structural 
or high-temperature applications. If the onset of 
crystallisation occurs before the glass has reached 
full density, further densification will be impeded 
by crystallisation due to the increase in viscosity 
caused by the crystalline phase.‘s6-* In this context, 
an understanding of the interaction between 
densification and crystallisation of a given glass 
during sintering is essential for optimisation of the 
processing parameters which lead to the objective 
of obtaining a fully dense material before the 
onset of crystallisation occurs. Renewed interest 
has arisen, therefore, in studies of the sintering 
and crystallisation behaviour of glasses with com- 
positions suitable for post-sintering crystallisation, 
which are candidate matrices for composites for 
high-temperature applications. While for disper- 
sion-reinforced composites a pressureless sintering 
route may be applied to obtain dense products,‘-5v9 
the use of continuous reinforcement, such as long 
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fibres or fibre mats, requires hot-pressing to 
achieve complete densification.” Thus, the interac- 
tion of densification and crystallisation in glass- 
ceramics must be investigated for both techniques, 
i.e. pressureless sintering and hot-pressing, for a 
complete assessment of the material as a candidate 
composite matrix. 

The present study involves a comprehensive 
investigation of the densification and crystallisation 
behaviour of a barium magnesium aluminosilicate 
(BMAS) glass. The investigations were directed to 
gain useful information on the material’s behaviour, 
allowing for the optimisation of processing parame- 
ters, rather than to perform a detailed study of the 
physics and kinetics of the processes involved. A 
similar BMAS material has been investigated in 
commercially available glass-ceramic matrix compos- 
ites reinforced with SIC (Tyranno) fibres.‘1,‘2 These 
are thought to be useful for structural applications 
at high temperature (up to -1 100°C).11~‘2 Another 
group has studied extensively the mechanical 
behaviour of Sic (Nicalon) fibres-reinforced com- 
posites with similar BMAS glass-ceramic matri- 
ces.13,14 Little is known, however, about the matrix 
densification and crystallisation behaviour during the 
processing of these materials. 

2 Experimental Procedure 

A commercial BMAS glass powder (provided by 
AEA Technology, Harwell) was used in this work. 
The theoretical density of the glass used is 2.74 
g/cm3, as determined in a previous work.15 Quanti- 
tative Electron Micro Probe Analysis (EMPA) 
and X-ray diffraction (XRD) analysis were con- 
ducted on the as-received material to determine its 
exact composition and crystallinity. The as-received 
glass cullet was milled in a planetary mill and clas- 
sified to obtain two mean particle sizes, 10.5 and 
6.9 pm with narrow size distributions, as measured 
by laser diffraction analysis (Coulter L5130). Scan- 
ning electron microscopy (SEM) was used to inves- 
tigate the glass powder morphology. Milled powder 
was used for Differential Scanning Calorimetry 
(DSC) measurements at heating rates of 1OWmin. 
In a previous study the surface energy and the 
viscosity of the glass (at 930°C) were determined 
to be y = 0440 N/m and r] = 8.1 X lo7 Pa s 
respectively.‘6 

The experimental technique chosen for studying 
the pressureless densification behaviour is high- 
temperature microscopy, because it provides a 
number of advantages over dilatometry, as reviewed 
recently. I7 The most relevant advantage, in relation 
to the sintering of glass compacts, is the possibility 
of measuring both axial and radial shrinkages 

without exertion of external loads that could 
significantly affect viscous flow behaviour. Thus, 
‘true’ pressureless sintering experiments can be 
conducted.17 A complete description of the tech- 
nique has been given elsewhere:4,‘5*17 only relevant 
details will be presented here. Cylindrical com- 
pacts (5 mm in diameter by 5 mm) were used, 
which were formed by uniaxial compression of the 
lo-pm powder in a die without using a binder. 
Green densities of 0.51 f 0.02 of the theoretical 
were obtained using pressures of 250 MPa. For 
the isothermal experiments the furnace of the 
heating microscope was first heated to the sinter- 
ing temperature (which after trial and error exper- 
iments was determined to be T = 930°C) and 
subsequently the compacts were inserted quickly, 
in order to provide isothermal conditions for the 
whole stage of sintering. For the constant heating 
rate experiments the specimens were first heated to 
800°C in about 1 hour with no glass sintering 
(shrinkage) observed up to this temperature. Then 
the samples were heated at a constant heating rate 
to a final temperature of 1100°C. Two heating 
rates, 1 S”C/min and l”C/min, were used and two 
speciments were used for each heating rate and 
the results averaged. For both sets of experiments 
photographs of the samples were taken to record 
the lengths and diameters of the samples at pre- 
determined intervals during the sintering process. 
In this way the axial and radial shrinkages could 
be calculated as explained elsewhere.” The mass 
and dimensions of the pressed and sintered com- 
pacts were measured and the geometrical densities 
determined. The final density of the sintered pel- 
lets was also measured using Archimedes’ princi- 
ple. The density as a function of time and 
temperature during sintering was determined from 
the green density and the measured axial and 
radial shrinkages, as shown below. Polished cross- 
sections of the sintered cylinders were prepared 
and the microstructures were observed by SEM. 
The crystalline composition of selected sintered 
samples was investigated by XRD analysis of 
polished surfaces. 

The densification and crystallisation of the 
BMAS glass were also studied under hot-pressing 
conditions, since this is the technique relevant for 
manufacturing continuous-fibre-reinforced compos- 
ites. The powder milled to an average particle size 
of 6.9 pm was used for these experiments. This is 
the optimum particle size for fabricating composites 
via a slurry infiltration technique, as determined 
elsewhere.18 Hot-pressing of 30-mm diameter spec- 
imens was performed, using a KCE model facility, 
in vacuum at different temperatures, pressures and 
holding times. Three pressures (5.7, 12 and 20 MPa) 
were used. On the basis of the constant-heating- 
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rate and pressureless sintering experiments, a very 
quick heating rate was chosen to avoid crystal- 
lisation occurring prior to complete densification. 
The heating rates in all experiments were fixed 
at lOO”C/min. A typical hot-pressing cycle involved 
heating up at lOO”C/min to the holding temp- 
erature, which was varied bletween 850 and lOOO”C, 
followed by a dwell time, which was varied between 
2.5 and 60 min and then ceooling down in the hot- 
press. In all cases the pressure started to be applied 
at 850°C and was maintained until the beginning of 
cooling. In another set of experiments, involving 
temperatures 21OOO”C, the: sample was heated up 
to 900°C maintained at this temperature for 15 
min, subsequently heated up to a higher tempera- 
ture, which was varied between 1000 and 13OO”C, 
for given holding times, and finally cooled down. 
Here again the pressure started to be applied at 
850°C and was maintained until the beginning of 
cooling. Post-fabrication pressureless heat treat- 
ment of samples that had been fabricated by hot- 
pressing at 950°C for 60 min with 12 MPa applied 
pressure was also carried out. As-hot-pressed and 
heat-treated samples were characterised by XRD 
analysis of polished surfaces. Selected samples 
were polished and prepared for SEM observation. 

3 Results and Discussion 

3.1 Material characterisation 
The XRD pattern of the as-received glass powder 
is shown in Fig. 1, indicating that the material is 
amorphous in the range of detectability of XRD. 
The chemical composition of the as-received mate- 
rial, as determined by EMPA analysis is shown 
in Table 1. Figure 2 shows a SEM micrograph of 
the glass powder after milling to a mean particle 
size of 10 pm. The nonspherical shape of the par- 
ticles, an important variable affecting the sinter- 
ing behaviour of this glass as shown elsewhere,i6 is 
evident. The DSC curve, shown in Fig. 3, indi- 
cates that the softening point of the glass is 850°C 
its crystallisation takes place between 1080 and 
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Fig. 1. XRD pattern of the as-received BMAS glass powder, 
showing its amorphous character. 

Table 1. Chemical composition of as-received BMAS glass 

Oxide Content 
(wt’x) 

BaO 13.9 + 0.5 
A1203 21.7 * 0.5 
SiO? 52.0 + 1.0 
MgO 6.4 + 0.2 

Fig. 2. Scanning electron micrograph of the BMAS glass pow- 
der investigated after milling to a mean particle size of 10 pm. 
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Fig. 3. DSC curve of BMAS powder milled to a mean parti- 
cle size of 5.8 pm showing the exothermal crystallisation peak 

between 1080 and 1140°C. 

1140°C with the peak crystallisation temperature at 
= 112O”C, while the melting point lies at = 1400°C. 
These results supplied a preliminary guideline accord- 
ing to which the further densification and crystal- 
lisation experiments were designed. 

3.2 Pressureless densification hehaviour 
Comprehensive studies of the sintering behaviour 
of BMAS powder compacts have been conducted 
recently15T’6 including a comparison of experimental 
values with theoretical models for viscous sintering, 
the consideration of shrinkage anisotropy effects and 
the assessment of densification and creep rates. 
Therefore, only a summary of the relevant results 
pertinent for the purposes of this paper will be 
presented in the following sections. 
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3.2.1 Sin tered density 
From the experimental data for the axial and radial 
shrinkages during sintering supplied by the heating 
microscopy measurements, the density (p> at any time 
(for the isothermal sintering experiments) or tem- 
perature (for the constant-heating-rate experiments) 
can be found using the following equation.4q’7 

’ = (1 - dRI&)‘;l - AH/H,) 
(1) 

where AR = R, - R, AH = H,, - H and p. repre- 
sents the green density. R, and Ho are the initial 
radius and length, respectively, and R and H are the 
instantaneous radius and length, respectively, of 
the sample. 

Figures 4(a) and (b) show the densification 
curves for samples sintered isothermally at 930°C 
and at two different constant heating rates, 15 and 
l”C/min, respectively. The density values were cal- 
culated using eqn (l), the data for radial and axial 
shrinkage, and the green densities. The data shown 
are averages of two runs under the same conditions 
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Fig. 4. Densification behaviour of BMAS glass powder 
compacts pressureless sintered: (a) isothermally at 930°C and 
(b) under constant heating rate conditions of (0) lS’C/min 

and ( + ) 1 Wmin. 

and have a maximum relative error of 4%. The 
final densities calculated from eqn (1) were in 
good agreement with the values determined using 
Archimedes’ principle. Interesting conclusions about 
the pressureless densification behaviour of BMAS 
glass powder compacts can be drawn from Fig. 4. 
It is shown, for example, that a fully densified 
body (p = 2.74 g/cm3) can be obtained after two 
hours of isothermal sintering at 930°C a result 
which supports the technological approach of pro- 
ducing dense glass-ceramics in the BMAS system 
via a simple pressureless powder technological route. 
That the densification of BMAS powder at this tem- 
perature takes place via a viscous flow mechanism 
was confirmed in a previous studyI by comparing 
the experimental results with the prediction of a 
theoretical model for viscous flow sintering.” 

Figure 4(b) demonstrates qualitatively the infl- 
uence of heating rates on the interaction between 
densification and crystallisation. It is observed 
that for both heating rates the densification curves 
reach a plateau. However, the reason for this is 
different for each heating rate. For the faster heat- 
ing rate (lS”C/min), the plateau is reached because 
the sample is nearly fully densified at = 1050°C 
with a relative density ~98% of the theoretical. 
For the lower heating rate (l”C/min) there must 
be another reason for the abrupt change in the 
slope of the densification curve at a lower temper- 
ature (lOOO’C), since the density is only = 89% of 
the theoretical. This behaviour can be attributed 
to the onset of crystallisation at this temperature, 
as shown in a separate study,20 in which the shear 
strains for both heating rates were calculated. The 
curve for the lower heating rate showed a typical 
sigmoidal behaviour with the shear strain first 
increasing with temperature as the viscosity of the 
glass decreases. An abrupt change in slope occurred 
near lOOO”C, however, indicating that the material 
became suddenly more viscous, i.e. it began to 
crystallise. This can be directly related to the change 
of slope in the densification curve at approximately 
the same temperature, as shown in Fig. 4(b). These 
results are also in qualitative agreement with the 
DSC measurements (Fig. 3), that showed the onset 
of crystallisation at = 1080°C. This temperature is 
slightly higher than that indicated by the densifi- 
cation curve of the l”C/min sample (Fig. 4(b)), 
which is probably because the DSC measurements 
were carried out at a higher heating rate 
(10Wmin). Thus increasing heating rate delays 
the onset of crystallisation, as found by others.6q7 
Observation of the microstructure by SEM and 
the results of XRD analysis confirm that, for the 
compacts heated at the lower heating rate, crystal- 
lisation took place before completion of the densi- 
fication process, as shown next. 
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3.2.2 Microstructural observation 
Figures 5 and 6 show SEM micrographs of sam- 
ples sintered isothermally for two hours at 930°C 
and at l”C/min up to llOO”C, respectively. The 
material sintered at 930°C remained amorphous, 
at least in the detectability limit of XRD, and it is 
fully dense with only some isolated pores visible. 
On the contrary, using a low heating rate (1°C 
min) has resulted in the early (partial) crystallisa- 

Fig. 5. Scanning electron micrograph of a polished section of 
a compact pressureless sintered for two hours at 930°C. Com- 
plete densification has been achieved without crystallisation. 

Fig. 6. Scanning electron micrograph of a polished section of 
a compact pressureless sintered at l”C/min to 11OO‘T. Partial 

crystallisation and residual porosity are evident. 

10.00 20100 30:oo 40:oo 5d.00 so:00 
28 (“I 

Fig. 7. XRD pattern of the polished surface of a sample 
sintered under the conditions given in Fig. 6 showing the 

appearence of: 1 = cordierite, .2 = celsian, 3 = Ba-osumilite. 

tion of the material and the lack of complete den- 
sification. The XRD pattern of this sample is shown 
in Fig. 7. Celsian, Ba-osumilite and cordierite are 
the main crystalline phases found. This result is 
comparable with the crystallisation of the hot- 
pressed samples, as shown in the next section. 

3.3 Hot-pressing technique 

3.3. I Denszjication behaviour 
The results of the density measurements of the as- 
hot-pressed samples indicated that complete 
densification could not be achieved for the lowest 
pressure employed (5.7 MPa) and holding times 
shorter than 1 hour, even for temperatures up to 
1000°C. Compared with the pressureless sintering 
experiments described above, this result shows the 
importance of a sufficient holding time for achiev- 
ing a fully dense sample, as well as the optimisa- 
tion of the heating rates. Although the extremely 
high heating rates employed in the hot-pressing 
experiments are effective in suppressing the onset 
of crystallisation, they may negatively affect 
the viscous flow behaviour of the glass, leading to 
the development of closed cavities, which could 
not be completely eliminated by mass transport 
via viscous flow due to the short dwell times 
employed (~60 min). Complete densification could 
be achieved, on the other hand, for samples 
pressed at higher pressures. Pressing for 60 min at 
950°C using a pressure of 12 MPa and at 925°C 
using 20 MPa resulted in complete densification. 
Thus, as expected, when compared with the pres- 
sureless sintering experiments, application of exter- 
nal pressure during sintering has reduced the 
densification time significantly but has not modi- 
fied the sintering temperature. 

The relative influence of temperature and pres- 
sure on densification can be further assessed by 
considering the experiments at higher temperatures 
using the low pressure of 5.7 MPa. As mentioned 
above the hot-pressing experiments for which the 
holding temperatures were above 1000°C comprised 
an initial step in which the sample was held for 15 
min at 900°C. Microstructural examination done 
on samples pressed at 5.7 MPa proved that 15 min 

‘soaking’ time at 900°C was insufficient to densify the 
glass completely. This is demonstrated by Figs 8(a) 
and 8(b), SEM micrographs of samples hot-pressed 
at 1070°C for 30 min and at 1300°C for 60 min, 
respectively, in which considerable homogeneously 
distributed spherical porosity is presented. This 
result is a further demonstration that once crystal- 
lisation has begun the material can no longer be 
fully densified, even using temperatures as high as 
1300°C for 60 min, Fig. 8(b), and a residual porosity 
remains. 
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(4 

UN 

Fig. 8. Scanning electron micrographs of polished sections of 
samples hot-pressed using 57 MPa for (a) 30 min at 1070°C 
and (b) 60 min at 1300°C. The samples were partially crys- 

tallised before densification was completed. 

3.3.2 Crystallisation behaviour 

Crystallised glass-ceramics produced by hot-press- 
ing of amorphous BMAS glass under pressures of 
5.7, 12 and 20 MPa contained without exception 
Ba-osumilite (BaMg,Al,(Si,Al,O,)-hexagonal) as 
the major phase, and celcian (BaAl,Si,O,-mono- 
clinic) and cordierite (Mg,Al,Si,O,,-orthorombic) 
as the minor phases. These phases have been 
found to be the main components in commercial 
BMAS glass-ceramic composite products,“-I4 
being responsible for the high-temperature capa- 
bility (= 1lOO’C) of these composites. Considering 
the results for all hot-pressed samples it is found 
that the material always becomes crystalline if it is 
pressed at 1025°C for 20 min or more. A typical 
XRD diagram is shown in Fig. 9. When com- 
pared with the results for the pressureless sintered 
material sintered at a low heating rate (l”C/min) 
(Fig. 7), the results for the hot-pressed samples 
indicate that the application of external pressure 
during densification has no major effect, at least 
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Fig. 9. Typical XRD pattern for hot-pressed samples fabri- 
cated at any pressure, showing crystallisation: 1 = cordierite, 

2 = celsian. 3 = Ba-osumilite. 

qualitatively, on the crystalline structure devel- 
oped in BMAS glass-ceramics. A more detailed 
quantitative investigation of the crystallisation 
behaviour during hot-pressing, including crystal 
nucleation and growth processes and their depen- 
dence on pressure, tune and temperature, is the focus 
of on-going studies.‘* On reference to Fig. 8(a) it 
can be seen that the microstructure of the crys- 
talline samples contains white dend.ritic crystals 
spread inside the bulk glassy material and some 
‘eutectic-like’ formations. EPMA measurements 
on the different phases showed that the composi- 
tion of the dendrites is close to the stoichiometric 
composition of Ba-osumilite, while the composi- 
tion of the ‘eutectic-like’ formations varies between 
the compositions of Ba-osumilite and celsian. The 
similarity between the microstructures of the partially 
densified hot-pressed samples, Figs 8(a) and 8(b), 
and the pressureless sintered sample that was sin- 
tered at the low heating rate of l”C/min (Fig. 6) 
should also be noted. 

The crystallisation behaviour was also investi- 
gated by long-duration (12 h) heat-treatment of 
hot-pressed dense samples after they had been 
cooled down to room temperature. A SEM micro- 
graph of a sample hot-pressed for 60 min at 950°C 
and 12 MPa is shown in Fig. 10. Although this 
material was amorphous under XRD analysis, the 
presence of a few isolated crystals with dendritic 
shape is evident in the micrograph. The further 
micrographs, Figs 1 l(a)-(c), are SEM micro- 
graphs showing the microstructure of dense hot- 
pressed samples after heat treatment for 12 h at 
1070, 1120 and 1 300°C, respectively. Again Ba- 
osumilite was the main phase found, although 
celsian and cordierite were also present, as revealed 
by EPMA. In Fig. 1 l(a) the different crystalline 
phases are indicated. The big dark grey areas cor- 
respond to Ba-osumilite crystals, while celsian and 
cordierite appear as forming a network (celsian 
being the bright phase and cordierite the black 
one). The crystals are surrounded by an amor- 
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phous ‘matrix’ which appears of a homogeneous 
grey colour. With increasing heat-treatment tem- 
perature clearly the crystallinity of the samples 
also increases, with fewer islands of amorphous 
matrix phase. The number Iof the big Ba-osumulite 

Fig. 10. Scanning electron micrographs of the polished section 
of a compact hot-pressed at 950°C for 60 min using 12 MPa. 
Complete densification has been achieved and a few dendritic 

crystals are distributed in the glassy matrix. 

crystals decreases with higher heat-treatment 
temperatures, while the interconnectivity of the 
celsian/cordierite network increases, Figs 11 (b) 
and (c). Long-term heat-treatment at 13OO”C, 
therefore, seems to be sufficient for complete 
‘ceraming’ of the material. A more detailed study 
of the crystallisation kinetics, however, is beyond 
the scope of this work, being the subject of on- 
going studies. I8 

From the results of the XRD analyses, a Trans- 
formation-Temperature-Time (TTT) diagram, can 
be drawn. It approximately indicates the tempera- 
ture/time ‘window’ for fabricating glass-ceramics 
from the amorphous BMAS powder by viscous flow 
densification in the glassy state, without crystal- 
lisation occurring. Such a diagram is shown in 
Fig. 12, where also the results of the pressureless 
sintering route have been included. Thus, the data 
represented in the TTT diagram can be conve- 
niently used for designing the manufacturing route, 
via pressureless sintering or hot-pressing, of mono- 
lithic BMAS glass-ceramics and BMAS glass-ceramic 
matrix composites. 

(4 (b) 

Fig. 11. Scanning electron micrographs of polished sections of samples hot-pressed under the conditions given in Fig. 10 and 
subsequently heat-treated for I:! h at: (a) 107O”C, (b) 1120°C and (c) 1300°C. (I) Ba-osumilite, (II) celsian/cordierite network. 

Crystallisation increases with heat-treatment temperature. 
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Fig. 12. TTT diagram constructed from the results of the XRD 
analyses for hot-pressing and pressureless sintering condi- 
tions: ( 0) amorphous state, pressureless sintering, (0) amor- 
phous state, hot-pressing, ( l ) crystalline state, pressureless 

8. 

sintering, (0) crystalline state, hot-pressing. 9. 

4 Conclusions 

A non-spherical BMAS glass powder with a com- 
position suitable for producing glass-ceramics after 
a post-sintering heat-treatment was investigated in 
terms of densification and crystallisation behaviour. 
By appropriate selection of processing parameters, 
in pressureless sintering and hot-pressing techniques, 
complete densification can be achieved by viscous 
flow before the onset of crystallisation at relatively 
low temperatures (930°C). By subsequent heat- 
treatment at higher temperatures the desired refrac- 
tory crystalline microstructure containing Ba-osum- 
ilite, celsian and cordierite is developed. These results 
are useful for designing the fabrication route for 
preparing BMAS glass-ceramics and fibre-rein- 
forced BMAS glass-ceramic matrix composites. 
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Abstract 

A ZrO,-free YSiAlO glass of composition 27Y: 
42Si:31AI in equivalent % and one with the addi- 
tion of 6 wt% Z-0, were prepared in a nitrogen 
atmosphere at 1700°C. These glasses were treated 
in a nitrogen atmosphere at a controlled rate, dur- 
ing which the glass partially crystallizes to form a 
glass-ceramic. Under continued heating melting 
occurs. This behaviour was monitored by d@eren- 
tial thermal analysis, scanning electron microscopy 
and X-ray d@raction. The original dendritic appear- 
ance of the crystallized microstructures changed to 
a blocky one in the early stages of the melting pro- 
cess. The ZrO, addition was found to increase the 
kinetics of the phase transformations occurring during 
the melting. Copyright 0 1996 Elsevier Science Ltd 

1 Introduction 

Yttria-alumina-silica glasses have motivated 
numerous investigations over the past 20 years 
due to their potential for forming glass-ceramic 
materials and also due to the use of Y,O, and 
Al,O, as sintering additives in the production of 
structural ceramics such as silicon nitride (Si3N4).ld 
A review of the crystallization studies on 
Y20,-A1203-Si02 glasses was reported previously.5 
Oxide and oxynitride glasses in this system are 
generally considered as self-nucleating,6 which has 
been confirmed in recent :studies using ZrO, as a 
nucleating agent. 7,8 However, there are indications 
that the addition of zirconia influences the devitri- 
fication reactions in these glasses and in (Y203 + 
Al,O,)-fluxed sintered Si,N4.9T’o In a previous 
study on yttria-alumina-silica glasses with zirco- 
nia additions,” two endothermic reactions were 
observed by differential thermal analysis (DTA) at 
temperatures exceeding 1400°C. Since the ther- 
mogravimetric measurements showed no mass 
changes these two endotherms were interpreted as 

representing melting reactions, assuming a forma- 
tion of two immiscible liquids by a monotectic 
reaction. 

The aim of the present work is to investigate 
the influence of ZrO, addition to a YSiAlO glass 
on the melting of YSiAlO glass-ceramics. 

2 Experimental Procedure 

A ZrO,-free YSiAlO glass of composition 27Y: 
42Si: 31Al (eq. %), and one with the addition of 6 
wt% unstabilized Zr02,7 were prepared from mix- 
tures of high purity yttria, alumina and silica 
(Rhone Poulenc, Alcoa Chemicals and Johnson 
Matthey, respectively) in the appropriate propor- 
tions. The equivalent% method representation of 
composition has been reported elsewhere.12 The 
powders were mixed in polyethylene containers on 
a Siemens roller mill for 10 h using propanol, 
dried and sieved. Batches of approximately 100 g 
each were then mechanically compacted into 
molybdenum crucibles, melted under 0.17 MPa 
nitrogen pressure at 1700°C for 2.5 h, and furnace 
cooled. The cooling rate from the firing tempera- 
ture to 1400°C was 20°C min-‘, from 1400 to 
95O”C, 15°C min-’ and from 950 to 5OO”C, 10°C 
min-‘. This rate was dictated by the natural cool- 
ing of the furnace (cold wall vacuum / pressure 
furnace with a graphite heater) after it had been 
switched off. Chemical analysis on as-received 
glasses was performed using X-ray fluorescence 
(Philips PW 3510, Rh tube), to verify the final 
composition of the glasses. 

DTA (Netzsch STA instrument) was performed 
on 0.2 g powdered glass samples (particle size of 
approximately 50-90 pm) mechanically com- 
pacted into A1203 crucibles. The measurements 
were carried out in a nitrogen atmosphere using 
an A1203 powder reference standard and a heating 
rate of 5°C min-‘. The DTA runs were interrupted 
abruptly at the temperatures indicated in Table 1 

1245 
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Table 1. Compositions of the studied glasses, experimental conditions and phases identified by X-ray diffraction after cooling to 
room temperature (v.s., very strong; s., strong; m., medium; w., weak; v.w., very weak) 

Sample 
designation 

A 

Compositions (as-batched) 

eq % wt % 

Y Si Al 0 Y,O, AI,O, SiO, ZrO, 

27 42 31 100 46.9 24.3 28.8 0 

Max. temp. 
of DTA scan 

f”C) 

1370 

Phases 

P-Y2W7 @.I 
mullite (v.w.) 
YAG (v.w.) 

1420 /3-Y2Si207 (s.) 
mullite (v.w.) 
YAG (v.w.) 

1430 p-Y&O, (s.) 
YAG (m.) 
y-Y,Si,O, (v.w.) 

A + 6 wt% ZrO, 44.1 22.8 27.1 6 1370 

1400 

1420 

P-Y&O, (s) 
mullite (v.w.) 
YAG (v.w.) 
A&O3 (v.w.) 
ZrO, (v.w.) 

p-Y&O, (s.) 
mullite (v.w.) 
YAG (v.w.) 
A&O, (v.w.) 
ZrO, (v.w.) 

p-Y,Si,O, (m.) 
YAG (s.) 
Al,O, (s.) 
ZrOz (v.w.) 

by switching the DTA furnace off and allowing 
the specimens to cool in the furnace. The cooling 
rate of the DTA furnace was approximately 20°C 
min’ between the maximum temperature and 
1000°C. The cooling rate was assumed to be high 
enough to avoid significant additional crystalliza- 
tion on cooling. Samples obtained in the DTA 
furnace were cut and polished with a dispersion of 
1 pm diamond in kerosene as a final step. X-ray 
diffraction (Siemens diffractometer, CL&, radia- 
tion) was performed on the specimens to identify 
crystalline phases after the heat treatments. Scan- 
ning electron microscopy (SEM) investigations 
were carried out using a Philips 5 15 scanning elec- 
tron microscope with attached energy dispersive 
X-ray detector (EDX). 

3 Results and Discussion 

3.1 Glass preparation 
Both compositions formed homogeneous glasses 
on meiting without any traces of crystalline phases 
in the X-ray diffraction patterns. However, SEM 
examination of the as-received glasses revealed a 
very small amount of ZrOz precipitates in the 
microstructure of the ZrO,-containing glass. These 

precipitates are believed to have either survived 
the melting or precipitated from the parent glass 
on cooling from the melting temperature. The lat- 
ter is possible due to the limited solubility of ZrO, 
in the yttrium aluminosilicate liquid. The results 
of the chemical analysis of as-received glasses by 
X-ray fluorescence are summarized in Table 2. 
These results indicate a compositional shift, com- 
pared with the as-batched compositions, into the 
Y,Si207-A1,03-Y3A1,0,z (YAG) compatibility tri- 
angle with the eutectic temperature of 1505”C3 
caused probably by losses of some of the con- 
stituents (Al and Si) during melting of the glass. 

3.2 Differential thermal analysis 
Figure 1 shows typical DTA traces of the ZrO*- 
free and ZrO,-containing glasses at a temperature 
interval of 800-1550°C. An exothermic peak was 
detected at 1100 and at 1093°C for the ZrO,-free 

Table 2. Chemical analysis of as-received glasses 

Sample Y,O, AlJO, SiO, ZrO, Std deviation 
(wt%)” (wt”%) 

A 56.5 18.8 24.7 0 0.2 

A + 6 wt% ZrO, 52.2 17.6 22.8 7.4 0.2 

“Detectability limit 0.01%. 
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Fig. 1.. DTA traces of the as-received glasses A (a) and A + 6 wt% ZrO, (b). 

1600 

and the ZrO,-containing glass, respectively, indicating 
crystallization of the glasses to form glass-ceramics. 
Three endothermic peaks can be distinguished on 
the curve of the ZrO,-containing glass while the 
second endotherm appears only as a weak endo- 
thermic shoulder on the ZrO,-free curve. Three 
DTA scans were carried out for each composition. 
The first one was interrupted for both composi- 
tions at 1370°C before the onset of the endother- 
mic reactions. The second and third scans were 
interrupted at temperatures corresponding to the 
peak temperatures of the first and second endo- 
thermic reactions (at 1420 and 1430°C for the 
ZrOz-free composition, and at 1400 and 1420°C 
for the ZrO,-containing composition, respectively) 
as indicated in Table 1 and Fig. 1. 

3.3 Phase identification and microstructure 
The crystalline phases identified by X-ray diffrac- 
tion analysis, following heat treatment in the 
DTA rig, are listed in Table 1 for both composi- 
tions and all the maximum temperatures. The phases 
detected are in general agreement with those 
expected from the equilibrium ternary phase dia- 
gram,3 namely Y2Si207, A&,0, and YAG. However, 
some small amount of non-equilibrium mullite was 
also detected for both ‘compositions. A cubic 

yttria-stabilized zirconia was observed additionally 
in the X-ray diffraction patterns of the A + 6 wt% 
ZrOz glass-ceramics. 

Since the starting material was a glass powder 
with a significant specific surface area and due to 
a non-isothermal heat treatment, it is assumed 
that nucleation of the crystallization occurs pre- 
dominantly at the surfaces. Figure 2 shows the 
microstructure of the glass-ceramics after the DTA 
scans were interrupted at 1370°C. The microstruc- 
tures consist mainly of dendrites of the p-Y&O7 
phase. @Y&O7 side branches are seen to develop 
from the larger p-Y&O, dendrites. A small 
amount of glassy phase remains in the microstruc- 
tures. The A + 6 wt% ZrO, composition also con- 
tains small precipitates of the yttria-stabilized 
zirconia phase. 

When the DTA scans were interrupted at tem- 
peratures corresponding to the first endothermic 
peak (at 1420 and 1400°C for A and A + 6 wt% 
ZrO,, respectively), the dendritic morphologies of 
both microstructures have given way to a blocky 
morphology with a grain size of approximately 
3-10 pm (Fig. 3). The X-ray diffraction patterns 
showed the same phases as for the heat treatment 
to 1370°C (see Table 1). The amount of glassy 
phase however increased slightly. (This could not 
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(4 

(b) 
Fig. 2. Micrographs of the glass-ceramics A (a) and A + 6 wt o/o ZrO, (b) at 1370”C-backscatter image of p-YzSi207 dendrites in a 

glassy matrix. Small bright crystals in (b) are the yttria-stabilized zirconia. 

be detected by X-ray diffraction but was measured 
by careful analysis of the microstructure using 
SEM and the point counting method.) Thus, the 
appearance of the first endotherm is attributed to 
the partial dissolution of a very small amount of 
the p-Y&O,, and other non-equilibrium phases 
present. The crystallization of both glasses involves 
large compositional changes when the crystalline 
phases crystallize out from the parent glass. 
Therefore diffusion of ions over large distances is 
required in order to achieve the equilibrium phase 

content. The viscosity of the retained glass in the 
microstructure controls the difiusion rates. At the end 
of crystallization, the retained glass in the glass- 
ceramics A and A + 6 wt% ZrO, is rich in SiOz 
and A&O, because of the crystallization of the 
/3-Y&0,. This involves the rejection of Si. 0, Al 
(and Zr for the A + 6 wt% ZrO, composition) 
ahead at the glass/crystal interphase.” The viscos- 
ity of the retained glass at the temperature 
approaching the onset of the endothermic reaction 
is low enough to cause the change of the morph- 
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(4 

04 
Fig. 3. Micrographs of the glass-ceramics A (a) and A + 6 wt% ZrOz (b) at the temperature of the first endothermic peak- 

backscatter image. 

ology. The thermodynamic driving force for this 
change is lowering of the surface energy as the 
dendritic crystals with high specific surface area 
are continuously transformed into a microstruc- 
ture with a lower specific .area. The onset tempera- 
ture of the first endothermic reaction is lowered 
by approximately 20°C for the A + 6 wt% ZrO, 
composition compared with the A composition. 
This can be attributed to the influence of the Zr4+ 
cation which acts as a glass-network modifier and 
decreases the viscosity of the retained glass at this 

high temperature. The heat of reaction (propor- 
tional to the area bounded by the endothermic 
peak and the DTA base line) of the first endother- 
mic reaction is lower for the A + 6 wt% ZrO, 
glass, probably due to an additional exothermic 
crystal growth of the yttria-stabilized zirconia 
crystals in the microstructure. 

The phase assemblage observed at the second 
endothermic peak temperature (1430 and 1420°C 
for A and A + 6wt% ZrO,, respectively) indicates 
a partial dissolution of the @Y,Si,O, phase and 
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(4 

(b) 
Fig. 4. Micrographs of the glass-ceramics A (a) and A + 6 wt% ZrO, (b) at the temperature of the second endothermic peak- 

backscatter image of a mixture of /3-Y&0,, YAG and yttria-stabilized zirconia crystals. 

crystallization of the YAG phase. Micrographs 
of the samples at the temperatures of the second 
endothermic reaction are shown in Fig. 4. The 
intensity of the YAG peaks in the X-ray 
pattern of the A + 6 wt% ZrOz composition was 
much higher than in the A composition. EDX 
analysis confirmed a much higher content of the 
YAG phase in the A + 6 wt% ZrO, microstruc- 
ture. Although no noticeable A&O3 crystallization 
was detected by X-ray diffraction of the A compo- 
sition, a small amount could be observed when 

examined by EDX. ~Y+Si,O, could be detected 
in small amounts for the A sample due to the high 
temperature. (The equilibrium transformation 
temperature of P_YzSi,07 to y-Y&O7 is 1445°C 
in the binary Y203-Si02 system.14) An increase of 
the A&O3 amount and the glassy phase content 
was noticed for the A + 6 wt% ZrOz composition. 
The significant YAG and A1203 crystallization as 
well as the crystal growth of the yttria-stabilized 
zirconia, which are probab1.y exothermic reactions, 
lower the overall endothermic heat of reaction of 
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the A + 6 wt% ZrO, composition. The effect of 
zirconia on lowering the viscosity of the retained 
glassy phase (or more accurately liquid phase) is 
more obvious at this high temperature of the sec- 
ond endothermic reaction. The kinetic rates of the 
phase transformations occurring during melting 
are increased due to the presence of a larger 
amount of the liquid pha,se. Consequently, A1203 
and a larger amount of the YAG phase can pre- 
cipitate out from the liquid phase in the A + 6 
wt% ZrO, composition. 

A third endothermic pe.ak could be seen on the 
DTA charts at 1530 and 1500°C for A and A + 6 
wt% ZrO,, respectively. Due to cracking of the 
A1203 crucibles at higher temperatures than 15OO”C, 
samples of both compositions were prepared at 
1500+2O”C in a conventional furnace of the same 
type as used for the glass preparation. The same 
atmosphere and heating rate were applied as in 
the DTA furnace. For the A composition the 
YAG phase was the major phase detected, accom- 
panied by yY,Si,O, and a smaller amount of 
kY&O,. The A + 6 wt% ZrO, composition 
formed a homogeneous glass with some ZrO, 
crystals precipitated in the microstructure. This 
observation and the DTA results imply that the 
last crystalline phases dissolve into the liquid at 
1530 and 1500°C for the A and the A + 6 wt% 
ZrO,, respectively. 

3.4 Zirconia in an oxynitride glass-ceramic 
The same DTA scans as described above were 
performed on oxynitride and ZrO,-containing 
oxynitride glasses with the same Y :Si:Al ratio with 
10 eq% of nitrogen incorporated into the glass 
structure by adding an appropriate amount of sili- 
con. nitride powder (Kema Nord Industrikemi) to 
the oxide mixtures prior 1.0 firing at 1700°C. The 
same tendency of lowering the onset temperature 
of the endothermic reaction could be observed for 
the composition containirig 6 wt% of zirconia. 

4 Conclusions 

The influence of ZrO, addition on the melting 
behaviour of a YSiAlO glass-ceramic has been 
assessed. ZrO, lowers the viscosity of the retained 

glassy phase in the glass-ceramic and consequently 
increases the kinetics of the phase transformations 
occurring during melting. The onset temperature 
of the endothermic reaction representing melting 
is lowered by approximately 20°C. The overall heat 
of reaction of the endothermic reaction is also 
lowered. The same influence of ZrO, addition was 
observed in the oxynitride glass-ceramic with the 
same Y: Si: Al cation ratio and 10 eq% of nitrogen. 
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Abstract 

The crystallization behavi’our of YSiAlON glasses 
with and without ZrO, additives, prepared by melting 
at 17OO”C, were studied by means of d@erential 
scanning calorimetry, scanning microscopy and X-ray 
powder d@raction analysis. The optimum nucle- 
ation temperatures were determined to be Tg + 65°C 
and Tg + 50°C for the Zr02-free and the ZrO,-con- 
taining glass, respectively. The crystallization of the 
glasses was found to be dominated by the surface 
mechanism of nucleation and growth. The added zir- 
conia acted as a growth modifier rather than a nucle- 
ating agent. Copyright 0 1996 Elsevier Science Ltd 

1 Introduction 

Silicon nitride based ceramics contain oxynitride 
glass phases at the grain boundaries that control 
the high-temperature properties and subsequent 
behaviour. The desire to understand the nature of 
these grain boundary phases has resulted in a 
number of investigations on oxynitride glass 
fokation and properties.‘-5 Much of the earlier 
interest centred largely o-n the influence of nitro- 
gen, which in silicate glasses increases their viscos- 
ity, glass transition temperature and hardness.3-5 
Further, the improvement obtained in the thermo- 
mechanical properties of Si,N, ceramics following 
crystallization of the grain boundary oxynitride 
glass 6,7 has prompted more detailed work on the 
microstructure and crystallization behaviour of 
bulk materials similar to the glass phases present 
at the grain boundaries of these ceramics. Such 
studies have been largely carried out in the 
YSiAlON system’-” since Y2O3 and Al203 have 
proven to be effective additives for Si,N, ceramics. 

Control of nucleation is extremely important in 
the formation of glass-ceramics. The crystalline 
phases formed on heat treatment and the extent of 
their formation will determine the properties of 
the particular material. The phases formed depend 

on both the composition of the parent glass and 
the heat treatment process. Some glasses require 
the addition of a nucleating agent to promote 
crystallization. The YSiAlON glasses, in general, 
appear to be self-nucleating.‘-” However, Thomas 
et aLI observed improved crystallization behaviour 
for an oxynitride glass containing a small addition 
of ZrO,. Furthermore, Braue et ~1.‘~ found a sig- 
nificant improvement of high-temperature strength 
of (Y2O3 + Al2O3) fluxed sintered Si,N, partially 
doped with small amount of ZrO,. In contrast, the 
work of Cheng and Thompson*4 and Shaw et ~1.‘~ 
on zirconia additions to nitrogen ceramics show 
no appreciable improvements in mechanical prop- 
erties and this has been attributed to the difficulty 
of retaining transformable ZrO, in this system. 

In previous studies16,17 on yttria-alumina-silica 
glasses with addition of zirconia as a nucleating 
agent, zirconia was considered to act as a growth 
modifier rather than a catalyst nucleating agent. 
The solubility limit of zirconia in a YSiAlO melt 
at 1700°C was found to be 6 wt%. In the present 
work, the influence of ZrO, addition on the crys- 
tallization kinetics of an oxynitride glass prepared 
at 1700°C is studied. The crystallization mecha- 
nisms, the optimum nucleation temperatures and 
the activation energies for the crystallization pro- 
cess in ZrO,-free and ZrO,-containing compositions 
are compared by means of differential scanning 
calorimetry (DSC), scanning electron microscopy 
(SEM) and X-ray powder diffraction analysis. The 
Y: Si: Al ratio (in equivalent %) chosen for the 
oxynitride glass in the present investigation is the 
same as in the previously studied oxide glass.16 
Nitrogen (10 equivalent %) is incorporated into 
the oxide composition to form the oxynitride glass. 

2 Experimental 

2.1 Glass preparation 
A YSiAlON glass of composition (in equivalent 
%) 27Y:42Si:31A1:900:10N without ZrO, and one 
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with the addition of 6 wt% monoclinic ZrO, 
(Sigma Chemical) was prepared from mixtures of 
silicon nitride (KemaNord Industrikemi), high- 
purity yttria, alumina and silica (Rhone Poulenc, 
Alcoa Chemicals, Johnson Matthey) in the appro- 
priate proportions. The equivalent % method of 
representation of composition has been reported 
previously. I8 The powders were mixed in polyethy- 
lene containers on a Siemens roller mill for 10 h 
using propanol as mixing medium. The alcohol 
was then evaporated and the powder mixtures 
were sieved. Batches of approximately 100 g each 
were then mechanically compacted into molybde- 
num crucibles and melted under 0.17 MPa nitro- 
gen at 1700°C for 2.5 h, after which the melt was 
rapidly cooled down to 880°C and then annealed 
at this temperature for 1 h prior to slow furnace 
cooling. 

2.2 Glass characterization 
To study quality and homogeneity, observations 
on melting and final appearance were made. X-ray 
analysis was carried out using a Philips X-ray 
powder diffractometer (Cu K, radiation) in order 
to detect any crystalline phases present in the 
glasses. SEM analysis was carried out using a Jeol 
840 scanning electron microscope to assess homo- 
geneity. The densities were measured by Archimedes’ 
principle using water as the working fluid. Micro- 
hardness was obtained using a Vickers indentor 
with a load of 300 g applied for 15 s. A Stanton- 
Redcroft differential scanning calorimeter was 
used to determine glass transition (T,) and crystal- 
lization (T,) temperatures. Similar characterization 
techniques were employed for the glass-ceramics 
obtained after two-stage heat treatments in the 
tube. furnace. 

2.3 Heat treatments using DSC for optimum 
nucleation temperature determination 
Differential scanning calorimetry was performed 
on the glasses to determine the optimum nucle- 
ation temperature using the method outlined by 
Marotta et ~1.‘~ The relationship between the 
number of nuclei N, and the time t, of nucleation 
heat treatment is given by: 

N,, = It,,’ (1) 

where I is the kinetic rate constant of nucleation 
and b is a parameter related to the nucleation 
mechanism. If the samples are held for the same 
time t, at each temperature T, of the heat treat- 
ment, then the following equation applies: 

In I = (EJR)(lIT, - l/T,,) + constant (2) 

where E, is the activation energy for crystalliza- 
tion, R is the gas constant, Tp and Tpe are the crys- 

tallization exotherm temperatures obtained after 
and without a nucleation hold, respectively. The 
factor (l/T, - l/T,,) has been shown to be a func- 
tion of T,, the nucleation hold temperature, and a 
plot between them gives a bell-shaped curve, the 
maximum of which is the temperature at which 
optimum nucleation occurs.19 

Small quantities of powdered glass samples of 
particle size 53 to 90 pm were held in boron 
nitride lined platinum crucibles and alumina was 
used as a reference material. These were then 
heated at 20°C min’ in a flowing nitrogen atmo- 
sphere to temperatures ranging between Tg (glass 
transition temperature) and Tg + 100°C for 1 h, 
after which heating was continued at 10°C min’ 
until the crystallization peak (Tc2) was observed. 
The reason for choosing the Tc2 peak will become 
apparent later. From the DSC traces the peak 
temperatures of crystallization corresponding to 
the different nucleation hold temperatures were 
recorded. Prior to these experiments, an initial 
DSC run was carried out without a nucleation 
hold and this was used as a reference for deter- 
mining the shift in crystallization peaks resulting 
from the nucleation treatment in the other runs. 
The isothermal heat treatment that resulted in 
the greatest depression in crystallization tempera- 
ture is taken as the optimum nucleation temp- 
erature. 

The activation energy for the crystallization 
process was determined using the method of 
Matusita and Sakka2’ on the basis that the crys- 
tallization of glass is advanced by a nucleation 
and growth mechanism. The method involves 
DSC runs performed at several heating rates and 
subsequent analysis of variation of peak tempera- 
ture with heating rate. Five different heating rates 
(5, 8, 10, 15 and 20°C min’) were employed, 
maintaining the same particle size (53 to 90 pm). 
The relationship between heating rate and exo- 
thermic peak temperature is given by: 

ln(a”/Tr2) = -m EJRT,, + constant (3) 

where (Y is the heating rate, Tpv the maximum crys- 
tallization exothermic peak temperature, E, the 
activation energy for crystallization, R is the gas 
constant and n and m are numerical constants 
which depend on the crystallization mechanism 
(n = m = 1 for surface-dominated nucleation and 
n = m = 3 for bulk crystallization from a constant 
number of nuclei2’). In order to determine the 
mechanism of crystallization, i.e. whether crystal- 
lization proceeds by bulk or surface nucleation, 
additional DSC runs were carried out under iden- 
tical conditions on three samples of varying parti- 
cle sizes for both glass compositions. Considering 
the nucleation process as surface-dominated, as 
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will be seen below, the values of ln(a!/T,?) were 
determined and plotted against l/T,,,. The resulting 
slope was used to calculate the activation energy 

(EJ 

2.4 Heat treatments in tube furnace 
A two-stage heat treatment was carried out in a 
nitrogen atmosphere using a tube furnace. Coupons 
(10 mm X 10 mm X 2 mm) cut from these glasses 
were placed in a bed of boron nitride in an alu- 
mina crucible in a tube furnace and heat-treated 
at the optimum nucleation temperature (deter- 
mined using DSC) for 10 h, followed by a treat- 
ment at the crystal growth temperature for 30 
min. Crystal phases of the heat-treated specimens 
were analysed by X-ray diffraction, and both sur- 
face and sectioned morphologies observed using 
scanning electron microscopy on diamond-pol- 
ished sections without etching. 

3 Results 

3.1 Glass characterization 
Table 1 shows the X-ray analysis and observations 
on melting for both ZrO,-free and ZQ-contain- 
ing glass compositions. As can be seen, both com- 
positions gave fully amorphous material. However, 
a slight difference was observed with regard to 
their appearance. The ZrO,-free composition pro- 
duced a faint yellow transparent glass while the 
ZrO,-containing composition gave a yellowish 
grey transparent glass. Further, SEM analysis 
indicated glasses to be homogeneous. Some of the 
physical properties obtained on the as-melted 
compositions are summarized in Table 2. The 
minimum point in the endothermic drift of the 
DSC curves (Fig. 1) corresponding to the end of 
the transition range is reported as the glass transi- 
tion temperature (T,) in Table 2, while T,, and T,, 

Table 1. Characterization of as-melted glass compositions 

Composition (eq’%) 

27Y:42Si:3 lAh900: 10N 
27Y:42Si:31Al:900:10N + 6 wt% ZrO, 

X-ray analysis 

Amorphous 
Amorphous 

Observations on melting 

faint yellow transparent glass 
yellowish grey transparent glass 

Table 2. Physical properties of as-melted glass compositions 

Composition (es’%) Density Hardness 
(g cmm3) (GPa) 

27Y:42Si;3 lAl:900: ION 952 1 106 1238 3.60 10.21 f 0.35 
27Y:42Si:3 lAl:900: ION + 6 wtU/, ZrO, 945 1116 1245 3.65 10.46 + 0.4 
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Fig. 1. Non-isothermal DSC traces for YSiAlON glasses (a) without ZrO, and (b) with ZrO,. 
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are the first and second crystallization exotherm 
temperatures, respectively, obtained from the 
maxima of the exothermic peaks. From these 
results it can be seen that zirconia addition 
slightly shifts the Tg to lower temperatures and 
crystallization peaks (T,, and Tc2) to higher tem- 
peratures. Further, from the DSC curves shown in 
Fig. 1 it can be seen that, for both glass composi- 
tions, exothermic peaks corresponding to T,, are 
rather weak while those corresponding to Tc2 

are sharp and distinct. Because of this, the shift in 
the T,, peak was monitored below to determine 
the optimum nucleation temperature and the acti- 
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Fig. 2. Nucleation rate-temperature curve for ZrO*-free YSiAlON 
glass. 
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Fig. 3. Nucleation rate-temperature curve for ZrOz-containing 
YSiAlON glass. 

vation energy for crystal growth. With regard to 
other properties, the density and the hardness 
values were slightly higher for the ZrO*-containing 
glass composition. 

3.2 Heat treatments using DSC for optimum 
nucleation temperature determination 
The (l/T, - l/T,,) versus nucleation hold temp- 
erature (T,) plots obtained from the peak shifts 
measured on the DSC traces are shown in Figs 2 
and 3 for ZrO,-free and ZrO,-containing YSiAlON 
glass compositions, respectively. Table 3 summa- 
rizes the results of these plots. As can be seen, for 
the glass without ZrO, the maximum nucleation 
occurs at 1017”C, corresponding to Tg + 65°C 
while for the ZrO,-containing glass it occurs at 
995°C which corresponds to Tg + 50°C. Another 
observation is that the slope of the left side of the 
curve for the ZrO, glass is steeper compared with 
that for the ZrO,-free glass, which indicates that 
maximum nucleation occurs closer to the glass tran- 
sition tkmperature for the ZrO,-containing glass. 

In order to determine the activation energy for 
crystallization, the mechanism of crystallization, 
i.e. whether crystallization proceeds by bulk or 
surface nucleation, should be taken into account. 
For this purpose, additional non-isothermal DSC 
runs with a heating rate of 15°C min’ were car- 
ried out on three samples of varying particle sizes. 
The exothermic peak temperatures ( Tc2) obtained 
from DSC traces of these experiments are shown 
in Table 4. It can be seen that as the particle size 
increases the crystallization peaks are shifted to 
higher temperatures for the same heating rate 
(15’C min-‘) for both compositions. This variation 
in exothermic peak temperature with varying par- 
ticle sizes is indicative of a surface nucleation 
mechanism. 

Figures 4 and 5 respectively show the activation 
energy plots obtained using the Matusita method 
for the ZrO,-free and ZrO,-containing glass com- 
positions. The activation energy for crystallization 
was calculated from the slope of these straight 
lines according to eqn (3) taking n = m = 1 for 
surface-dominated nucleation. The values thus 
obtained are 365 kJ mall’ for the ZrO,-free glass 
and 280 kJ mol-’ for the ZrO,-containing glass. 
Without emphasizing the actual magnitudes of 
these values too much, it is pertinent to note that 
the addition of ZrO, lowers the activation energy 
for crystallization. 

Table 3. Optimum nucleation temperatures obtained using DSC technique 

Composition (eq’%) 

27Y:42Si:31A1:900:10N 
27Y:42Si:31AI:900:1ON + 6 wt% ZrO, 

TJC) Opt. nucleation temperature 

952 
945 

Tg + 65°C 
T. + SO’C 
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TabIe 4. Crystallization temperatures (Tcz in “C) obtained for both glass compositions of varying particle size 
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Composition (eq%) Particle size 
53-W @m >I50 /_un 

27Y:42Si:31A1:900:10N 1198 1238 1257 
27Y:42Si:3 lA1:900: 1ON + 6 wt% ZrOz 1202 1245 1266 
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Fig. 4. Activation energy plot 6or the crystallization process 
occurring in ZrOz-free YSiAlON glass. 

3.3 Tube furnace experimeuts 
Both glasses were subjected to two-stage heat 
treatments employing a tube furnace at tempera- 
tures corresponding to optimum nucleation and 
crystal growth. Thus the schedule for the heat 
treatment of the ZrO,-free composition involved a 
nucleation treatment at l’g + 65°C (1017°C) for 
10 h followed by a crystallization treatment at 
1230°C for 30 min. For thse ZrO+ontaining glass, 
a nucleation treatment for 10 h was given at a 
temperature corresponding to Tg + 50°C (995’C), 
followed by a crystallization treatment at 1220°C. 
The chosen crystal growth temperatures corre- 
spond to the exotherm temperatures observed in 
DSC (Figs 6 and 7) during the nucleation hold at 
the respective temperatures. 

Phase assemblages of the heat-treated glass 
samples identified by X-ray diffraction (Table 5) 
include yttrium disilicate (Y&O,) and Y4A1209 
(YAM) as the major crystalline phases and also 
traces of mullite (Al,Si,O,,). For the ZrO,-con- 
taining glass, yttrium disilicate exists in both p 
and y polymorphs while only the /I form was 
observed for the ZrO,-free glass. In addition, for 
the ZrO,-containing glass, cubic yttria-stabilized 
ZrO, (Y,.,,Zr,.,,0,.93) was noted. 

The surface and sectioned morphologies of the 
glass-ceramic microstructures obtained following 
two-stage heat treatments at temperatures corre- 
sponding to optimum nucleation and crystal 
growth are shown in Figs 8 and 9 for ZrO,-free 
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Fig. 5. Activation energy plot for the crystallization process 
occurring in ZrOz-containing YSiAlON glass. 

and ZrO,-containing glass, respectively. The mor- 
phologies of both glass-ceramics are dendritic in 
nature with crystals being relatively coarser for 
ZrOrcontaining glass-ceramic. The small bright 
crystals seen in the surface micrograph of ZrO,- 
containing glass-ceramic are yttria-stabilized ZrO, 
crystallizing out from the parent glass as XRD 
analysis would indicate. Further, for both glass- 
ceramics, examination of the sectioned morpholo- 
gies [Figs 8(b) and 9(b)] reveal much lower volume 
fraction crystallization compared with the surface 
layers. This indicates the predominance of surface 
nucleation for these glass-ceramics and is in good 
agreement with the DSC results mentioned above 
(Table 4). 

The results of the additional characterization 
carried out on heat-treated specimens of both com- 
positions are summarized in Table 6. Devitrification 
of both glasses produced dark grey coloured glass- 
ceramics and these were opaque in nature. Com- 
paring Tables 2 and 6 it can be seen that there is a 
slight decrease in density and an increase in hard- 
ness after crystallization in both glass compositions. 
The ZrO,-containing glass and glass-ceramic are 
marginally harder than the ZrOz-free composition. 

4 Discussion 

The glass transition temperature of the as-pre- 
pared oxynitride glasses determined in this study 
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are higher than the values obtained on the corre- 
sponding oxide glasses. ‘6~17 This increase is attri- 
buted to the incorporation of nitrogen into the 
glass structure leading to a more rigid glass net- 
work, as reported elsewhere.4,5 

Though small, there exists a difference in the 
physical properties of YSiAlON glasses with and 
without ZrO, additives (Table 2). It is interesting 
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Fig. 6. DSC trace of Zr02-free glass obtained following the isothermal test carried out at Tg + 65°C. 
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to note that zirconia addition shifts Tg to a 
slightly lower temperature and it is assumed that 
the addition of ZrO, causes a decrease in viscosity 
of the glass. Crystallization temperatures (T,, and 
T,,) move to higher values and, from a thermody- 
namic point of view, this is feasible since an addi- 
tional component would lead to an increase in the 
entropy of the system, thereby hindering crystal- 
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Fig. 7. DSC trace of ZrO,-containine glass obtained following the isothermal test carried out at T, + Snot 
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lization. The increase in density and hardness 
observed for the ZrO,-containing glass can per- 
haps be attributed to higher nitrogen retention 
during melting than for the glass without the addi- 
tive. This argument is based on the fact that nitro- 
gen has a higher affinity towards zirconia and that 
nitrogen itself can be incorporated into the zirco- 
nia structure.‘4”5.22 

The optimum nuc1eatio.n temperatures for the 
ZrO,-free and ZrO,-containing glasses, derived 
from the DSC data in Figs 2 and 3, are 1017°C 
(T, + 65°C) and 995°C ( 7’9 + 5O”C), respectively. 

These temperatures correspond to the maximum 
in the (l/T, - l/TP,) versus T, curve. Thus it is evi- 
dent that the optimum nucleation temperature is 
lowered by the addition of ZrOz, with the highest 
nucleation rate closer to the glass transition tem- 
perature for the ZrO,-containing glass. However, 
for both glasses the crystallization process seems 
to depend on the specific surface area of the glass 
samples used in the DSC experiments (Table 4). 
For samples of high specific surface area (~53 
pm), the crystals grow from a large number of 
surface nuclei and consequently lower Tc2 values 

Table 5. Crystaldine phases observed after two-stage heat treatment for both glass compositions 

Comoosition fed%) Phase assemblage 

27Y:42Si:31AI:900:10N 
27Y:42Si:31Al:900:lON + 6 wt% ZrOz 

pY$i,O,, Y4A1709, Al&O,,” 
yY$i,O,, /3--Y&O,, Y4Al&, 

Y0.15Zr0.8501.93r Al$12013” 

’ Trace amounts. 

64 

@I (4 
Fig. 8. Micrographs of ZrOl-free YSiAlON glass obtained 
following two-stage heat treatments (1017°C for 10 h, 1230°C 
for 30 min): (a) surface morphology and (b) sectioned 

morphology. 

Fig. 9. Micrographs of ZrO,containing YSiAlON glass obtained 
following two-stage heat treatments (995’C for 10 h, 1220°C 
for 30 min): (a) surface morphology and (b) sectioned 

morphology. 
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were observed. As the particle size increases, due 
to the lower specific surface area of the sample, 
the number of surface nuclei decreases and if sur- 
face nucleation is dominant, then, given the con- 
stant heating rate used in the DSC experiments, 
the T,, peak should be shifted to higher tempera- 
tures. This was indeed the case observed for both 
glass compositions. The difference observed in the 
shape of the (l/T, - l/T,,) versus T, curves (Figs 2 
and 3) can then be said to simply imply that a sig- 
nificant nucleation occurs over a much narrower 
temperature interval for the ZrO*-containing glass 
compared with the ZrO,-free glass. However, 
from the SEM analysis, some bulk nucleation had 
occurred to a limited extent, possibly associated 
with the presence of Fe/Si impurity particles in the 
glass or with the precipitated ZQ crystals. 

The surface morphologies of both glass-ceram- 
ics after the two-stage heat treatment in the tube 
furnace are of dendritic appearance (Figs 8 and 9). 
However, the crystals are relatively coarser for the 
ZrO,-containing glass-ceramic. This implies that 
the crystal growth on the surface proceeds from a 
smaller amount of nuclei for the ZrO,-containing 
glass than for the ZrO,-free glass. The sectioned 
morphology of the ZrO,-free glass-ceramic [Fig. 
8(b)] consists mainly of spherulites of the Y2Si207 
phase, which indicates a rapid growth of the 
Y&O, crystals during the crystal growth treat- 
ment. Similar spherulitic appearance of Y&O, 
phase was observed in the previous studyI on the 
crystallization behaviour of the pure oxide compo- 
sitions in the ZrO,-free glass. The sectioned mor- 
phology of the ZrOz-containing glass-ceramic is 
somewhat different [Fig. 9(b)] and consists of 
mainly yttria-stabilized ZrOz and fine platelet-like 
Y&O7 crystals. It is rather interesting to note 
that’ Y&O, crystals appear to be embedded in 
the region where zirconia is crystallizing out from 
the parent glass. This seems to suggest that ZrOz 
may provide heterogeneous nucleation sites for 
additional crystallization to take place. However, 
sectioned morphologies reveal much lower volume 
fraction crystallization compared with the surface 
layer and, in fact, this is similar to that observed 
for the ZrO,-free glass, suggesting that ZrO, crys- 
tals do not act as heterogeneous nucleation sites. 

To determine the activation energy for crystal- 
lization, the mechanism of crystallization must be 

known in order to apply eqn (3) correctly, i.e. to 
substitute correct values for the constants m and 
n. Based on the non-isothermal DSC runs (Tc2 
variation with particle size) and the sectioned 
morphologies obtained on the tube furnace heat- 
treated samples, it was assumed that surface crys- 
tallization is the dominant mechanism for both 
glass-ceramics and therefore values of n = m = 1 

were considered appropriate. For the ZrO,-free 
glass only three experimental values, corresponding 
to the heating rates of 20, 15 and 10°C min-‘, were 
used to determine the slope of the plot of 
In(cy/T,?) versus l/T,,. in Fig. 4 and subsequently 
to estimate the activation energy of crystallization. 
This is because at the low heating region there 
appears to be a significant contribution of bulk 
crystallization as evident from the deviation from 
a linear plot. For the ZrO,-containing glass, all 
the experimental data were taken into account for 
estimating the activation energy since no signifi- 
cant deviation from the straight line at the region 
of low heating rate was observed (Fig. 5) imply- 
ing no appreciable contribution of bulk crystal- 
lization (mainly of yttria-stabilized zirconia) to the 
overall crystallization. The activation energy for 
crystallization process thus determined indicated a 
lower value (280 kJ mol-‘) for the ZtQ-containing 
glass than for the ZrO,-free glass (365 kJ mol-I). It 
has to be stressed that the activation energies so 
obtained using variable heating rate methods are 
‘apparent’ activation energies and may be the 
compound result of a number of simultaneous 
events, e.g. crystallization of more than one 
phase. *’ Nevertheless, these data are useful as aids 
in determining overall trends in crystallization 
behaviour. 

The properties of the heat-treated glass-ceram- 
ics indicate a slight decrease in density and an 
increase in hardness after crystallization in both 
glass compositions (Tables 2 and 6). While the 
hardness improvement can be attributed to the 
devitrification process, the synergistic observation 
of a decrease in density and an increase in hard- 
ness seems to suggest the occurrence of a volume 
expansion as a result of crystallization. Zirconia 
additions increase the hardness only marginally. It 
should be emphasized that the objective of the 
present study was to investigate the influence of 
Zr02 addition on the crystallization process and 

Table 6. Physical characterization of glass-ceramics 

Composition (eq’%) 

_. 

Appearance Density 
(g cm-j) 

Hardness 
@Pa) 

27Y:42Si:3lAl:900:10N 

27Y:42Si:31AMOO:lON + 6 wt% ZrOz 

dark grey opaque 
material 

dark brown opaque 
material 

3.45 12.46 rt 0.6 

3.48 12.68 f 0.55 



In@dence of Zr02 on crystallization 

not to establish the optimum morphology in terms 
of maximum volume fraction crystallization from 
the parent glass. Therefore no attempts were made 
to optimize the crystal g,rowth temperature and 
the duration of either the nucleation or the crystal 
growth treatments with respect to the maximum 
volume fraction crystallized as reported by 
Ramesh et al.” in an earlier study. Consequently, 
the hardness values of the: glass-ceramics reported 
in Table 6 may not perhaps be the highest values 
possible. 

With regard to the role of zirconia during the 
devitrification process, the following points should 
be noted. The XRD results reported in Table 5 
reveal the crystalline phase assemblage in the 
Zr02-containing glass-ceralmic to be more complex 
than in the ZrO,-free glass-ceramic, with more 
different phases crystallizing from the parent glass. 
Cubic zirconia is stabilized by Y203 as revealed by 
the presence of Y,.,,Zr,.,,O,.,, phase and this is 
completely crystallized eas,ily from the parent glass 
accounting for the overall lower activation energy 
for crystallization. 

Since there are no nitrogen-containing crystal- 
line phases, the residual glass after devitrification 
would be enriched with nitrogen. The viscosity 
of the residual glass would be higher for the ZrO,- 
containing glass-ceramic due to crystallization of 
more non-nitrogen containing crystalline phases. 
As nitrogen is known to stabilize these glasses, a 
residual glass richer in nitrogen would inhibit 
further crystal growth. Under these conditions it 
can be stated that ZrO, acts as a growth modifier 
during the crystal growth process. The intensity of 
the T,, peak for the ZQ-containing glass after 
isothermal test becomes even lower compared 
with that for the ZrO,-free glass (Figs 1, 6 and 7). 
This is again an indication of the lower crystalliza- 
tion rate of the ZrO,-containing glass. Although 
the sectioned morphology of the ZrO,-containing 
glass-ceramic shows the yttrium disilicate crystals 
to be embedded on zirconia, the fact that there are 
no obvious improvements in the volume fraction 
crystallization compared with the ZrO,-free glass- 
ceramic suggests that the role of ZrO, in oxyni- 
tride glasses is not one of an effective nucleating 
agent. Lack of predominance of bulk nucleation 
seen during non-isothermal DSC runs for the 
ZrO, glass provides additional support to the 
above argument. Further, since the exact role of 
the Zr4’ cation in this silicate glass network is not 
known and no phase separation was observed, the 
lower activation energy obtained for the ZrO,- 
containing glass can perhaps be attributed to the 
differences in the activat:ion energies for crystal- 
lization of different crystal species in the ZrO,-free 
and ZrO,-containing glasses or to any structural 
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reorganization that might have occurred by the 
stabilization of the zirconia structure. Since ZrOz 
addition to the oxynitride glass lowers the contri- 
bution of bulk crystallization to the overall crys- 
tallization, it appears that the essential role of 
zirconia in oxynitride glasses is one of a growth 
modifier rather than a nucleating agent. 

5 Conclusions 

Differential scanning calorimetry was used to 
determine the optimum nucleation temperature of 
ZrO,-free and ZrO,-containing oxynitride glasses. 
The results indicate that the optimum nucleation 
temperatures for the glasses with and without 
ZrO, are Tg + 50°C and Tg + 65”C, respectively. 
The activation energies for crystallization in the 
glasses calculated from the slope of the In (a/Tp?) 
versus l/T,* plot indicated a lower value for the 
ZrO,-containing glass due to the easier crystalliza- 
tion of a yttria-stabilized cubic zirconia phase. 
The influence of sample specific surface on the 
devitrification mechanisms has been estimated. 
Surface nucleation was found to be the dominant 
nucleation mechanism for both glass-ceramics. 
The essential role of zirconia in oxynitride glasses 
has been shown to be one of growth modifier 
rather than that of nucleating agent. 
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Abstract 

It is well established that the glassy phase in a 
P-SiAION material, with addition of YzO,, can 
be crystallized to yttr.ium aluminium garnet 
(Y,Al,O,z-YAG) by a post-sintering heat treat- 
ment. The crystallization of the YAG phase from an 
oxynitride glass with composition 46.1 wt% Y,O,, 
26.3 wt% Al,O,, 21.6 wt% SiOz and 6 wt% Si,N, 
was studied by means of high-temperature X-ray 
dtflractometry. The kinetics of the crystallization 
were monitored in terms of the (420)) YAG peak 
area versus isothermal soaking time at 1150°C dur- 
ing d@erent heat treatments. The crystallization of 
the YAG phase was found to proceed as a surface 
crystallization. The results are relevant to developing 
improved crystallization treatments for glasses with 
potential for crystallization to YAG-based glass- 
ceramics and for heat treatments of YAG/&SiAlON 
materials. Copyright 0 1996 Elsevier Science Ltd 

1 Introduction 

P-SiAlONs (Si,,Al,OZN,+) are of interest for 
applications as ceramic components for high-tem- 
perature engineering systems because of properties 
such as high-temperature strength, high hardness, 
and high oxidation and corrosion resistance. They 
are usually prepared by dissolution of Al203 and 
AlN in o-Si3N4 in the presence of an intergranular 
liquid phase. I6 The consequent presence of inter- 
granular glass in sialon ceramics has a strong 
influence on their mechanical properties and oxi- 
dation behaviour. It has been shown that the 
glassy phase in a /? -SiAlON material, with addition 
of Y203, can be crystallized to yttrium aluminium 
garnet (Y,Al,O,,-YAG) by a post-sintering heat 
treatment at temperatures between 1200 and 1400°C 
or by slow cooling from the sintering tempera- 
ture.‘-” To achieve a perfect p + YAG two-phase 

structure, it is necessary that as the matrix trans- 
forms to YAG, the excess components diffuse into 
the p phase or precipitate as p of modified com- 
position. Crystallization is promoted by increased 
polytypoid content (usually 21R which is a struc- 
tural and compositional variant of the AlN- 
wurzite structure). Ceramics with high 21R levels 
crystallize partially during normal process cooling; 
those with low levels either do not crystallize dur- 
ing a normal (e.g. 5 h) treatment at 1400°C while 
for longer times additional phases such as yttrium 
disilicate form. This general trend may be simply 
interpreted via the ternary oxide liquidus surface 
and the influence of 21R on liquid composition; 
i.e. low 21R ceramics have matrix compositions 
within the eutectic trough in which the liquid is 
stable above 1300°C and with increased 21R com- 
positions move towards the YAG phase field with 
increased liquidus temperature.3,4 

Bone11 et a1.12 studied YAG crystallization dur- 
ing annealing of a P-SiAlONNAG ceramic at 
1250°C and 1350°C for 40 h. At complete 
crystallization a very fine film (of the order of 1 
to 2 nm) of amorphous phase was found to 
exist at two-grain junctions and assumed to be a 
stable configuration. Hohnke and Tien2 studied 
YAG crystallization during annealing of /3- 
SiAlON/YAG ceramic at 1200, 1300 and 1400°C 
for 50 h and found a catalytic effect of Pt added 
as a nucleating agent. Small amounts of glass 
retained in grain boundaries and triple points were 
identified in the microstructure. Bentsen et a1.13 
investigated the effect of annealing of a /3- 
SiAlONNAG ceramic on the thermal diffusivity 
of the material and found a significant increase 
after an annealing treatment at 1350°C for 20 h. 

The aim of the present work was to study the 
crystallization of the YAG phase from an oxy- 
nitride glass by means of high-temperature X-ray 
diffractometry (HT-XRD). An oxynitride glass 
composition, prepared in a nitrogen atmosphere 
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at 17OO”C, was subjected to different heat treat- 
ments in a high-temperature X-ray diffraction 
unit. The YAG crystallization from the parent 
glass was monitored by high-temperature X-ray 
diffraction during the heat treatment. 

2 Experimental 

2.1 Glass preparation 
Glass with composition 46.1 wt% Y203, 26.3 wt% 
A1,03, 21.6 wt% SiOZ and 6 wt% Si3N4’4 was pre- 
pared from high-purity Y,03, A1,OJ, SiOZ and 
S&N, powders (Rhone Poulenc, Alcoa Chemicals, 
Johnson Matthey Alfa Products and KemaNord 
Industrikemi). The powders were weighed in a 
precision balance, and mixed in polyethylene con- 
tainers on a Siemens roller mill for 10 h using 
propanol as mixing medium. The alcohol was then 
evaporated and the powder mixtures were sieved. 
A batch of approximately 100 g was then com- 
pacted into a molybdenum crucible and fired in a 
nitrogen atmosphere (pressure of O-17 MPa) at 
1700°C for 2.5 h. The heating rate up to the firing 
temperature was 5°C min-‘, the cooling rate from 
the firing temperature to 1400°C was 20°C min-‘, 
from 1400 to 950°C 15°C min-‘; and from 950 to 
500°C min’. The cooling rate was the natural 
cooling rate of the furnace (cold wall vacuum/ 
pressure furnace with a graphite heater) after it 
had been switched off. A mass change of less than 
1 wt% was observed. 

2.2 Glass and glass-ceramics characterization 
The glass transition temperature (T,) and the tem- 
perature of crystallization (T,) were measured by 
differential thermal analysis (DTA) on a powdered 
as-quenched glass sample in a nitrogen atmo- 
sphere. An A&O, powder reference standard and 
heating rate of 10°C min-’ were used. 

As a complement to HT-XRD, microhardness 
and infra-red spectroscopy were also used to study 
the possible structural changes in the glass during 
heat treatment. These measurements were carried 
out on samples heat-treated as follows: 2 g pieces 
of glass were placed in an S&N, powder bed in 
molybdenum boats and heat-treated at tempera- 
tures between 900 and 1000°C for 6 h in a static 
atmosphere of 0.13 MPa N, in the cold wall vac- 
uum/pressure furnace with a graphite heater men- 
tioned above. Ail the samples were weighed on a 
precision balance before and after the heat treat- 
ments to check for mass changes; none were 
observed. Vickers hardness measurements were 
performed with a commercial hardness tester 
(Matsuzawa Seiki Mxt LY). A load of 300 g was 

applied for 15 s on the sample whose surface had 
been polished with 3 pm spray diamond. At least 
10 indentations were made on each sample, the 
hardness being calculated on the basis of the 
average length of the indentation diagonals. The 
infra-red (IR) spectra were measured using a 
Perkin-Elmer 1760 X Fourier transform spec- 
trometer equipped with a triglycine sulfate (TGS) 
detector. The measurements were carried out on 
discs pressed from powdered samples mixed with 
KBr. 

Scanning electron microscopy (SEM) was car- 
ried out using a CamScan S4-80DV electron 
microscope. Room-temperature powder X-ray 
diffraction was performed on all samples heat- 
treated as bulk material in the cold wall furnace. 

2.3 High-temperature X-ray unit 
The high-temperature unit used in this investiga- 
tion is based on an Anton-PAAR HTK-10 high- 
temperature chamber. This standard equipment 
was re-engineered to increase the maximum work- 
ing temperature to more than 2300 K in an inert 
atmosphere or in vacuum. The platinum strip 
which is used as heater in the standard HTK-10 
equipment is replaced by a graphite furnace. The 
basic unit in this system is a Philips powder diffrac- 
tometer with a vertical goniometer PW 1050/25, 
graphite monochromater PW 1752/00, propor- 
tional counter for reflected beam PW 171 l/10 and 
PW 1730/10 generator. The X-ray diffraction is 
controlled by a PW 1710 diffractometer control 
system. The raw data are collected, processed and 
analysed with PC-APD (PW-1877) software sup- 
plied by Philips. 

The graphite furnace was coated with silicon 
nitride by first applying a layer of Si powder to 
the graphite and then nitriding at temperatures 
between 1150 and 1450°C. The coating had a 
thickness of approximately 0.75 mm, a relative 
density of 0.65 and a pore size of 0.2 pm. It 
showed good mechanical strength and thermal 
shock resistance. The voltage required to achieve a 
given temperature and the resistance of the fur- 
nace at that voltage were not significantly affected 
by the coating. The graphite furnace design and 
the high-temperature X-ray unit have been 
described in previous studies by Babushkin et al. ” 

and Ashkin et a1.‘6 

2.4 Experimental set-up with the HT-XRD unit 
Small amounts of as-quenched glass were pow- 
dered and the powder was freely compacted to 
form 8 X 10 X 1.5 mm plate samples. These were 
put into the coated graphite furnace and subjected 
to one of two possible heat treatments: (i) a single- 
stage heat treatment at 115O”C, (ii) a two-stage 
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heat treatment with various temperatures in a first 
pre-treatment stage (T, - 9O”C, Tg - 6O"C, Tg - 
3O”C, Tg and Tg + 20°C) for 1 h followed by a 
second stage at the higher temperature, 1150°C. 
The first pre-treatment stage was used to cause a 
partial sintering of the powdered glass sample and 
consequently to decrease its specific surface area 
with increasing temperature of the first stage. The 
heating rate of both heat treatments was 450°C 
h-‘, with the exception of the temperature interval 
between Tg and 1000°C for which it was 200°C h-’ 
and during which internal nucleation in the glass 
was expected to occur. The temperature of the 
sample was measured with a Pt-13% Rh/Pt ther- 
mocouple. The heat treatments were conducted in 
a static atmosphere of 0.13 MPa N2 (~5 ppm 0,). 

During the heat treatment two separate X-ray 
scans were performed: one over a 28 range of 31.5 
to 35” at a rate of 0.05” ss’ in approximately 20 
min intervals and a second between 20 and 40” at 
a rate of 0.05 ss’ in 60 min intervals. After the 
soaking temperature had been reached the scans 
were performed more frequently (Fig. 5). The first 
was used to follow the crystallization of the YAG 
phase [(420) peak at 20 = 33.5’1, the second to check 
for possible additional phases developing during 
the heat treatment, mainly S- and -y-yttrium disili- 
cates.14 The X-ray generator settings were 50 kV 
and 30 mA with a Cu-target tube. All the per- 
formed high-temperature X-ray runs were repeated 
twice to ensure reliability of the results. A Mar- 
guardt non-linear least-squares algorithm was 
used to calculate the (42 0) YAG peak areas in 
order to obtain a quantitative measure of the 
amount of crystallized YAG phase. To confirm 
the nature of phases obtained during the heat 
treatments in the HT-XRD unit, an additional 
scan over a 20 range of 10 to 80” at a rate of 
0.02” s? was performed on the cooled specimens 
by a room-temperature XRD unit (Philips X-ray 
diffractometer, Cu K, radiation). 

3 Results and Discussion 

3.1 DTA Measurements 
Figure 1 shows the DTA chart with an endother- 
mic peak at 943°C corresponding to the glass 
transition temperature (r,) and two exothermic 
peaks at 1075 and 114.5”C respectively, corre- 
sponding to crystallization processes in the glass. 
In a previous studyI it was concluded that differ- 
ent crystal species crystallize from the parent glass 
at these two different temperatures. The first max- 
imum corresponds to the crystallization of an 
intermediate phase accompanied by the crystal- 

lization of Y&O, and the second one to the crys- 
tallization of the YAG phase. 

3.2 Microhardness measurements 
Figure 2 shows the results of Vickers microhard- 
ness measurements performed on bulk glasses 
heat-treated at 900, 925, 950, 980 and 1000°C for 
6 h. These samples were transparent after the heat 
treatment, amorphous (as indicated by X-ray) and 
appeared to be homogeneous glasses without any 
traces of crystalline material when examined by 
SEM. A change of colour from yellow to light 
green was observed. However, a weak surface 
crystallization could be observed on samples heat- 
treated at 980 and 1000°C. For comparison, two 
additional microhardness measurements per- 
formed on samples heat-treated at 1050 and 
1100°C for only 2 h are included in Fig. 2. The 
microstructures of these two samples contained 
crystalline material as could be evidenced by SEM 
observations. 

The microhardness of as-quenched glass (with- 
out any subsequent heat treatment) was found to 
be 10.0 f 0.39 GPa. A decrease of microhardness 
of samples heat-treated at 980-1000°C can be seen 
in Fig. 2. This temperature range corresponds 
approximately to the annealing temperature range 
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Fig. 1. DTA curve of the glass at a heating rate of 10°C min?. 
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Fig. 2. Hardness of the glass heat-treated for 6 h (0) and 
2 h (0). 
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for this type of glass. I7 Therefore it is believed that 
the decrease is due to the relaxation processes.” 
The increase of microhardness of the sample heat- 
treated at 1100°C can be attributed to the 
increased volume fraction of crystallized material 
in the parent glass revealed by the X-ray diffrac- 
tion and SEM observations. 

3.3 Infra-red spectroscopy 
Figure 3 shows the IR spectra of 4 mg powdered 
specimens previously heat-treated as bulk glasses 
at 900, 950 and 1000°C for 6 h. The IR spectra of 
all three samples were similar with a broad 
absorption band located around 850-1100 cm-‘. 
The broad absorption is a result of integrated 
absorption from Si-0 and Si-N bond vibrations.‘9,20 
Figure 3 also indicates a small increase of absorp- 
tion of the glass heat-treated at 950°C and a large 
increase of absorption of the glass heat-treated at 
1000°C compared with that heat-treated at 900°C. 
Therefore it can be concluded that some structural 
changes in the network of the, glass took place 
during the heat treatments at 900-1000°C. 

In order to explore the nature of these changes, 
IR spectra were collected on 1 mg powdered spec- 
imens prepared from the same samples as before, 
as well as on samples heat-treated at .1050 and 
1150°C for 2 h and on YAG powder sintered at 
1600°C in air. The IRDM deconvolution software 
included in the Perkin-Elmer equipment was 
applied to the collected data and after this modifi- 
cation revealed some additional absorption peaks. 
Thus the evolution of absorption bands related to 
the YAG phase (790, 730, 695, 565, 515 and 470 
cm-‘) can be seen in Fig. 4. Since the microstruc- 
ture of the sample heat-treated at 1150°C con- 
tained a large amount of crystalline YAG phase 
(as evidenced by X-ray powder diffraction), the 
absorption bands may be related to the developed 
YAG crystals. This spectrum is very similar to 

Frequency, cm” 

Fig. 3. IR spectra of the glass heat-treated at 900°C (l), 
950°C (2) and 1000°C (3). 

that of the sintered YAG phase. The amount of 
YAG crystals in the microstructure heat-treated at 
1050°C was much less (amorphous when X-rayed) 
than in that heat-treated at 1150°C. Therefore the 
IR spectrum of the 1050°C specimen shows less 
intensity of the characteristic absorption bands 
attributed to the YAG phase. The microstructure 
of the sample heat-treated at 1000°C was amor- 
phous with only some surface crystals as observed 
by SEM. Therefore the weak absorption bands at 
790, 730, 695 and 515 cm-l can be attributed 
mainly to nuclei formed in the glass with the 
YAG-like structure. The IR spectra of glasses 
heat-treated at 900 and 950°C did not show any 
additional peaks after computer treatment, and 
therefore it was concluded that no nucleation or 
crystal growth occurred in the glass during the heat 
treatments at these low temperatures within 6 h. 

3.4 Heat-treatments in the HT-XRD unit 
Figure 5 shows the crystallization of the YAG 
phase from the parent as-quenched glass in terms 
of (42 0) YAG peak area (hereafter termed inten- 
sity) versus isothermal soaking time at 1150°C 
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Fig. 4. Deconvoluted IR spectra of the glass as-quenched (l), 
and heat-treated at 900°C (2), 950°C (3), lOOO*C (4), 105OT 
(5) and 1150°C (6), and the IR spectrum of the YAG sintered 

at 1600°C (7). 
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during different heat treatments in the HT-XRD 
unit described in the Experimental Section. All the 
X-ray diffraction patterns (collected during heating 
to the soaking temperature were free of any peaks 
from crystalline phases. Two groups of data, one 
low-intensity group (I) and one high-intensity 
group (II) can be distingu:ished. Group I included 
those two-stage heat treatment samples with the 
first stage treatment at Tg -- 30°C and at Tg Group 
II included the single-stage heat treatment sample 
and the two-stage heat treatment samples with the 
first stage treatment at Tg - 90°C and Tg - 60°C. 
Thus, the crystallization process appears to be 
influenced by the temperature of the first pre- 
treatment stage. The intensity of the (4 2 0) YAG 
peak is reduced (group I) when the temperature of 
the first stage treatment is high enough to cause a 
partial sintering of the powdered glass within 1 h. 
This suggests that the crystallization of the YAG 
phase is influenced by changes of the specific sur- 
face area of the powdered glass due to the partial 
sintering in the first stage heat treatment. Accord- 
ing to the IR measurements (Fig. 4) these temper- 
atures are still too low folr nucleation in the glass 
to proceed effectively and consequently the nucle- 
ation would occur mainly during heating to the 
second stage temperature. The influence of the 
specific surface area indic,ates that surface nucle- 
ation and growth are the dominant mechanisms of 
crystallization of the YAG phase in the investigated 
powdered glass. Figure 6 shows a SEM backscat- 
tered image of a polished surface of a sample with 
crystals growing from retained pore surfaces. 
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When the temperature of the first stage was 
increased to Tg + 20°C (~970°C) and the same 
procedures were applied, some crystalline peaks 
started to develop in the X-ray pattern at the end 
of the initial first stage treatment, i.e. after 
approximately 40 min at this temperature. This 
behaviour implies that the nucleation rate in the 
glass had increased significantly at this tempera- 
ture and subsequently the developed surface nuclei 
continued to grow to crystals which could be 
detected by the X-ray unit (Fig. 7). 

The temperature of the first stage treatment also 
influenced the development of other phases in the 
microstructure in addition to the YAG phase. 
Two additional low-intensity peaks appeared in 
the X-ray patterns of samples heat-treated with the 
first stage at temperatures close to the Tg (i.e. Tg - 
3O”C, Tg and Tg + 20°C). These peaks at 28 = 
32.7” and 28 = 31” correspond to the unidentified 
intermediate ‘silicate’ phase observed in previous 
studies’4,‘9,2’ and to the &Y2Si207 phase, respec- 
tively. Inspection of the X-ray patterns indicated 
that the intermediate phase crystallized from the 
glass at low temperatures (already around 970°C) 
and when the temperature was raised it started to 
transform probably to Y2Si207 (Fig. 7). Addi- 
tional peaks were not observed in the X-ray pat- 
terns of samples heat-treated with the first stage 
temperature at Tg - 90°C and at Tg - 60°C or in 
single-stage treatments. However, SEM observa- 
tions revealed the presence of Y2Si207 crystals in 
the microstructure of these samples (Fig. 8). These 
observations indicate that the crystallization of the 
Y2Si207 phase was enhanced when the specific sur- 
face area of the powdered sample and the crystal- 
lization of the YAG phase decreased, and 
consequently that bulk nucleation and crystal 
growth were the dominant mechanisms of crystal- 
lization of the Y2Si207 phase from the investigated 

Fig. 5. Kinetics of the YAG Icrystallization in the glass at 
1150°C during a single-stage heat treatment and following an 

initial pre-treatment at the indicated lower temperatures. 

Fig. 6. YAG crystals growing from pore surfaces in the glass 
during a two-stage treatment with the first stage at Tg - 90°C 

for 1 h (backscatter image 500x). 
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Fig. 7. X-ray patterns of the glass during a two-stage treatment with the first stage at Ts + 20°C (970°C) for 1 h; after 5 min at 
970°C (2), after 5 min at 1150°C (3), after 60 min at 1150°C (4) and after 80 min at 1150°C (5). 

Fig. 8. Y&O, crystals (bright crystals) developed in the 
microstructure of the glass during a two-stage treatment with 
the first stage at Ts-6OT for 1 h (backscatter image 2500x). 

glass. Since the crystallization of the Y,Si,O, 
phase proceeded by a bulk process in competition 
with the surface crystallization of the YAG phase 
and since the amounts of Y&O, phase crystalliz- 
ing were small, no kinetic measurements of the 
Y&O7 crystallization were attempted. No oxy- 
nitride phase was detected in the microstructure of 
the glass-ceramics during the heat treatments and 
therefore it is assumed that the retained glassy 
phase was enriched by nitrogen. 

The suggestion that the main mechanism of 
crystallization of the Y2Si,0, phase is a bulk pro- 
cess is consistent with results obtained by Ramesh 
et a1.22 using DTA measurements to characterize 
the crystallization process in a powdered oxynitride 
glass in the Y-Si-Al-O-N system. In that study 

the bulk nucleation and growth of the Y,Si,O, 
phase was identified as the main mechanism 
responsible for devitrification of the glass. Lewis 
et al.,‘O studying the crystallization of the glassy 
phase in a YAGIP-SiAlON material, observed that 
the number of nuclei was restricted and that there 
was a preference for nucleation of the YAG phase 
on free surfaces such as microcavities rather than 
at @SiAlON/glass interfaces. This was attributed 
to a compositional influence in addition to the 
direct effect of surface energy; thus species may be 
lostto the vapour phase or may surface-segregate, 
reducing the local viscosity or increasing the driving 
force for nucleation. Regions of phase separation 
were also recognized as possible nucleation sites 
for crystallization of the YAG phase. 

4 Conclusions 

The crystallization of an oxynitride glass was 
investigated using high-temperature X-ray diffrac- 
tometry, IR spectroscopy and microhardness mea- 
surements. The crystallization processes were found 
to begin around 1000°C. The crystallization of the 
powdered glass at 1150°C was followed in HT-XRD 
and shown to occur predominantly by YAG for- 
mation. The nucleation of the YAG occurred 
preferentially at free surfaces. A small amount of 
crystallization occurred by the formation of Y&O, 
nucleating in the bulk. The results are relevant to 
developing improved crystallization treatments 
for glasses with potential for crystallization to 
YAG-based glass-ceramics and for heat treatment 
of YAGI/3SiAlON materials. 
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Abstract 

The influence of the process atmosphere in the gas 
pressure sintering of silicon nitride has been investi- 
gated, particularly with regard to formation of the 
intergranular phase. The intergranular phases iden- 
tified after d@erent gas pressure sintering cycles 
were compared with that present in a material fab- 
ricated by the hot isostatic pressing of an identical 
powder composition, allowing comparison of the two 
processing methods. The results suggested infiltra- 
tion of the nitrogen processing gas into the sintering 
body, which adversely afleeted the intergranular 
phase formation in a composition that had been tai- 
lored for optimal mechanical behaviour. The dura- 
tion of exposure to the processing gas and the 
post-sintering cooling cycle were identtjied as being 
critical factors in the intergranular phase crystal- 
lisation. Copyright 0 1996 Elsevier Science Ltd 

Introduction 

The potential for improving the mechanical prop- 
erties of silicon nitride ceramics arises from 
greater microstructural control, mainly achieved 
by finely tailoring the initial powder composition 
and optimising the fabrication conditions. As is 
well known, limitations to the possible high-tem- 
perature applications of these ceramics are mainly 
imposed by the properties of the residual inter- 
granular phase formed after the reaction of sinter- 
ing additives with the silicon nitride grains. The 
chemical composition of this phase is critically 
important to the overall oxidation resistance while 
the viscosity of the liquid phase, formed above the 
eutectic temperature, influences the microstruc- 
tural development during sintering and also deter- 
mines the interfacial characteristics that affect 
creep behaviour. A considerable amount of 
research has been carried out specifically related 

to the composition of the intergranular phase, 
with sintering additives being selected for the opti- 
mum combination of their ease of sintering and 
the compatibility of the residual phase with Si,N, 
and its oxidation product, Si02. A well-known 
intergranular phase associated with improvements 
in high-temperature mechanical properties is 
Y2Si207, which has been formed in hot isostati- 
tally pressed (HIPed) S&N4 ceramics using a cor- 
rectly balanced mixture of Y203 and SiO, 
sintering additives.’ 

The powder composition used for this investiga- 
tion is one that has been well researched in HIPed 
ceramics and is associated with an absence of 
creep cavitation.’ In the research presented here, 
the ceramics have been fabricated using gas pres- 
sure sintering (GPS), a less expensive form of fab- 
rication, to enable the particular influence of the 
GPS processing method to be evaluated. 

The GPS process allows unusually high temper- 
atures to be reached during sintering while sup- 
pressing the thermal decomposition of S&N, via 
the application of external N2 pressure. The high 
sintering temperatures encourage the P-S&N, 
grains to grow abnormally and this leads to 
enhanced fracture toughness from mechanisms of 
crack bridging and pull-out and to improved relia- 
bility of the final ceramic. The ceramic powders 
are not generally encapsulated during the process- 
ing, in contrast to the HIPing procedure where 
encapsulation typically results in some surface oxi- 
dation to Si,N,O due to the interaction of the 
ceramic powders with the glass encapsulant. This 
means that the ceramic phase formation is much 
more susceptible to the atmospheric effects of the 
processing environment. For example, Neidhardt 
et aL2 found an oxygen/nitrogen gradient to exist 
in GPS-fabricated ceramics as a result of the 
reduction potential of the graphite sintering cru- 
cible in the nitrogen atmosphere. 
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Possible atmospheric effects of the nitrogen pro- annealing in air for 70 hours at 1200°C. After similar 
cessing atmosphere on the intergranular ceramic annealing treatments, the same intergranular phases 
phases were of particular interest in this investigation. were identified in the ceramics fabricated by GPS. 

Experimental Procedures 

The S&N, powder used was UBE SN-EIO, with 
the initial oxygen content found to be 1.6 wt%. 
The composition prepared was 7.5 wt% Y,03, 2.5 
wt% SiOz and 90 wt% S&N,. These powders were 
ball-milled together for 72 hours in propanol, then 
dried and cold isostatically pressed into billets at 
90 MPa. Two-stage GPS was carried out at T & N, 
Rugby, at 1800-1900°C and 10-100 bar. Addi- 
tionally, some fully densified material of the same 
composition, already fabricated by HIPing at 
1775°C and 150 MPa, was processed further by 
GPS for comparison of the resulting intergranular 
phases and microstructure. After sintering, the 
phases present in the ceramics were evaluated 
using Cu K, X-ray diffraction and the densities 
were determined according to Archimedes’ princi- 
ple. Annealing was carried out in argon, at 
1200°C for 24 hours, to promote crystallisation of 
the glassy phases. For more detailed investigation 
by transmission electron microscopy (TEM), slices 
of the resultant ceramics were diamond-ground to 
a thickness of 30 pm, polished to a finish of 1/4 
pm and finally thinned to electron transparency 
by argon ion beam bombardment. 

As was also found in the previous research on 
the HIPed Si,N,, carried out at Warwick and 
reviewed in Ref. 5, the post-sintering crystallisation 
of the residual intergranular phase was extremeiy 
sensitive to the cooling rate, with mainly glassy 
phase formation occurring at ‘natural’ cooling rates 
of 20_30”C/min. Therefore, the ceramics were 
annealed to promote crystallisation of the glassy 
phases. The results of this earlier research had 
shown that the p-Y&O, polymorph tends to 
crystallise in the range 150@-1400°C at the slowest 
cooling rates inside the HIP furnace (4”C/min), 
with subsequent nucleation of the a-Y&O7 poly- 
morph at temperatures below this. As the crys- 
tallisation proceeds, the likelihood of ‘y-phase’ 
formation is believed to increase as the liquid volume 
is reduced, which enhances the effect of impurities 
in stabilising this phase. 4 Liddell and Thompson4 
have discussed the various explanations for the 
‘y-phase’ occurrence, attributing its formation 
either to localised, high concentrations of impurity 
ions in the intergranular glass, which give rise to 
crystallisation of a phase with formula RY,Si,O,r 
where R represents the impurity cation or to the 
oxidation of the Y-Si-O-N intergranular glass. 

Ceramic Characterisation 

The major phase identified in all the GPS-fabri- 
cated ceramics was p-S&N,, indicating a complete 
phase transformation of the initial a-S&N4 pow- 
der. However, it should be noted that the occur- 
rence of this phase transformation during GPS is 
not necessarily accompanied by full ceramic 
densification.3 

(i) Intergranular phase 
The HIPed material contained o-Y,Si,07 as the 
intergranular phase prior to the additional GPS 
processing and was assumed to be fully dense. At 
the high sintering temperatures during GPS, the 
a-Y&O7 phase reverted to the liquid state and 
after GPS was recrystallised during post-GPS 
annealing at 12OO”C, forming a mixture of /3- 
Y&,0,, a-Y&O, and the ‘y-yttrium silicate’ 
phase,4 with no evidence of the higher temperature 
y-Y&O, and &Y&O, polymorphs. Figure 1 shows 
a comparison between the XRD spectra for the 
initial HIPed material and that from the same 
material after the additional GPS processing and 

It is well known that the simultaneous presence 
of both the (Y- and p-Y$i,O, polymorphs is detri- 
mental to the mechanical properties since tensile 
stresses are introduced by the different atomic 
volumes of the polymorphs causing isolated /3-Y&O7 
regions to be held in compression. From the ear- 
lier research,5 the crystallisation of p-Y,Si,O, 
seemed to occur readily during the annealing 
(1200°C) of residual glassy phases, except in those 
cases where the a-Y,SizO-I phase had already crys- 
tallised and then remained stable. Once formed, 
the p-Y&O, polymorph showed no tendency to 
transform into the a-Y&O, phase and a mixture 
of P_Y&O, and the ‘y-yttrium silicate’ has even 
been observed to remain after 500 hours at 
1400°C. Hence, to tailor the intergranular phase 
for the optimal mechanical properties, it is appar- 
ent that formation of the most desirable a-Y&O, 
polymorph and avoidance of p-Y&O7 are criti- 
cally controlled by the post-sintering cooling cycle. 

Further GPS runs were carried out to examine 
the frequency of the yttrium disilicate intergranu- 
lar phase formation with some variations in the 
GPS thermal cycle. Some typical results following 
annealing from the different GPS runs are given in 
Table 1. The intergranular phases identified after 
the shorter sintering cycles were comparable with 
those formed after HIPing this composition and 
the GPS environment appears to have had little 
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(a) 

25 26 27 28 29 30 31 32 33 34 35 36 37 38 39 40 

Diffracted angle, 20 
Fig. 1. XRD comparison of intergranular phases present in (a) HIPed material after additional GPS processing and annealing 

and (b) after HIPing only. Peaks marked ‘cY’, ‘p’ and ‘y’ refer to a-Y2Si,07, /3-YzSi207 and ‘y’-Y&O,, respectively. 

Table 1. Intergranular phase variation with different GPS cycles 

Temperature 
(stage I) 
(“C) 

Presstue 
(stage I) 
(bar) 

Dwell time 
(stage I) 
(h) 

Temperature 
(stage 2) 
(“C) 

Pressure 
(stage 2) 
(bar) 

Dwell time 
(stage 2) 
(h) 

Post-annealing 
intergranular 
phases 

1 1800 10 1 1900 70 1 

2 1800 10 1 1900 100 1 
3 1800 10 2 1900 70 1.5 

4 1725 2 2 1900 100 2.5 

5 1900 65 6 

6 1880 1 O-20 4 1950 100 4 

effect on the intergranular phase formation in 
these instances. However, from Table 1, it is 
apparent that the nitrogen content of the sintering 
liquid increased during longer exposures to the N, 
processing atmosphere, resulting in the formation 
of apatite (Y,N[SiO,],) and the more nitrogen-rich 
melilite (Y,Si,N,O,) phase, both of which are 
known to cause severe degradation in S&N, 
ceramics during oxidation. The nitrogen dissolu- 
tion into the sintering liquid is believed to arise 
from gaseous infiltration of the processing gas, 
aided by the relatively high liquid phase 
content, and hence good interconnectivity 
between the S&N, grains and also from the partial 
decomposition of S&N, at internal pore surfaces. 
Kang and Grei16 have investigated the influence 
of the gas pressure on densification during 
liquid phase sintering, finding that the difference 
between the internal pore pressure and exterior 
surface decreased with increasing applied gas 
pressure. Hence, the contribution of the internal 
S&N, decomposition to the nitrogen dissolution 

would be expected to become less significant 
with higher gas processing pressure and unlikely 
to occur during HIPing. Although one advantage 
of the GPS process over HIPing is that no 
encapsulation is required, an encapsulant might 
provide a protective barrier to prevent the forma- 
tion of more nitrogen-rich phases in this composi- 
tion during the longer ‘stage 2’ dwell times 
required to promote high temperature grain growth. 

(ii) Constitutional variations 
After prolonged GPS processing the HIPed mate- 
rial developed a mottled appearance, associated 
with a marked increase in porosity. Figure 2 is 
taken from a polished cross-section of the HIPed 
material after the additional GPS (there was no 
further heat treatment). This shows some evidence 
of gaseous evolution and as silicon and oxygen 
were the only elements identified by EDX analysis 
in this region, the oxygen being detected from the 
residual intergranular phase, it is believed that 
some thermal decomposition of the S&N4 had 

a and &Y&O, and 
y-phase (trace) 
a and /3-Y&0, 
P-Y&O,, y-phase, 
and apatite (trace) 
Apatite 
and melilite 
Apatite 
and melilite 
Melilite only 
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taken place. This may result from a reducing 
atmosphere existing inside the graphite sintering 
crucible,2 or may indicate that the applied nitro- 
gen pressure was insufficient to suppress decompo- 
sition within the pores.6 

In all the GPS-fabricated ceramics, some differ- 
ence between the surface region and the bulk was 
visible as optically diffuse bands extending 50-100 
,um from the outer surfaces. Figure 3, taken from 
a specimen fabricated in run 6 (see Table l), illus- 
trates the difference between the corresponding 
XRD spectra from the surface and the bulk 
regions and in which there is an apparent absence 
of any secondary phase in the bulk material. The 
reduction of any detectable crystalline intergranu- 
lar phase in the bulk material was linked to a 
decrease in density from the surface to the bulk 
region, since the smaller quantities of the inter- 
granular phase present in the central, porous 
regions were less easy to detect by XRD. An addi- 

Si 

I 
4 b 

100 pm 

Fig. 2. Secondary electron microscope image showing 
evidence for a burst gas bubble, with EDX analysis from the 

central region. 

Intensity 
S&N4 

m 

tional factor which may have inhibited the densifi- 
cation is the dissolution of nitrogen into the sin- 
tering liquid, which is believed to increase the 
liquid phase viscosity.’ 

The microstructure formed in this composition 
after GPS is shown in Fig. 4, taken from the same 
specimen as for Fig 3. The intergranular network 
is the phase of darker contrast surrounding the 
S&N, grains. The grain size variation seen in Fig. 
4 is typical of GPS-fabricated S&N, and, unlike 
the more uniform, fine-grained microstructure 
observed in HIPed ceramics, contains some 
anisotropic grains of several pm in diameter, 
which may contribute towards an enhanced frac- 
ture toughness. Although the intergranular phase 
could not be detected by XRD from the central 
regions, TEM revealed pockets of the intergranu- 
lar network, together with extensive porosity (not 
shown here). The intergranular phase in these 
regions was identified by electron diffraction as 
being the same nitrogen-rich phase as that present 
in the surface regions, suggesting that the nitro- 
gen/oxygen ratio remained constant from the sur- 
face to the bulk. As the relatively high sintering 
liquid content in this composition provides a con- 
tinuous network between the S&N, grains, this has 
enabled the uniform dissolution of the processing 
gas into this network. 

Conclusions 

The intergranular phases formed in the S&N, 
ceramics fabricated with this high-additive compo- 
sition were found to vary according to the length 
of exposure to the N, processing gas, which evenly 

Si; 

m 

Si7h 

25 26 2l 28 29 30 31 32 33 34 35 36 37 38 39 40 

Diffracted angle, 20 

Fig. 3. Comparison of the XRD spectra from two different regions of a ceramic fabricated from GPS run no. 6: (a) a few 
hundred pm into the bulk and (b) the outer surface. The peaks marked ‘m’ identify the melilite phase present in this ceramic. 
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Fig. 4. TEM microstructure of a GPS-fabricated ceramic 
from run no. 6 (see Table 1), with electron diffraction pattern 

identifying the melilite intergranular phase. 

infiltrated the sintering liquid. A substantial varia- 
tion in the oxygen/nitrogen ratio was detected in 
the intergranular phase found in ceramics fabri- 
cated according to different GPS cycles, although 
no phase variation was identified within individual 
ceramic specimens. It was found that the formation 
of nitrogen-rich phases could be avoided only for 
the shorter GPS cycles, which were of insufficient 
duration to promote more pronounced grain growth 
than is typically observed in GPS-processed Si3N4. 

The GPS process allows more rapid cooling 
than HIPing and the control of the post-sintering 
cooling cycle was found to have a significant infl- 
uence on the intergranular phase formation. This 
was particularly important since the annealing 
treatments to promote crystallisation from a 
rapidly-cooled glass often resulted in an undesir- 
able combination of the Y&O7 polymorphs. 
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Abstract 

Subsolidus phase relationships in the system Dy-Si- 
Al-O-N have been determined. Forty-two compati- 
bility tetrahedra were established in the region Dy,O,- 
Si,N,AIN-AI,O,. Within this region, DyAG(Dy,- 
AljO,,) and M’-phase (Dy,Si,_,Al.~O,+,N,~,) are 
the only two important compounds which have tie 
lines joined to p-sialon and AIN polytypoid phases. 
a-Sialon coexists with borh M’ phase and DyAG 
(only with oxygen-rich a’). Copyright 0 1996 Elsevier 
Science Ltd 

1 Introduction 

The importance of using rare earth oxides for the 
densification of silicon nitride ceramics has been 
recognised in recent years. Not only are they 
very effective along with alumina for densification, 
either singly or in combination with yttria, but 
they can also be accommodated in the a-S&N, lat- 
tice forming a-sialon (c&N4 solid solution with 
the composition Ln.uSi,2_(m+n~Alm+nO~N~~~, also called 
(Y’), thus providing an opportunity for decreasing 
the transient liquid phase content after sintering 
and hence reducing the amount of residual grain 
boundary glass. Therefore, phase relationships in 
Ln-Si-Al-O-N systems are of particular interest. 

It is known that elements in the lanthanide (Ln) 
series are similar to yttrium in compound forma- 
tion and phase relationships. Previous work on 
Ln-Si-O-N subsystems,’ indicates that the phase 
relationships are nearly the same as in the 
Y-Si-O-N system, but in Ln-Al-O-N systems’ 
the phase relationships vary with the atomic num- 
ber of the rare earth element. The phase relation- 
ships in systems with high Z-value of the rare 
earth element are similar to those in Y-Al-O-N.3 

In the systems Ln-Al-O-N (where Ln = Ce + Sm) 
two N-containing compounds exist - Ln,AlO,N 
and Ln2A11201gN2 (magneto-plumbite, MP com- 
pound) - and no garnet phase occurs; instead, 
the aluminate with 1 : 1 becomes stable.’ The 
Ln,AlO,N and MP compounds do not occur in 
those systems containing rare earth oxides with 
cations smaller than that of Gd.2,4 Therefore, in 
the five-component systems with low Z-value rare 
earth elements, the phase relationships become a 
little bit different from those in Y-Si-A1-O-N.5-7 
In the oxygen-rich region where two five-compo- 
nent phases8,9 - U-phase (Ln3Si3,A13+,0,2+,N2-.J 
and W-phase (Ln4Si,A1503,,N) - exist, the former 
is stable for rare earth cations between La and Dy 
and the latter stable only in La, Ce and Nd 
systems. Recent work on Ln-melilite’“~” indicates 
that the formation of melilite solid solution 
(Ln2Si3_,A1,03+.UN4_.~) occurs easily for melilite 
containing light rare earth elements and that the 
top solubility limit of Al and 0 decreases with 
increasing Z-value (x = 1 for Nd and x = 0.6 for 
Er). In recent years, work has focused on the 
Sm(or Nd)-Si-Al-O-N system.‘2%‘3 The results indi- 
cate Nd has the same behaviour as Sm: below 
the subsolidus temperatures Nd(Sm)AlO, coexists 
with p-sialon (P-Si,N, solid solution, Si,,Al,O,N,, 
p’) and all AlN polytypoids and a-sialon can only 
be compatible with melilite solid solution. Dyspro- 
sium is one of the central elements in the rare 
earth series; in this region, phase relationships in 
Ln-Si-Al-O-N systems are changing from those 
observed for the low-Z elements (La, Nd, Sm) to 
those observed for the high-Z elements (Er, Yb... 
and Y). Studies on the Dy-Si-Al-O-N system will 
therefore give an indication of whether these 
changes occur simultaneously or whether there is 
overlap in this region between the different phase 
relationships observed for the high-Z and low-Z 
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regimes. To elucidate the variation of phase rela- cooling rate (- 50°C min-I), whilst those at New- 
tionships in the Ln-Si-Al-O-N system with rare castle were fired in graphite-resistant furnace 
earth element and to study the Dy-Si-Al-O-N which could be cooled down to room temperature 
system itself, the aim of the current work is to very quickly (- 100°C min’). A nitrogen atmo- 
determine the subsolidus phase relationships in sphere was used in all cases. The specimens with 
the region defined by the four end-members S&N,, compositions near liquid-phase region were heat- 
AlN, A1,03 and Dy,03 (Fig. 1). This region treated after firing. All specimens were examined 
includes the phases cu-sialon, p-sialon and AlN by X-ray diffractometry or using a Hagg-Guinier 
polytypoids, and covers the range of compositions focusing camera. Only specimens showing less 
used for the design and processing of commercial than 3% weight loss after firing were used for data 
multi-phase sialon ceramics. analysis. 

2 Experimental Procedure 3 Results and Discussion 

The present paper is the result of two work pro- 
grammes carried out separately at Shanghai Insti- 
tute of Ceramics and the University of Newcastle 
upon Tyne. The symbol * is used to represent the 
experiments carried out at Newcastle. The starting 
powders used were c&&N4 (Starck Hl and Starck 
LClO*), AlN (supplied by Zhuzhou Institute of 
Hard Metal Alloys, containing 1.2% oxygen and 
Starck Grade B*), AllO3 (99.99%, produced by 
decomposing ammonium alum and Alcoa Al7*), 
Dy,O, (99.9%, Yaolung Chemical Works, China 
and 99.9%, Aldrich Chemical Co. Ltd*). The oxy- 
gen contents of the nitride powders were taken 
into account in calculating compositions. The 
starting powders were weighed out and ground in 
absolute alcohol or isopropanol* using an agate 
pestle and mortar. The mixed powders were dried, 
pressed into pellets 10 mm in diameter and then 
isostatically pressed under a pressure of 200 MPa. 
The specimens prepared at Shanghai were fired in 
a graphite-resistant furnace with a rather slow 

Twenty-three compositions in the region bounded 
by S&N,, AlN, Al,O, and Dy,O, were studied to 
establish compatibility relationships. The binary 
tie lines established were based on the results 
listed in Table 1. Based on the much more exten- 
sive knowledge of phase relationships in the 
Y-Si-Al-O-N and Sm(Nd)-Si-Al-O-N systems 
and other information in the literature listed 
above, 42 compatibility tetrahedra were estab- 
lished in this region (Table 2). In the present work 
a-sialon is considered as a point composition and 
its detailed solid solution range has not been 
determined. 

As indicated in this table, DyAG(Dy3A150,,) is 
a stable phase and is compatible with all the AlN 
polytypoid phases, p-sialon (from PI0 to &,,) and 
a-sialon (oxygen-rich), forming 12 AlN-polyty- 
poids-containing compatibility tetrahedra (Fig. 2) 
and one a’+‘-containing compatibility tetrahe- 
dron, a’-&-DyAG-12H (Fig. 3). M’ was also 
found to have tie lines with p-sialon from 

DYN Dy203 

Si02 

Fig. 1. Representation of Dy-SiAlON system showing phases occurring in the region bounded by S&N,, DyzO,, A&O, and AlN, 
and Si-AI-O-N behaviour diagram at 1700°C (cY-sialon plane = the plane with a-sialon composition Dy,Si,,_(,+,~l,+,O,N,,). 
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Fig. 2. DyAG(Dy,Al,O,,) is compatible with A&O,, all polytypoid phases and AlN forming 12 compatibility tetrahedra: 
DyAG-&-ISR-Al,O,,DyAG-I5R-Al,O,, DyAG-15R-12H, DyAG-12H-21R, DyAG-21R-27R, DyAG-27R-2H”, DyAG-2H6- 
AlN, DyAG-2HS-AlN-27R, DyAG-27R-AlN-21R,DyAG-21R-AlN-Alz03, DyAG-21R-Alz0342H and DyAG-12H-Al@-15R. 

/?&Si,N,) to &, and (Y’, forming two &p-con- 
taining compatibility tetrahedra: c&-&-&-M’ 
(Fig. 4) and a’-&-M’-DyAG. Dy,Si,O,N, 
(J-phase) also forms a continuous solid solution 
with Dy,A1,09 in a way similar to Y4Si20702. In 
the Y-Si-Al-O-N system, the variation of unit 
cell dimensions (monoclinic) of J’-phase (solid 
solution of J-phase) with composition is not linear 
and the compositions near the centre of the range 
have simple X-ray patterns which index on a 
tetragonal unit cell related to the monoclinic cell.’ 
A similar variation of unit cell dimensions also 
occurs for Dy-J’-phase. The X-ray patterns of the 
compositions near x = 1.4 (Dy,Si,-,Al,O,+,N2-.~) 
can index on both tetragonal and monoclinic unit 
cells. The variation of the unit cell dimensions of 
Dy-J’ phase will be further determined and pub- 
lished elsewhere. The compound DyAlO, was 

found to be compatible only with M’ (melilite 
solid solution) and %-rich terminals of AlN polyty- 
poids (from AlN to 21R). The tie line between p 
and LnA103 that occurs in the Nd(Sm)-Si-Al-O-N 
systems does not exist in the Dy-Si-Al+N system. 

In the region studied, DyAG, DyAlO,, M’- 
phase and J’-phase were the main Dy-containing 
stable phases observed. In the S&N,-rich composi- 
tions, DyAG phase could only be observed in the 
specimens after post-sintering heat treatment at a 
temperature around 1350°C and M’-phase was 
also observed to increase in post-sintering heat 
treatment around 1550°C. With the crystallization 
of DyAG and Ml-phase during heat-treatment, 
the cu-sialon, which was not expected to occur in 
these compositions, transformed into IT-sialon. 
Therefore, in establishing subsolidus phase rela- 
tionships, judgement of the correct equilibrium 
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AlN A1203 

Fig. 3. DyAG(Dy3Al,0,,) is compatible with p-sialon (~10-/360) and a-sialon (oxygen-rich) forming a’-&-12H-DyAG compatibility 
tetrahedron. 

phases under subsolidus temperature conditions 
can sometimes be a difficult problem. Using phase 
assemblages observed at the same temperature for 
all conditions studied might lead to mistaken 
results, since different compositions may need diff- 
erent temperatures to fully crystallize the liquid 
phase. In the present work, all starting composi- 
tions were designed to fall on supposed tie lines or 
into supposed compatibility triangles. For exam- 
ple, compositions Nos 2 and 3 were on the lines 
between M’ (Ln,Si,AlO,N,) and /3-sialon (& and 
&) and Nos 1, 5, 6 and 7 were designed on the 
composition lines between DyAG and p-sialon 
(PO, PI0 and & and /330, respectively). If the 
expected phases were obtained after heat-treat- 
ment under a particular set of conditions, then 

equilibrium was believed to have been achieved. 
Based on this philosophy, compositions marked 
with the symbol A in Table 1, i.e. compositions 
Nos 1, 3, and 4, were believed to have achieved 
equilibrium and were used to establish the sub- 
solidus phase relationships. In the compositions 3,5 
and 6, the expected phases are /Y with DyAG (Nos 
5 and 6) or Ml-phase (No. 3). These phase assem- 
blages could only be achieved in post-sintering 
heat-treatment. The occurrence of a-sialon as a 
transitional phase can be attributed to the kinetic 
priority in the formation of Dy-cr-sialon over the 
formation of DyAG and Ml-phase at high temper- 
atures. In heat treatment the DyAG and Ml-phase 
is crystallized out at the exhaustion of Dy content 
in the liquid phase, thus,making cr-sialon transform 

DYN Dy203 

AlN N k203 

Fig. 4. M’ (melilite solid solution) is compatible with p-sialon (PO-&,J and a-sialon forming a’-P-M’ compatibility tetrahedron. 

SiO2 
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Table 2. Subsolidus compatibility tetrahedra in the systems 
Si,N,AlN-A1,Os-Dyz03 

AI,O,-&,,-I SR-DyAG Al@-1 5R-1 SRI-DyAG 
Al@-lSR’-12I-I-DyAG Al@-12H’-2 1 R’-DyAG 
Al@-2 1 R’-AIN-DyAG 15R-15R’-12H-IZI-I-DyAG 
I2H-12H’-2 1 R-2 1 R’-DyAG 2 1 R-2 1 R’-27R-27R’-DyAG 
27R-27R’-2HS-2H*-DyAG 2H’-2H*-AIN-DyAG 
21 R’-27R’-AlN-DyAG 27R’-2H*-AlN-DyAG 
/36o-&5-1 SR-DyAG &-15R-12H-DyAG 
&-&-l2H-DyAG /3,0-12H-21R-cu’ 
2 1 R-&-j+’ &-2 1 R-27R-(Y’ 
27R-&-&-a’ &27R-2HS-(r’ 
2H’--_P,-/3-0’ &2H’-AlN-a’ 
AlN-&&-a’ &&-L&M’ 
PlO-12H-a’-DyAG 12H-2 1 R-o’-Dy AG 
2 1 R-27R-at-M’ 27R-2H*-a’-M 
2H’-AlN-c&M’ AlN-2HS-M’-DyAP 
2H’-27R-M’-DyAP 27R-2 1 R-M’-DyAP 
AlN-2H’-YAP-DyAG 2H’-27R-DyAP-DyAG 
27R-21 R-YAP-DyAG 2 1 R-M’-DyAG-DyAP 
2 1 R-o’-M’-DyAG cu’-&-DyAG-M’ 
J’ (middle)-DyAM-DyAP-AlN Dy@-J’ (whole)-AlN 
J-J’ (middle)-M-M’-AlN J’ (middle)-M’-DyAP-AIN 

DyAM = Dy,A1209; DyAP=DyAlO,; DyAG = Dy,A1,0i2; 
15R, 12H, 21R, 27R, 2H” are Si-rich terminals of AlN poly- 
typoids; 15R’, 12H’, 21R’, 27R’. 2H’ are Al-rich terminals of 
AlN polytypoids, for others see Table 1. 

into /3-sialon to achieve the subsolidus phase equi- 
librium. Our current work on (Y’ + p’ phase trans- 
formation in the Ln-Si-Al-O-N systems during 
heat-treatment shows that, besides the liquid 
phase which assists the transformation,‘4 there still 
exist other effects, especially for Ln-a-sialons with 
low Z-values. Of the 42 compatibility tetrahedra 
established in the present work, the following 
five-which involve c&sialon and AlN polyty- 
poids (which could be used as reinforcement phase 
for (Y’, p’ or &-p’ because of its fibre-like morphol- 
ogy) and the promising grain boundary phases 
DyAG and M-are the most useful for the design 
of multiphase sialon ceramics. They are a-sialon-&- 
&-M’; a-sialon-&-M’-DyAG; a-sialon-P,,-Dy- 
AG-12H; cY-sialon-12H-2 1 R-DyAG; and fir,,- 
&-I 2H-DyAG. 

4 Conclusions 

Subsolidus phase relationships in the system 
Dy,O,-S&N,-AlN-A&O3 have been determined. 
Forty-two compatibility tetrahedra have been 
established in this region. DyAG coexists with 
p-sialon, approximately from PI0 (z = O-8) to & 
(z = 4), IY’ (oxygen-rich composition) and all AlN 
polytypoids. The coexistence of M’ with /3-sialon 
is restricted to the range &/3,0. a-Sialon is also 

compatible with M’. The compatibility tetrahedra 
a-sialon-&-p,,,-M’, cY-sialon-/?,,-M’-DyAG, a+-sia- 
ion-/3,,-DyAG- I2H, cY-sialon-12H-2 I R-Dy AG and 
&,,-&-12H-DyAG are the most useful for the 
design and processing of multiphase sialon ceramic 
materials. 
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Abstract 

Deterioration of the ammonium salt of poly- 
(methacrylic ucid) (PMAA-NH,), used as u disper- 
sant during wet ball-milling of an aluminu, has been 
investigated, Rheological behaviour, sedimentution 
tests, udsorption isotherms, pH und isoelectric point 
meusurements, and injra-red unulysis huve allowed 
us to conclude that degrudation of the dispersunt 
tukes place in two stages: (i) decreuse of the 
churge by dehydrution and (ii) complete neutralizu- 
tion of the dispersant bJ the formution of monoden- 
tate COOX groups, which c’un Ieud to desorption of 
the polymer from the ulumina surjuce. This second 
phenomenon involves .a $-l,“ng increase of viscosity*. 
A low viscosity cun be recovered bJ* u subsequent 
uddition of‘ PMAA-NH, ut the end of’ milling. 
0 1996 Elsevier Science Limited 

1 Introduction 

Ceramic processing includes many operations to 
transform raw materials into ultimate products. 
Milling, and more particularly wet ball-milling, is 
often used to break aggregates and to reduce the 
average particle size, as well as to add and mix some 
organic additives such as binders and plasticizers. 

In order to achieve high solid contents, suspen- 
sions must contain an amount of water and 
organic additives that is as low as possible. Never- 
theless, the slurry viscosity should be kept low 
enough during milling to confer efficiency to the 
milling media. It has been observed that viscosity 
increases a lot during ball-milling, thus reducing 
the efficiency and leading to rheological properties 
that are not fully compatible with the following 
stage of the process.‘.’ 

Many factors can affect the state of dispersion 
during milling: (i) change in the specific surface 
area of the powder, (ii) change of the nature of 
surfaces of particles, (iii) change in pH of the solu- 
tion and (iv) degradation of the dispersant. 

The tumbling media in a rotating mill produce 
a grinding action by impacting and shearing the 
particles on their surfaces3 Polymer chains of dis- 
persants are adsorbed on particle surfaces and are 
also present in water surrounding the particles. 
Impacts between particles and media can affect 
the polymer structure and possibly lead to desorp- 
tion from the particle surfaces. 

The aim of this study was to follow the effi- 
ciency of a common polyelectrolyte, an ammo- 
nium salt of poly(methacrylic acid), used for this 
purpose. Sedimentation tests, viscosity, pH and 
isoelectric point (IEP) measurements, adsorption 
isotherms and infra-red observations (FTIR) were 
used to follow the evolution of the dispersion state 
of alumina slurries during milling. 

2 Experimental 

2.1 Powder and dispersant 

The ceramic powder used in this study was a cal- 
cined a-alumina formed from the Bayer process 
(P122, Aluminium Ptchiney. France). This powder 
consists of -35 pm mean diameter aggregates con- 
taining -3 pm mean diameter elementary particles 
(Fig. I). The specific surface area of the starting 
powder was O-7 rn’ g-l. The major impurities, 
located mainly, on the surface of particles, are 
SiOz, CaO, Fez03 and Na,O with respective con- 
centrations of 1050, 600, 300 and 150 ppm. 

Polyelectrolytes are generally used as disper- 
sants for ceramic powders. Polyelectrolytes are 
macromolecules delivering a large number of ionic 
charges in solution, with small inorganic counter- 
ions. The dispersant used here was an ammonium 
salt of poly(methacrylic acid) (PMAA-NH,), 
which, as received, contains 25 wt% active species 
and 75 wt% water (Darvan C, R. T. Vanderbilt 
Company, Inc., USA). This polyelectrolyte has 
been used extensively to deagglomerate and 
disperse alumina powders in aqueous media.4.s 
Depending on the charge, and then on the 
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(4 

(W 
Fig. 1. Aggregate of P122 alumina (a) containing 3 pm 
mean diameter elementary particles as shown on a smaller 

aggregate (b). 

repulsion between the segments of the chains, 
these polymeric dispersants may adsorb in trains 
on the powder surface, in extended tails in the 
solution or in loops. ‘g6 Thus stabilization of sus- 
pensions, using PMAA-NH, as dispersant, is due 
to an electrostatic repulsion combined with steric 
interactions, the global effect being called electros- 
teric stabilization. Figure 2 shows that the func- 
tional groups of PMAA-NH, are carboxylic acid 
groups, COO-, which can be protonated when the 
pH decreases. 

2.2 Slurry preparation 
The concentration of alumina in the slurries was 
10 ~01% (30.7 wt%) and the concentration of 
PMAA-NH, was 0.6 wt% with respect to alumina. 

-4--CH2-C -k 

1 / coo- n 
NH4+ 

Fig. 2. Chemical structure of PMAA-NHj. 

The water used was deionized. Ball-milling was 
performed using a load factor (mass of alumina 
balls/mass of powder) equal to 8. Slurries were 
prepared by milling for several durations, i.e. 2, 8, 
15, 1821 and 24 h. 

2.3 Characterization 
2.3.1 Grain size distribution and specijic surface area 
After each milling time, grain size distribution 
(SediGraph 5100, Micromeritics, USA) and specific 
surface area (DeSorb/FlowSorb II 2300A, Micro- 
meritics, USA) were measured. 

2.3.2 Agglomeration of particles 
The amount of dispersant adsorbed on the parti- 
cle surfaces, the configuration of the adsorbed 
molecules and the electric surface charge on the 
particles, developed by the polymeric chains, gov- 
ern the agglomeration state and the stability of the 
dispersion. Ball milling may alter all these param- 
eters by damaging (scission), desorbing or decreas- 
ing the charge of the polymeric dispersant. The 
efficiency of the PMAA-NH3 during ball-milling 
was evaluated in terms of the agglomeration state 
of particles in the suspensions by sedimentation 
tests and viscosity measurements. 

2.3.2.1 Sedimentation tests. Sedimentation tests 
were performed in order to follow the evolution of 
the particle agglomeration in the slurry. The aver- 
age porosity of a sediment bed has been shown to 
be mainly a function of the size and shape of par- 
ticles and of the state of agglomeration.7-9 Thus 
the specific sediment volume and the average 
volume fraction of solid allowed us to determine 
the state of particle agglomeration in a suspension. 

A part of each slurry (15 ml) was poured in a 
closed test tube. After agitation, the end of which 
determines the reference time, the mixture was 
allowed to settle until the sediment reached, a 
constant volume. The upward movement of the 
sediment/suspension interface, as well as the down- 
ward movement of the suspension/clear liquid 
interface, were reported on sedimentation curves. 

A classification of suspensions may be made on 
the basis of the settling behaviour as proposed by 
ScottlO and Hasset.” 
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In an infinite medium., a large number of identical 
particles settles down more rapidly than a single 
one, because the surrounding liquid is dragged 
down by the movement of falling particles. On the 
other hand, when the suspension settles in a tube, 
the liquid flow is disturbed because of friction 
effects at the wall, and the particles settle down 
more slowly. I2 Their velocity decreases as the 
powder concentration increases. 

Figure 3, from Tiller and Khatib,’ shows a typi- 
cal settling curve for a non-flocculated suspension 
with a uniform concentration. The settling rate 
and build-up of the sediment are constant, until 
the particle velocity decreases when they reach the 
bottom of the tube, due to an upward flow of liq- 
uid passing up through .the suspension. When all 
particles come to contact, compression point C is 
reached. Then, compression of the sediment occurs 
as liquid flows out of the sedimentation zone, 
until the structure stabilizes and the sediment 
reaches its ultimate volume. 

For a flocculated suspension, particles are 
already in contact and settle very rapidly. The sed- 
iment was formed at th’e beginning of the test, and 
the sedimentation curve began at compression 
point C (Fig. 3). 

2.3.2.2 Viscosity measurements. The evolution of 
the efficiency of the PMAA-NH, during ball- 
milling was also evaluated by viscosity measure- 
ments. A low viscosity, at a high powder loading, 
is representative of a good dispersion of non- 
agglomerated particles. Flow curves were obtained 
with a controlled stress rheometer (Carri-Med 
CLS 100, UK). 

2.3.3 IEP determination 
The isoelectric points of as-received alumina and 
alumina ball-milled for 24 h were measured using 
an acoustophorometer (ESA 8000, Matec Applied 
Sciences, Hopkinton, MA, USA). 

2.3.4 Adsorption isotherms 
In order to determine the influence of milling on 
the adsorption of dispersant, adsorption isotherms 
were plotted for (i) the as-received alumina and 
(ii) the alumina wet ball-milled without addition 
of dispersant and dried. The milling conditions 
were adjusted to obtain similar characteristics 
(grain size distribution and specific surface area) 
as for a 24 h wet ballmilling in the presence of 0.6 
wt% of PMAA-NH,. Slurries were centrifuged 
after 24 h of equilibrium. The resulting super- 
natants were dried at 110°C. The drying temperature 
was chosen according to a thermogravimetric analy- 
sis, in order to remove water and to avoid the ther- 
mal degradation of the PMAA-NH3. Then, the 
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Fig. 3. Typical settling curve for a non-flocculated suspension 
with uniform concentration, from Tiller and Khatib.’ 

residual amounts of dispersant were weighed, and 
therefore the adsorbed amounts were determined. 

2.3.5 Infra-red study 
Infra-red spectroscopy has commonly been used 
to investigate the adsorption of polymers. For 
instance, Joppien and Hamman13 studied the 
adsorption of polyester resin on silica, alumina, 
titania and iron oxide powders, and gave spectro- 
scopic evidence of loop formation by the polymers. 
Fontana and ThomasI reported the adsorption of 
poly(alky1 methacrylate) on silica surfaces. They 
noted that the C=O stretching mode at -1710 
cm-’ shifted to lower wavenumber (22-30 cm-‘) 
when the polymer was adsorbed on the silica sur- 
face by hydrogen bonding. These studies were 
mainly performed on high surface-area powders, 
using transmission spectroscopy. 

In this work, transmission spectroscopy was 
used to detect eventual desorption of PMAA-NH, 
from the alumina surface and/or changes of the 
PMAA-NH, structure due to degradation by ball- 
milling. The slurries, prepared for each milling time, 
were centrifuged. Both the centrifuged alumina and 
the supernatant were dried at 110°C in order to 
analyse the alumina with the species adsorbed on 
its surface, as well as organic species dissolved in 
the supernatant, respectively. In the infra-red analysis 
we neglect the PMAA-NH3 present in the water 
contained in the sediment, which can deposit on 
the surface of alumina during drying. The KBr 
pellet method was used for spectral analysis, using 
thoroughly mixed and pressed pellets contain- 
ing 1 mg of the investigated sample in 100 mg of 
KBr. 

Spectra of dried alumina and of supernatant 
were collected after each milling time; they were 
also obtained for a water solution of PMAA-NH, 
and for the dried, as-received, alumina to get spec- 
tral references. 
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Table 1. Evolution of particle size and specific surface area 

Milling time Average particle size Surface area 
(h) (run) (m’ g-l) 

0 35.00 0.7 
2 4.53 0.8 
8 3.18 2.1 

13.5 2.61 2.7 
15 2.58 3.2 
18 2.42 3.3 
21 2.20 4.3 
24 1.19 4.9 

3. Results and Discussion 

3.1 Evolution of particle size and specific surface area 
Average particle size decreases and surface area 
increases with milling time (Table 1). Whereas the 
observed viscosity became high for milling times 
longer than 18 h, the particle size continues to 
decrease. Figure 4 shows that the particle size 
decreases rapidly at the beginning of the milling 
(from 35 to 4.5 pm after 2 h), with no significant 
evolution of the specific surface area. During the 
first stage of the milling, brittle aggregates are 
broken down [Fig. 5(a)]. For longer times of treat- 
ment, the particle size continues to decrease slowly 
(from 4.5 to 1.2 pm after 22 h) with a rather 
linear increase of the specific surface area, suggest- 
ing that deaggregated particles are now milled 
during this second stage [Fig. 5(b)]. 

3.2 Rheological study 
The rheological behaviour of the slurry obtained 
after ball-milling for 24 h is represented by curve 1 
in Fig. 6. A subsequent addition of 0.6 wt% 
PMAA-NH, to this slurry resulted in a marked 
decrease of the viscosity (Fig. 6, curve 2). This 
suggests that the initial amount of dispersant (0.6 
wt%) used for ball-milling was too low to prevent 
the agglomeration of alumina particles with a 
sevenfold increase in surface area (from 0.7 to 4.9 
m* g-’ or conversely that the efficiency of the dis- 
persant decreased during milling. 

0 5 10 15 20 25 

MiMng time (hl 

Fig. 4. Evolution of particle size and surface area during ball- 
milling. 

(4 

03 
Fig. 5. Alumina particles after ball-milling for 2 h (a) and 

24 h (b) 

In order to elucidate this point, the alumina 
slurry containing 0.6 wt% PMAA-NH, was ball- 
milled for 24 h and the suspension was then cen- 
trifuged. The clear supematant was removed and 
the solid phase calcined at 600°C for 1 h to elimi- 
nate organic species contained in the sediment. The 
powder obtained was redispersed under the same 
conditions as previously with O-6 wt% dispersant 
(Fig. 6, curve 3). Curves 2 and 3 being quite simi- 
lar, one can safely conclude that an amount of O-6 
wt% of fresh PMAA-NH, is large enough to pro- 
vide good dispersion of the alumina powder when 
the specific surface area reaches 4.9 m* g-‘. 

3.3 Sedimentation tests 
During sedimentation tests, two behaviours were 
observed depending on the milling time. After 
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Fig. 6. Influence of PMAA-NIH, degradation on the rheological 
properties of alumina suspensions: (1) ball-milled for 24 hours 
with 0.6 wt% PMAA-NH,; (2) same as (I), but 0.6 wt% 
PMAA-NH, was added just before the end of ball-milling, 
and (3) same as (1) the powder was then centrifuged, dried 
and pyrolysed before redispersion with 0.6 wt% PMAA-NH,. 

milling times shorter than 15 h, three zones were 
observed in the tubes during the test, correspond- 
ing to a sediment bed, a cloudy liquid zone and a 
clear liquid zone. Slurries behave as non-floccu- 
lated suspensions. The sediment volume increased 
with time (Fig. 7). No compression of sediments 
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was observed. For milling times longer than 15 h, 
only two zones were observed, i.e. a clear liquid zone 
and a sediment bed. The sediments formed rapidly 
and their volume decreased with time, an observa- 
tion which is typical of flocculated slurries (Fig. 8). 

The heights of the final equilibrium sediments 
obtained after various milling time, are shown in 
Fig. 9. The equilibrium height of sediment (II,,) 
was the smallest after 13.5 h of milling. After 15 h 
Heq is slightly higher, but particles in suspension 
always form a cloudy zone. For milling times longer 
than 18 h, I& increases continuously with milling 
time. Equilibrium height of sediment is reached 
more rapidly for slurries milled for long times, i.e. 
90 min for a 18 h milling and 300 min for a 13.5 h 
milling. After 13.5 h of milling, particles reagglom- 
erated and the stability of the, slurries decreased. 

Sedimentation tests confirm that the dispersant 
lost its efficiency during ball-milling. 

Figure 10 shows the difference between the 
equilibrium sediment volumes of the slurries 
milled for 24 h with and without a subsequent 
addition of 0.6 wt% PMAA-NH, at the end of 
milling. The addition of PMAA-NH, allowed an 

n = 

0 5 10 15 20 25 

Sedimentation time (h) 

fig. 7. Settling of alumina suspensions ball-milled for 2, 8, 13.5 and 15 h. 
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Fig. 8. Settling of alumina suspensions ball-milled for 18, 21 and 24 h. 
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important decrease of the sediment volume, while 
changing drastically the settling behaviour. Thus, 
additional PMAA-NH, redispersed the agglomer- 
ated particles. 

Many factors can decrease the efficiency of 
the dispersant and then deteriorate the state of the 
dispersion during milling: (i) change in the specific 
surface area of the powder, then modification of 
the amount of adsorbed dispersant, (ii) change of 
the nature of surfaces of particles, then modifica- 

Fig. 9. Influence of milling time on the equilibrium height 
the alumina sediment. 

of 

I 24 hours 

I 

24h+ 
milling PMAA-NH3 I 

Fig. 10. Influence of an addition of PMAA-NH, on the Fig. 11. Variation of pH and the IEP of alumina during wet 
equilibrium height of the alumina sediment. ball-milling. 

tion of the zeta potentiel and adsorption of the 
dispersant onto these particles, (iii) change in pH, 
then the degree of dissociation of PMAA-NH, 
and the charge on the particles and (iv) degrada- 
tion of the dispersant. 

The rheological measurements suggested that 
the initial amount of dispersant (0.6 wt%) used for 
ball-milling was sufficient to provide a good dis- 
persion of the alumina powder when the specific 
surface area increased up to 4.9 m2 g-‘. 

The IEP value of the P122 alumina increased 
from 7.8 for the as-received powder to 8.8 after a 
24 h of wet milling. On the other hand, the pH of 
the slurry varied from 8.5 for the as-received pow- 
der to 9.6 after a 24 h of wet milling (Fig. 11). 
Perrin” reported an amorphization of the surface 
of particles of a similar alumina during dry ball- 
milling, associated with a decrease of the number 
of acidic sites, then with an increase of the IEP. 
The same behaviour was reported in the case of 
wet ball-milling of an alumina powder.i6 The evo- 
lution of the pH during milling may be attributed 
to the passage in solution of cations (Ca2’, Me, 
Na+) contained as impurities in the as-received 
alumina powder. These impurities are mainly 
located on the surface of alumina particles. For 
pH values higher than the IEP of alumina, diva- 
lent ions adsorbed onto the negative surface of 
alumina particles increased the affinity of the neg- 
atively charged PMAA-NH, with alumina.16 

The milling modified both the nature of the alu- 
mina surface and the adsorptiotidesorption of 
cations. These parameters may greatly affect the 
adsorption of the dispersant. Figure 12 shows 
adsorption isotherms of PMAA-NH, on as-received 
alumina and alumina previously ball-milled with- 
out addition of dispersant and dried. The adsorp- 
tion of PMAA-NH, onto ball-milled alumina was 
three times less than for unmilled powder. 

During milling, the basic pH of the solution 
was maintained higher than the IEP, so the sur- 
face of the alumina particles remained weakly 
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Fig. 12. Adsorption isotherms of PMAA-NH, on as-received alumina and alumina previously ball-milled without addition of 
dispersant and dried. The milling conditions were adjusted to obtain similar characteristics (particle size distribution and specific 

surface area) as for a 24 h wet ball-milling in the presence of 0.6 wt% of PMAA-NH,. 

negative and the PMAA-NH, entirely dissociated.4 
This suggests that variations of the IEP and pH 
did not significantly influence the adsorption of 
the dispersant. 

the degradation of the dispersant during milling 
remains the most probable factor which can affect 
the state of dispersion. 

The deterioration of lthe state of dispersion can- 
not be attributed to the lower adsorption of the 
PMAA-NH, onto the ball-milled alumina parti- 
cles (i.e. to a lower charge of particles) because a 
viscosity as low as 25 mPa s was achieved for a 70 
wtO/o suspension of milled particles (24 h) with an 
addition of 0.6 wt% (i.e. 1.2 mg mm2) PMAA-NH,, 
corresponding to the beginning of saturation of 
the surface (Fig. 12). 

3.4 Infra-red analysis 
Figure 13 shows IR spectra of dried pure PMAA- 
NH, and of the dried supernatant after milling 
times of 8, 18 and 24 h. 

The bands at 1534 and 1415 cm-’ in Darvan C 
can be assigned to antisymmetrical and symmetri- 
cal vibrations of -COO- groups while the band at 
1444 cm-’ can be assigned to the NH4+ deforma- 
tion mode. 

To summarize, the evolution of the specific sur- After 8 h of milling, a change of the dispersant 
face area, the modification of the surface of parti- was observed with the appearance of bands at 
cles and the change in pH seem to be not sufficient 3525, 3450, 1688 and 1621 cm-‘. These bands 
to explain the decrease of the efficiency of the dis- may be attributed to amide functions (-CO-NH,). 
persant during wet ball-milling of alumina. Thus, According to this assumption, one explanation 

Fig. 13. Infra-red spectra of dried pure PMAA-NH, and of dried supernatant after milling times of 8, 18 and 24 h. 
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could be dehydration of the PMAA-NH, adsorbed 
on the alumina surface according to the global 
reaction:” 

R-COO-, NH,+ + R-CO-NH, + HZ0 

Bands near 1550 and 1400 cm-’ illustrate the pres- 
ence of -COO- groups and indicate that dehydra- 
tion is not complete. The -COO- groups can bind 
to the A13+ on the surface of fine alumina particles 
remaining in suspension, in spite of centrifugation. 
Bands near 600 cm-’ illustrate the presence of 
alumina in the supernatant. The degradation of 
the dispersant observed with sedimentation tests 
between 13.5 and 18 h seems to result from a 
decrease of the polymer charge due to dehydra- 
tion. Thus the increase of sediment volume after 
13.5 h of milling, relative to some reagglomera- 
tion, can be attributed to a reduced electrostatic 
repulsion. 

After 18 hours of milling, the IR spectrum is 
drastically different. Bands which appear at 3143, 
3048, 1406, 1135, 1120 and 740 cm-’ are difficult 
to attribute. The appearance of the 1710 cm-’ 
band, which is characteristic of the C=O stretching 
vibration of monodentate COOX group,‘* is coin- 
cident with the disappearance of the -COO- 
groups. PMAA-NH, seems to be fully degraded, 
which can possibly in turn affect adsorption of the 
polymer onto the alumina surface. 

The decrease of the efficiency of the PMAA- 
NH, dispersant, during milling, involved two 
stages. The first, at the beginning of milling, may 
be attributed to reduced electrostatic repulsion 
due to decrease of the charge by dehydration. The 
second stage, after longer milling times, may be 
due to complete neutralization of the dispersant 
by the formation of COOX groups. In addition, 
the results obtained suggest that the dispersant 
has been irreversibly altered during milling. 

4 Conclusion 

Results of this study showed that the ammonium 
salt of poly(methacrylic acid), generally used as 
dispersant of alumina, was degraded during wet 
ball-milling. Degradation takes place in two 
stages: 

(1) 

(2) 

the decrease of the charge by dehydration 
induced a small agglomeration of alumina 
particles, but the rheological behaviour of 
the slurry was not affected; and 
the complete neutralization of the disper- 
sant by the formation of monodentate 
COOX groups, which can lead to a desorp- 
tion of the polymer from the alumina sur- 
face, involved a significant agglomeration. 

The deterioration of the dispersant certainly 
depends on experimental conditions: size and 
velocity of the mill, size of the media relative to 
size of the feed material, loading of the mill, rela- 
tive volumes of media and feed material, and vis- 
cosity of the slurry. Our results were obtained for 
slurries containing a low concentration of alumina 
(30 wt%). Industrial slurries contain up to 70-80 
wt% of powder, for a capacity up to several tons. 
In this case, deterioration of dispersant involves a 
strong increase in viscosity and media could be 
hindered in their rotating movement. Then, 
milling could be less efficient as expected, and 
would require additional time, and energy, to pro- 
duce the desired distribution of particle size. 

A simple solution should be to add a deter- 
mined amount of dispersant during milling, or just 
before the end, to balance its deterioration. 
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Abstract 

The kinetics of the second calcination step in the 
formation of PZT solid solution (with perovskite 
ABOJ lattice) has been investigated by using two 
difSerent particle sizes of the B-site precursor (I.91 
and 5.08 pm), the finer size being obtained by 
prolonged milling. In-situ analysis performed by 
high-temperature X-ray dlflractometry in a non- 
isothermal mode (20-8OtO”C) revealed a reduction 
of the calcination temperature by 100°C with a 
decrease in particle size of the precursor. In order 
to clarify the mechanism of the solid-state reaction 
to PZT, isothermal heat treatment of the mixtures 
ws performed in the temperature range 540- 
700°C. The activation energies for the fine und the 
coarse powders were estimated as 150 and 210 kJ 
mol-’ respectively, and the reaction was found 
to follow the Jander model for difSusion-controlled 
solid-state reaction kinetics. 0 1996 Elsevier 
Science Limited 

1 Introduction 

The basic electrical and mechanical properties of 
PZT ceramics are strongly influenced by the chemical 
composition of the raw materials and the subse- 
quent calcination and sintering processing. As far 
as the calcination stage is concerned, it can have 
a large influence on thle piezoelectric properties 
since it can affect the homogeneity of the final 
solid solution. In the calcination to PZT, studies 
of solid-state reaction sequences have shown the 
dependence of the formation mechanism of PZT 
on powder characteristics (particle size, impurities, 
morphology of the precursors, etc.). When the 
calcination is performed. in one step, i.e. starting 
from the three individual oxides, the problem of 
PbO vaporization limits the calcination temperature 

*To whom correspondence should be addressed. 

and as a consequence prolongs the calcination. It 
has been shown that increased homogeneity, 
which enhances the final properties of the PZT 
solid solution, can be achieved by carrying out the 
calcination in two steps.lm3 In the first step the 
B-site oxides are prereacted to form a B-site zirco- 
nium titanate precursor according to the following 
reaction. 

0,52ZrO,(s) + 0.48 TiO,(s) + Zr,.,,Ti,.,,02 (ss) (1) 

The formation of the precursor without PbO 
suppresses intermediate phases when forming 
the perovskite phase in the second stage as given 
in the following expression 

Zr,.,,Ti,.,,O,(ss) + PbO(s) + PbZr,.52Ti,.,,O,(SS)(2) 

The present investigation, made using high-tempera- 
ture X-ray diffractometry, was performed in order 
to clarify the influence of particle size of the B-site 
precursor on the kinetics of the second reaction. 

2 Experimental 

Two PbO/Zr,.,,Ti,.,,02 powder mixtures were pre- 
pared having two different particle sizes of the 
Zr,.52Ti,.,,02 precursor. Both powders were attrition- 
milled. One of them, termed the ‘fine’ powder, had 
an average particle size of 1.91 pm and the other 
‘coarse’ powder had a particle size of 5.08 pm. 
The commercial PbO had a purity of 99.6% 
(orthorombic crystal structure plus several wt% of 
tetragonal form). The powders were carefully mixed 
and isostatically pressed to pellets at 100 MPa 
with a maximum thickness of 1.0-l .5 mm. 

X-ray diffractograms were obtained using a 
Philips PW-1710 automatic diffractometer with a 
step and a continuous scanning device. The basic 
unit in this system is a Philips powder diffractometer 
with a vertical goniometer PW 1050/25, graphite 
mono-chromator PW 1752/00, proportional 
counter for reflected beam PW 171 l/10 and a PW 
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1730/25 generator. Diffraction patterns were mea- 
sured in a 28 range of 2&40” using Cu K, radiation 
of 50 kV and 30 mA. The at-temperature investiga- 
tions were performed in an Anton Paar high-temper- 
ature attachment re-engineered by the authors.4 
The temperature of the sample was measured with 
a Pt-13% Rh/Pt thermocouple placed close to the 
sample. The measurements of the developing lead 
zirconate titanate phase were made in two differ- 
ent modes. The first set of measurements was 
made during heating to 800°C with a nominally 
constant heating rate of 10°C min’ and 3 min 
scans in the above-mentioned 28 range starting 
from 500°C with a scan at every 50°C. The second 
set was made during isothermal heat treatments in 
the temperature range 450-800°C with a maximum 
soaking time of 120 min. 

The quantitative estimation of phase content 
was derived from an equation which relates the 
intensity of the diffraction peaks to the phase 
abundance’ 

I,, = Kj cij _ Pj cg 
rJ Pj I-% 

3 pj Cij 
(3) 

j=l 

where 

Kj is a constant. 
C, is the weight fraction of the jth phase in the 
ith sample. 
Iii is the intensity of a diffraction peak of phase 

J. 
p., is the mass absorption coefficient of the 
sample. 
pj is the mass absorption coefficient of phase j. 
pi is the density of phase j. 
pi = F/pi) is the calibration constant, defined 
by the crystal structure, the composition of the 
analysed phase and the instrumental conditions. 
n is the number of phases in the sample. 
i is the sample number. 
j is the phase number. 

It is evident that the determination of C, from 
eqn (3) requires a knowledge of pj and pIti Fortu- 
nately, the equation is simplified especially if it 
is assumed that chemical composition of the inves- 
tigated sample remains unchanged during heat 
treatment and by ignoring texturing effects (because 
of in-situ mode data collection). Then, assuming 
that the mass absorption coefficient of the sample 
is constant, eqn (3) becomes 

C, = Bj Iv (where Bj = l/p,) (4) 

Then the conversion of PbO to PZT can be written 
as 

C 
PZT = 

S SPZ, 
PZT + sPbO 

(5) 

where Crzr is the fraction of newly formed PZT 
phase, SrzT is the integrated intensity of the cubic 
PZT (1 10) peak and Spbo is the integrated intensity 
of the PbO (1 1 1) peak. 

Precise quantitative phase analysis requires 
accurate measurement of the integrated intensities 
of the diffracted lines. Count integration tech- 
niques work very well, when the lines are isolated 
and on simple backgrounds. However, when one 
or more lines overlap the line of interest, or if a 
complex background is present, profile fitting 
techniques are required in order to eliminate inter- 
ferences. In order to fit the main peaks of PbO 
(1 1 1) and PZT (1 1 0) a profile model based on 
asymmetric Lorentzians for fitting the instrument- 
and wavelength-related components of the powder 
diffraction profile, together with a Marguardt 
non-linear least-squares algorithm, were used.6 

3 Results and Discussion 

3.1 Dynamic heat treatment 
The phase composition of the initial mixtures con- 
tained two polyforms of PbO, namely massicot as 
the main phase and a small amount of litharge 
formed during preparation. In many commercial 
powders the metastable massicot is stabilized by 
the addition of small amounts of impurities 
(dopants), preventing its transformation to stable 
litharge at room temperature but allowing trans- 
formation to litharge when a mechanical force is 
applied. The other main phase was Zr,,,Ti,.,,O,, 
the main diffraction peaks of which were strongly 
overlapped by PbO. In-situ analysis made in the 
non-isothermal mode (temperature range 20-800°C) 
revealed dissolution of the main phases and corre- 
sponding formation of the PZT phase with cubic 
symmetry (Fig. 1). Special attention was paid to 
scanning in the temperature range 400-6OO”C, 
where the formation of a pyrochlore phase was 
expected. Diffractograms of samples in that temper- 
ature interval did not reveal the main peak of the 
pyrochlore phase located at 29” < 28 < 30” 
(Fig. 1). From this it was concluded that the forma- 
tion of the PZT phase in this investigation can 
be considered as a uniform process without for- 
mation of intermediate phases. 

The quantitative analysis showed that during 
the non-isothermal treatment the rate of formation 
of PZT was dependent on the particle size of the 
Zr,.,,Ti,.,,O, powders (Fig. 2). In both cases 
the curves are characterized by a sigmoidal shape, 
the main stages of the process being: the start of 
the reaction between 400 and 5OO”C, a constant rate 
stage between 500 and 700°C and a decreasing reac- 
tion rate at temperatures over 700°C. Figure 2 
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Fig. 1. Phase composition for the coarse Zr 0 szTi,.,,,O1-PbO powder during heating. 

clearly shows that the rea.ction to PZT is not autocat- 
alytic and that the maximum rate of PZT forma- 
tion for the two powders differs by approximately 
100°C. A similar particle size effect on the calcina- 
tion temperature was observed by Shrout’ and 
Fukai et al.‘The latter also showed that PZT was 
produced at a lower temperature than 600°C without 
formation of intermediate phases. 

3.2 Isothermal heat treatment 
Heat treatment of the powders was performed in 
an isothermal mode in the temperature range 
540-7OO”C, in order to obtain more information 
about the solid-state reactions taking place during 
the PZT formation [Figs 3(a) and (b)]. As can be 
seen from the figures, the isothermal runs showed 
the absence of a measurable incubation time for 
the reaction. For the fine powder, the temperature 
of reaction is around 100°C lower than for the 
coarse. As a further quantitative assessment of the 
powder mixtures, the reactivity of the powders 
was estimated from the value of the apparent acti- 
vation energies of reaction. 

The overall rate of change of a microscopic 
transformation that proceeds via a large number 
of atomic processes is given by8 

rate = v exp(A S/k) exp(-A HlkT) (6) 

where v is a complex function that depends on the 
vibration frequency of the atoms, AS the activa- 
tion entropy, k the Boltzmann constant, T the 
absolute temperature and AH the activation 
enthalpy. In condensed systems the activation 
enthalpy and the activation energy (A&) are nearly 
the same. Therefore, on the molarity scale, the 
rate of transformation may be expressed as an 
exponential function of an empirical activation 
energy which is characteristic of the transforma- 
tion process 

where cx is the fraction converted,f(cw) is a function 
of (Y and A is a constant. Integration of eqn (6) 
gives 

tr dt =*, [Aj(‘Y)]“‘eAEa’RTda (8) 
0 0 

or 

In t,, = in/T [A/(.)]-‘da/ + f.+ (9) 

where t,, is the time required to obtain a certain 
fraction converted, (Y,. 

In this case the activation energy can be estimated 
in a straightforward manner, without assuming a 
specific kinetic model. It follows from eqn (9) that 
the activation energy is found by plotting the log- 
arithm of time versus l/T for a given constant 
fraction converted (a,). Plots of In t versus l/T 
shown in Fig. 4 are reasonably straight parallel 
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Fig. 2. Fraction of PZT formed versus temperature. 
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lines, indicating that the PZT formation reactions 
are characterized by a uniform mechanism. The 
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b) 

lz o- 
0 20 40 60 80 100 

Reaction time (min) 

Fig. 3. Fraction of PZT formed versus time at different 
temperatures: (a) fine and (b) coarse powder. 
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Fig. 4. The logarithm of time as a function of reciprocal tem- 
perature for various extents of the reaction, where (a) and (b) 

are the fine and the coarse powders, respectively. 

calculated values of activation energy for the fine 
and the coarse powders are 150 and 210 kJ mall’ 
respectively. In the literature,9-‘2 quoted values 
for the activation energy vary from 100 to 500 kJ 
mall’. It is obvious that the physical meaning of 
the activation energy obtained from solid-state 
reactions in powder systems cannot be directly 
related to concepts used for describing kinetic pro- 
cesses in, for example, gas systems. In solid-state 
reactions the numbers of reacting species and reac- 
tion steps are more uncertain. Generally, these 
depend on the type of atomic interaction, the extent 
and geometry of the contact regions in the particle 
system, the type of crystal lattice and its degree of 
perfection. An example is provided by investigations 
performed on the reaction between PbO and 
ZrO,.” The growth of the product layer between 
bulk PbO and ZrO, samples could be described 
by parabolic kinetics and the activation energy of 
the reaction was approximately 500 kJ mol.? In 
contrast, in studies of mixed powders with different 
thermal prehistories, morphology and chemical 
activity, the phase transformations were shown to 
follow the Jander and the Kolmogorov-Erofeev 
models having activation energies of 188 and 
100 kJ mall’, respectively.“s’2 The values for the 
activation energies obtained in this investigation 
are consistent with the literature data and indicate 
that the activation energy for solid-state reactions 
mainly reflects the reactivity of the powders used 
in the investigation. 

3.3 Evaluation of the kinetic model 
Investigations performed on PbO-Ti02 and PbO- 
ZrO, systems have revealed that the formation 
of the binary compounds proceeds via reactions 
with material transport as the rate-controlling 
process. ‘*“*” It was also shown that, for powder 
compacts, the formation of PbTiO, and PbZrO, 
followed the Jander model for diffusion-controlled 
solid-state reaction kinetics.” In diffusion couples 
it was observed that the lead diffuses faster 
than the zirconium and titanium; thus few Ti4’ 
and Zr4+ ions were found in the PbO plate, while 
large numbers of Pb2’ ions were found in both the 
Ti02 and ZrO, plates. lo Attempts have been made 
to apply rate equations to powder mixtures with a 
distribution of sizes. It was found that the Valency- 
Carter diffusion model was applicable in all tem- 
perature intervals, when describing a particle size 
distribution of precursors reacting to PbTiO, 
and PbZr03.9.‘3 

The above observations suggest that the formation 
of the ternary Pb(Zr,Ti)O, compound would 
occur predominantly by solid-state diffusion of 
Pb2+ and 02- ions. Three diffusion-controlled 
models are chosen here to help identify the nature 
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of the diffusion mechanism: (i) the Jander model 
which is based on the solution for diffusion in a 
plane interface, without any change in volume or 
motion of the interface; (ii) the Ginstling and 
Brounshtein equation for a diffusion-controlled 
reaction starting on the exterior of a spherical par- 
ticle14 and (iii) the Valesi and Carter equation for 
spherical particles, taking into account the difference 
in volume of the reaction product and the initial 
materiaLI I6 When the experimental data were 
fitted to these equations, the best fit was obtained 
with the Jander equation 

rg[ 1 - (I - (Y,)“~]~ = 2k t (10) 

where (Y, is the relative amount of A transformed 
into reaction product, rA is the radius of the origi- 
nal spherical particles of A and k is the parabolic 
rate constant. The derivation of the equation is 
based on the premise that equal-sized spheres of 
reactant A are embedded in a quasi-continuous 
medium of reactant B. The closeness of fit is 
demonstrated in Figs 5 and 6 for the fine powder 
mixture. On the basis of this it is proposed that, 
when the fine powders are heated, either rapid 
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Fig. 5. Fitting of the Jander equation to experimental date of 
the reaction Zr, szTio 48Oz + PbO + Pb(Zr, s?Ti, &03 in the 

fine powder mixture. 
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Fig. 6. Amount of PZT formed (a). for the fine powder I. 
mixture, as a function of reduced time, tit,, 5. The full line is 

Shrout. T. R.. Conventionally prepared submicron electro- 

computed on the basis of the Jander model. 
ceramic powders by reactive calcination. Proceedings of 
the Interncltional Conference Chemistry of’ Electronic 

surface diffusion or a high vapour pressure of 
PbO provides a uniform supply of Pb” and 02- 
ions over the entire surface of the Zro.,,Tio.,,Oz 
particles. Since the vapour pressure of PbO is 
rather low, varying from 1.5 X IO-’ atm at 500°C 
to 5 x IO ’ atm at 7OO”C,“. Ix the second alternative 
seems less probable. Thus the extent of contact 
regions, together with the activation energy for 
bulk diffusion of Pb” and 02- ions, will play a 
dominant role in the formation rate of the PZT 
solid solution. 

In the derivation of the Jander equation, a 
parabolic growth law has been assumed. This is 
only valid for a diffusion-controlled one-dimen- 
sional reaction process, and not for a process with 
spherical geometry. Therefore it may appear 
somewhat surprising that the Jander equation 
gives the best fit to the experimental data. How- 
ever, after milling, the Zro,zTio4802 particles con- 
sist of finely divided, far from spherical, 
nanometre-sized crystallites with a high defect 
density. 

4 Conclusion 

The second calcination stage in the formation of 
PZT solid solution was investigated by means of 
high-temperature X-ray diffractometry. The constant 
heating rate experiment of the powder mixtures of 
PbO and Zr, s2Tio 4x02 showed a direct formation 
of PZT solid solution without any intermediate 
X-ray-crystalline phases. By reducing the particle 
size of the B-site precursor from 5.08 to 1.91 pm, 
the calcination temperature was reduced by 
100°C. The measured activation energy of the 
reaction was 150 kJ mol ’ for the mixture containing 
the fine precursor activated by prolonged milling 
and 210 kJ mol ’ for the mixture containing the 
coarse precursor. The reaction was found to fol- 
low the Jander model for diffusion-controlled 
solid-state reaction kinetics. 
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Abstract 

The evolution of mullite from organo-metal gel pre- 
cursors above 700°C is found to be strongly in@ 

uenced in both gel pieces and powdered samples by 

the thermal pretreatment at lower temperatures. 

Under the present conditions, the optimum preheat- 
ing temperature was found to be 35O”C, at which 
temperature an anomalously high concentration was 

found of an Al species with a characteristic 27Al 
magic-angle spinning N.MR resonance at about 30 

ppm. Such Al sites are often described as pentaco- 
ordinated, but an alternative assignment is consid- 
ered. The optimum temperature for the formation of 

this Al site is also optimal for the cataiytic forma- 

tion of aromatic molecules from the residual 
organic fragments an&or solvent present. Mass 

spectrometry shows that under the present reaction 

conditions, these aromatics are thermally stable up 
to at least 900°C in air, and the prolonged presence 

of their decomposition products (CO and water) 
could facilitate the transformation of the gel to 
crystalline mullite. The 2ySi NMR spectra indicate 

at least three dtrerent Si environments, including 

one which may arise from the formation of silicon 
oxycarbide glasses in these gels. 0 1996 Elsevier 

Science Limited 

1 Introduction 

Because of its increasing importance as a high- 
technology ceramic, considerable interest is being 
shown in the production by sol-gel synthesis 
routes of high-purity mullite with reproducible 
particulate characteristics. Since the mechanism by 
which mullite evolves when these gel precursors 
are heated depends strongly on the homogeneity 
of the gels, considerable effort has been put into 
understanding how the degree of mixing of the sil- 

ica and alumina components is influenced by the 
various possible different starting reagents and 
reaction conditions, as reviewed in two recent 
papers.‘.’ Taylor and Holland’ have suggested that 
in very homogeneous gels, the Al is largely incor- 
porated into the tetrahedral silica network, and 
mullite is the major phase appearing after recrys- 
tallization at about 980°C. By contrast, less homo- 
geneous gels contain extensive Al- and Si-rich 
regions, the former being characterized by octahe- 
dral Al; this type of gel transforms to an Al-rich 
spinel, which forms mullite only on further heat- 
ing.’ These conclusions are largely supported by 
the observations of Selvaraj et al.’ on gels pro- 
duced using different hydrolysis conditions. 

Schneider et aL3 have investigated mullite pre- 
cursors derived from tetraethoxysilane (TEOS) or 
SiCl, and aluminium see-butoxide by both slow 
and rapid hydrolysis, which they designate type I 
and type III precursors, respectively. They observed, 
as did previous authors,‘*2 resonances in the 27A1 
magic-angle spinning (MAS) nuclear magnetic 
resonance (NMR) spectra at about 30 ppm, vari- 
ously attributed to 5-coordinated A1’.2.4*5 or very 
strongly distorted tetrahedra.6 In other structures 
containing well-defined 5-coordinate Al, the iso- 
tropic chemical shift is 35-36 ppm.’ The Al in this 
coordination state, which has been suggested by 
Taylor and Holland to occur in the interfacial 
material between the silica-rich and alumina-rich 
domains,’ appears to be implicated in the reaction 
which occurs at 980°C, since the 30 ppm reso- 
nance disappears abruptly at about this tempera- 
ture.lm3 Schneider et a1.3 reported that type I 
precursors are extremely homogeneous, containing 
a random assortment of 4-, ‘5’- and 6-coordinate 
Al which, although X-ray amorphous below about 
9OO”C, crystallize above this temperature to 
mullite. Type III precursors differ, in forming an 
Al-rich spine1 above 900°C. 
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During preliminary experiments in which thermally 
induced changes in type I mullite precursors were 
monitored by MAS NMR, it was observed that 
the reaction route to mullite (i.e. whether directly 
or via the spine1 phase) was strongly influenced by 
the lower temperature pre-calcination conditions. 

The aim of the present work was to investigate 
in greater detail the effect of thermal pretreatments 
at various temperatures on the structural evolu- 
tion in type I precursors, using thermal analysis, 
X-ray diffraction and “Al and 19Si MAS NMR. 

2 Experimental 

The type I precursors were synthesized to mullite 
stoichiometry (72 wt% A1203, 28 wt’% SiOZ) by 
diluting TEOS and Al set-butylate with isopropyl 
alcohol, mixing and slowly hydrolysing in a 
humidity chamber at 40% relative humidity for 14 
days. The subsequent heating experiments were 
carried out on two types of sample, viz. gel pieces 
resulting directly from the synthesis and powders 
prepared by grinding the gel pieces. After drying 
at 150°C one portion of the precursor phase was 
heated directly to various temperatures up to 
650°C and held at temperature for 15 h before 
cooling. Another sub-set of these preheated sam- 
ples was further heat-treated at 700°C for 15 h. 
All the heated samples were ground if necessary, 
and examined by X-ray powder diffraction 
(Siemens D500 computer-controlled powder 
diffractometer with Cu K, radiation), and by 27Al 
and 19Si MAS NMR. The solid-state MAS NMR 
spectra were obtained at 11.7 T using a Varian 
Unity 500 spectrometer and 5 mm Doty probe 
spun at up to 12 kHz. The 27Al spectra were 
acquired at 130.3 MHz with a 15” pulse of 1 ps 
and a recycle time of 0.1 or 1s. The spectra were 
referenced to Al(H,O)i’. The 11.7 T 29Si spectra 
were acquired at 99.3 MHz using a 90” pulse of 
6 ps and recycle times up to 3000 s (but typically 
100 s). The spectra were referenced to tetramethyl- 
silane (TMS). 29Si cross-polarization (CP) spectra 
were also obtained at 4.7 T for some of the sam- 
ples using a 5 ps contact time and a 3 s delay 
between the pulses. Thermal analyses were carried 
out using a Netzsch DSC 404 at a heating rate of 
10°C min’ in air. Evolved gas analyses (EGA) were 
carried out by packing the sample into a silica 
capillary tube through which was passed a stream 
of air (3 cm3 min’) while heating in a micro fur- 
nace at a linear heating rate of 20°C min’ up to 
900°C. The effluent gas was analyzed using a 
Dycor MA 1 OOM quadrupole mass spectrometer 
fitted with a Varian 301/s triode ion pump and a 
60 pm silicone rubber membrane inlet. 

3 Results and Discussion 

The most obvious difference in all the samples was 
their colour, which ranged for the powder samples 
from pure white for the 150”C-dried sample, 
through ochre at 250°C to grey at 350450°C and 
black at 550-650°C. The gel piece samples dis- 
played very weak colour effects in samples pre- 
heated at 25Wl5O”C only, the other preheated 
materials being transparent. After reheating at 
700°C all the powder samples appeared black, 
indicating the presence of either carbon or unoxi- 
dized organic residues, or structural defects which 
can also cause dark coloration. The reheated gel 
pieces were all transparent. 

3.1 Differential thermal analysis (DTA) 
The thermal analysis curve of mullite precursor 
type I dried at 150°C is as expected for a gel precur- 
sor, showing a large, low-temperature endotherm 
centred at about 150-250°C caused by the removal 
of residual water and solvent. Other broad and 
weak endotherms at 55s700°C are probably 
related to the further removal of solvent and 
residual organics. A sharp exotherm at about 
980°C typical of monophase type I mullite pre- 
cursors, is associated with the formation of A1203- 
rich mullite. 

3.2 X-ray diffractometry (XRD) 
X-ray powder diffraction showed both the pre- 
heated powder and gel piece samples to be amor- 
phous, with two broad humps in the diffraction 
baseline centred at about 3.5 and 1.4 A. The XRD 
patterns of the reheated samples are shown in Fig. 
1, and indicate a complex temperature-dependent 
phase development. The reheated powder sample 
preheated at 250°C [Fig, l(E)] contains a cubic 
spine1 phase with a cell parameter similar to that 
of y-Al,O,. The reheated powder samples pre- 
heated at 350°C and 450°C [Figs l(D) and (C)] 
show evidence of crystalline mullite, whereas the 
reheated powder samples preheated at 550°C and 
650°C [Figs l(B) and (A)] are still amorphous. 
Reheated gel piece samples preheated at 200°C 
show weak Al-spine1 reflections [Fig l(K)] which 
become progressively weaker in samples preheated 
at 250°C and 350°C [Figs l(J) and (I)], but 
become markedly stronger in the sample pre- 
heated at 450°C [Fig l(H)]. Preheating the gel 
pieces at 550°C produces a lower Al-spine1 con- 
tent in the reheated sample, which also contains 
evidence of another transition alumina, 0-Al,O, 
[Fig. l(G)], typical of an Al-rich system which has 
progressed further in its high-temperature trans- 
formations. The reheated gel piece sample pre- 
heated at 650°C is amorphous [Fig. l(F)]. These 
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Fig. 1. XRD traces of mullite precursors preheated for 1.5 h at the marked temperatures, then reheated at 700°C for 15 h. (A)-(E) 
powdered samples. (F)-(K) gel piece samples. Right-hand diagram: semi-schematic representation of the variation in the XRD 
intensity of mullite and Al-spine1 in reheated powder and gel samples, as a function of preheating temperature. Key: M = mullite, 

S = Al-spinel. T = 8A1203. 

changes in the mullite and spine1 content are 
shown semi-schematically as a function of pre- 
heating temperature in Fig. 1, constructed from 
measurements of the 440 spine1 peak areas and 
the 2 10 mullite peak heights. 

3.3 MAS NMR 
A selection of typical 27Al MAS NMR spectra of 
powdered samples, both preheated and reheated 
to 7OO”C, is shown in, Fig. 2, with the corre- 
sponding spectra for thle gel piece samples shown 
in Fig. 3. All the *‘Al MAS NMR spectra contain 
three resolvable resonances at about 0, 30 and 
55 ppm. The resonances near 0 and 55 ppm indi- 
cate 6-fold and 4-fold coordinated Al respectively, 
whereas the 30 ppm signal has been attributed to 
5-coordinated Al.’ Each of the spectra was fitted 
to three Gaussian peaks, from which the relative 
intensities were obtained by integration. The rela- 
tive areas of the 0, 30 and 55 ppm spectral compo- 
nents are plotted in Fig. 4 as a function of the 
preheating temperature for the powder and gel 
piece samples, both preheated only [Fig. 4(A)] and 
reheated at 700°C after :pre-heating [Fig. 4(B)]. 

Figure 4 indicates that in all the samples there is 
a general trend with increasing temperature 
towards greater concentrations of 30 ppm Al, at 

the expense of 4- and 6-coordinated Al. The sam- 
ples preheated at 350450°C are rather anomalous, 
showing a discontinuity in the amount of 30 ppm 

A. 250% 

/,/ 
loo 0 -100 loo 0 -100 

nAl shift (ppm), w.r.t. Al (H,O)t 

Fig. 2. 11.7 T “AI MAS NMR spectra of powdered mullite 
precursor gel: (A)-(E) preheated for 15 h at the indicated 
temperatures; (F)-(J) preheated for 15 h at the indicated tem- 

peratures, then reheated for 15 h at 7OO’C. 
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NMR sites in mullite precursor gel powders (open circles) 
and gel pieces (filled circles) as a function of preheating 
temperature. (A) Samples preheated for I5 h: (B) samples 

preheated for 15 h then reheated for 15 h at 700°C. 

Al at these temperatures, especially in the pow- 
dered samples. A similar but even stronger effect 
is observed in both the powder and gel piece sam- 
ples reheated at 700°C; both the powders and gel 
piece samples display a similar evolution of poly- 
hedra, with reciprocal dependences between the 
30 ppm Al and 6-fold coordinated Al. The high 
proportion of Al(6) and low proportion of 30 ppm 
Al in the reheated gel piece samples preheated at 
450°C and 550°C [Fig. 4(B)] is typical of materials 
containing Al-spinel, and is consistent with the 
XRD results for these samples (Fig. 1). By con- 
trast, the higher proportions of 30 ppm Al and 
decreased Al(6) observed in both powders and 
gels preheated at 350°C is more typical of a mul- 
lite-forming system, and has frequently been 
described in alumina-rich gels and glasses in the 
alumina-silica system, ‘L’ the evolution of 30 ppm 
Al reaching a maximum in both gels and glasses 
just prior to mullite crystallization. Taylor and 
Holland’ have related the Al coordination in alu- 
minosilicate gels to their homogeneity, suggesting 
that Al(4) sites exist in regions of high homogene- 
ity, and reflect efficient incorporation of Al into 
the tetrahedral silicate network. By contrast, less 
homogeneous regions, containing discrete alu- 
mina-rich and silica-rich domains, are suggested 
to be characterized by Al(6) sites. Taylor and Hol- 
land assign the 30 ppm Al sites to pentacoordi- 
nated Al in the interfacial regions between the 
homogeneous and inhomogeneous domains.’ On 
this basis, the present starting material dried at 
150°C would be fairly inhomogeneous, but as the 
sample is progressively preheated to higher tem- 
peratures, the number of interfacial 30 ppm Al 
sites increases, reflecting a progressive improve- 
ment in homogeneity with a decrease in the size of 
the domains and their improved distribution 
throughout the sample volume. Thus, the crystal- 
lization product of the most highly homogeneous 
systems is predicted to be mullite, as is found to 
be the case for the sample preheated at 350°C. 
However, although the NMR and XRD are self- 
consistent, they do not explain how the degree of 
homogeneity - which seems to be determined by 
thermal treatments at relatively low temperatures 
- is preserved throughout subsequent high-tem- 
perature reactions. 

An alternative interpretation of the origin of the 
30 ppm Al NMR resonance has recently been sug- 
gested.* This suggestion, which is supported by 
spectroscopic data and analysis of X-ray pair cor- 
relation functions for mullite gel precursors, is 
that the 30 ppm Al resonance does not arise from 
pentacoordinated Al but from distorted tetrahe- 
dral environments associated with Al triclusters 
sharing one common oxygen. Such Al sites occur 
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in crystalline mullite, in which they lead to a 27A1 
resonance at about 43 ppm.’ In non-crystalline 
mullite precursors, the elongated bond lengths 
between the tricluster common oxygens and their 
adjacent aluminiums are more readily accommo- 
dated, permitting increased distortion from tetra- 
hedral symmetry and an associated increase in 
electric field gradients (EFGs), reflected in an 
increased upfield chemical shift towards 30 ppm.8 
Since these triclusters are an essential element of 
the mullite structure, i.t is suggested that their 
increased concentration in the gel precursors, refl- 
ected by the strength of the 30 ppm Al signal, will 
lead to increased mullite formation on reheating 
by the principle of structural continuity. 

However, the question remains as to why the 
concentration of 30 ppm Al sites, whether arising 
from pentahedral interfacial sites or distorted 
tetrahedral triclusters, should be so increased by 
thermal pretreatment at 350°C. The processes 
involved in the formation of both phase-separated 
microdomains and oxygen-deficient Al triclusters 
involve breaking and I-e-forming of bonds, the 
kinetics of which seems likely to be influenced by 
the presence of hydroxyls and organic functional 
groups. Both types of species are present in the gel 
precursors, and it will be shown below that the 
nature and thermal stability of the latter vary with 
thermal pretreatment. 

I I I I I I I I I L 

-40 -60 -120 -160 /w -200 0 

%i chemical shift ( ppm ), w.r.t. TMS 

-100-140 -20 -60 -140 
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Fig. 5. Typical 11.7 T “‘Si MAS NMR spectra of powdered Fig 6. Typical 1 I.7 T “Si MAS NMR spectra of mullite pre- 
mullite precursor gel: (AHD) preheated for 15 h at the indi- cursor gel pieces: (A)-(E) preheated for IS h at the indicated 
cated temperatures; (EHH)‘preheated for I5 h at the indicated temperatures; (F)-l(J) preheated for 15 h at the indicated 

temperatures, then reheated for 15 h at 700°C. temperatures, then reheated for 15 h at 700°C. 

Figures 5 and 6 show a selection of typical 29Si 
MAS NMR spectra for powdered and gel piece 
samples, respectively, both after preheating and 
reheating at 700°C. All the 29Si NMR spectra of 
the powder samples contain a main region of 
intensity at about -88 ppm, with two broad but 
distinguishable shoulders at about -55 and -113 
ppm; the gel piece sample spectra (Fig. 6) are 
more symmetrical. All the powder sample spectra 
can be fitted by three peaks (Fig. 7) with posi- 
tions that are essentially independent of the heat- 
ing conditions. 

The peak of maximum intensity shifts slightly 
from about -85 ppm in the powder and gel piece 
samples preheated at 250°C to about -91 ppm in 
the gel piece sample preheated at 650°C. This 
spectral region is associated with aluminosilicates 
such as mullite.6 The small but significant upfield 
trend observed in the position of this peak with 
increasing preheating temperature may reflect an 
increase in the number of -Si-O-Si- bonds with 
respect to -Si-O-Al- bonds, caused by the gradual 
disappearance of unbridged -Si-O-H or -Si-O-R 
(R = organic residual) structural units. 

The broad shoulder at about -110 to -117 ppm, 
particularly noticeable in the spectra of the pow- 
der samples (Fig. 5) indicates the presence of 
varying amounts of uncombined X-ray amor- 
phous SiOz in these samples, which has been cited 
as evidence for gel inhomogeneity. The formation 
of -Si-O-Si- domains in the powder precursor 
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Fig. 7. Typical fits of three Gaussian peaks to “MAS NMR 
spectra of mullite precursor gel preheated as indicated. 

may be due to weak phase separation which is 
necessary for the formation of alumina-rich mul- 
lite plus silica above about 980°C. This phase sep- 
aration must be much weaker than in type III 
mullite precursors,” which at about 980°C form 
Al-spine1 plus non-crystalline silica. Phase separa- 
tion into alumina-rich and silica-rich phases prior 
to recrystallization is less evident in the gel piece 
samples, possibly due to slower diffusion processes 
in the gel pieces by comparison with the higher 
surface area powder samples. 

The origin of the lower-field 29Si intensity pre- 
sent in all these spectra at about -55 ppm is more 
difficult to explain, since this shift is low for Si-0 
resonances. The olivine minerals (Mg,Fe)*Si04, 
with 19Si chemical shifts of about -62 ppm,” rep- 
resent one of the few entities resonating in this 
region, but the absence of divalent cations in the 
present system militates against this explanation 
for the observed spectra. Another possibility, con- 
sistent with the dark colours of the present gels 
and the persistence of organic residues up to at 
least 700°C (see below), is the presence of stable 
amorphous oxycarbide (‘black glass’). The SiCO, 
unit, one of the species present in gel-derived sili- 
con oxycarbide, has a broad 29Si resonance cen- 
tred at about -67 ppm, with another unit, SiC,O,, 
giving rise to a peak at about -30 to -40 ppm.” 
These oxycarbide glasses also contain a major 

Si04 resonance at about -110 ppm,” consistent 
with the present spectra. Although such entities 
may well occur in the samples reheated at 700°C, 
they are unlikely to be present in the samples 
which had been only preheated at lower tempera- 
tures. In these, the origin of the lower-field NMR 
resonances is more likely to be precursor organo- 
silicon species such as: 

I I 
0 0 

I 
R-Si-OH and R-Si-O- 

I I 
0 0 
I I 

which have been reported” as having 29Si reso- 
nances at about -56 and -66 ppm, respectively. 

To investigate the relationship of protons to the 
Si atoms, and their possible retention during the 
thermal treatments, 29Si cross-polarized (CP) spec- 
tra were obtained for several samples. The Si 
atoms detected in this way are those in proximity 
to protons, and produced spectra which were simi- 
lar to those run at the same field strength without 
cross-polarization, suggesting that the protons are 
distributed throughout the sample and not local- 
ized at one particular type of Si site. Although the 
sample weights within the coil volume were some- 
what variable, making the analysis only semi- 
quantitative, the CP intensity was approximately 
constant up to 450°C decreasing as expected to 
about 39% of its original value after heating at 
650°C with a further decrease to about 31% after 
reheating at 700°C. These results indicate that 
thermal treatment removes the silanol protons 
more or less uniformly, but since some of these 
remain in the structure up to recrystallization tem- 
peratures, their presence could influence mullite 
formation. However, the CP results give no indi- 
cation that abnormal proton activity might be 
implicated in the enhanced transformation to mul- 
lite of the sample preheated at 350°C. 

3.4 Evolution of organic species during heating 
Mass spectra were continuously recorded of 
the effluent gas streams from the preheated and 
reheated gel samples as they were heated in flow- 
ing air up to 900°C. A selection of three-dimen- 
sional mass spectra plotted as a function of 
heating temperatures is shown in Fig. 8 for the 
samples which had been preheated to various tem- 
peratures as marked. 

The spectra of samples preheated at 150 and 
250°C [Figs 8(A) and (B)] are characterized by the 
evolution of a series of fragments of mass 56-58, 
which begin to appear at about 6OO”C, reaching 
their maximum concentration in the gas stream at 
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Fig. 8. Mass spectra of gases evolved during heating of mullite precursor gels in air at 20°C min 
gels were preheated for 15 h at the indicated temperatures. 

‘. Prior to this experiment, the 

about 800°C and disappearing by about 900°C 
[Fig. 9(A)]. A maximum in the mass signal for 
CO2 at 800°C suggests that these species are rather 
resistant to oxidation up to this temperature, after 
which their disappearance is related to their oxida- 
tion. The unambiguous identification of these 
organic species is complicated by the possible 
presence of a mixture of compounds, but the com- 
plete mass spectra including the lower-intensity 
cracking fragments are consistent with organic 

species such as hexane, heptane or their cyclic forms, 
or cyclohexanone. These compounds apparently 
originate from the organic by-products of gel for- 
mation, perhaps with residual traces of solvent, 
but their considerable thermal stability, which 
extends into the temperature region of gel crystal- 
lization, is unexpected. 

Even less expected is the mass spectrum from 
the sample preheated at 350°C [Fig. 8(C)] which 
shows, in addition to the group of masses at 
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Fig. 9. Temperature dependence of the thermal evolution of two representative organic species from mullite precursor gels 
preheated for 15 h at the temperatures indicated on each curve: (A) species of mass 57, (B) species of mass 91. 

56-58, significant concentrations of masses 7679, 
90-93 and 103-106. These species are even more 
thermally stable, beginning to be evolved at about 
700°C and continuing to increase in concentration 
up to 900°C [Fig. 9(B)]. Based on their cracking 
patterns, these species represent mixtures of aro- 
matic-containing benzene and ethyl- and methyl- 
substituted benzenes. Their formation in the 
sample preheated at 350°C for a long period 
(15 h) appears to be related both to the catalytic 
activity known to be associated with alumina gels 
containing high proportions of Al”’ (the so-called 
‘high-5’ gelsI and the preheating temperature, 
which is sufficient to promote the catalytic reac- 
tions of the residual organic species but not suffi- 
ciently high to cause oxidation. The effect of the 
preheating temperature is clearly shown in Fig. 10, 
in which are plotted the maximum ion signals for 
masses 57 and 91 as a function of the preheating 
temperature. Figure 10 shows a marked increased 
in the aromatic masses in the sample heated in 
350°C whereas at > 350°C the amounts of all 
organics rapidly decrease, having apparently been 
carbonized, consistent with the increasingly darker 
colours of these samples. Mass spectra resembling 
Figs 8(E) and (F) were obtained from all the pre- 
heated samples which had been subsequently 
reheated at 700°C for 15 h; the reheating condi- 
tions were apparently sufficient to remove most of 
the organic species formed during the preheating 
stage. 

These results suggest that catalytic reactions of 
the residual organic species are optimized at 
350°C with respect to the formation of aromatic 
compounds that have a high degree of stability 
towards further heating in air. It was suggested 

earlier in this paper that the presence of residual 
organic species could facilitate the formation of 
the 30 ppm Al sites which may be related to the 
incipient mullite structure; these Al sites may also 
be implicated in the catalytic rearrangement of the 
organic residues during prolonged preheating at 
lower temperatures. The question remains, how- 
ever, as to whether these relatively stable organic 
compounds might also influence the gel crystal- 
lization at higher temperatures. One possibility is 
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Fig. 10. Maximum concentration of species of mass 57 and 91 
evolved from mullite precursor gels as a function of the gel 

preheating temperature. 
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that the presence of the thermal degradation prod- 
ucts carbon and CO may influence the formation 
of mullite by providing a locally reducing atmo- 
sphere in intimate association with the incipient 
mullite grains. Although such an atmosphere 
effect has not previously been demonstrated for 
gel-derived mullites, it has been shown that the 
formation of mullite from kaolinite is assisted by 
reducing atmospheres in the presence of carbon.14 
Another interesting question arising from these 
results is whether the aromatic species formed at 
350°C might somehow rnodify the catalytic sites in 
the gel by remaining tightly bound even at tem- 
peratures at which crystallization begins, and 
thereby influence the course of the high-tempera- 
ture transformations. Further work is required to 
clarify these matters. 

4 Conclusions 

(1) 

(2) 

(3) 

(4) 

The thermal ev’olution of mullite from 
organically derived gel precursors, in the 
form of both pieces and powders, is markedly 
influenced by thermal pretreatment at low 
temperatures (<45O”C). 
Prolonged thermad pretreatment at the opti- 
mum temperature: (OPT) (250-350°C in the 
present samples) produces an anomalously 
high concentration of Al species appearing 
in the 27A1 NMR spectra at = 30 ppm. This 
situation is perpetuated when the preheated 
samples are reheated at higher tempera- 
tures, leading to the predominance of the 
30 ppm Al signal immediately prior to mul- 
lite recrystallization. 
The 30 ppm Al signal is often attributed to 
pentacoordinated Al, which may be located 
in the mullite precursor gels at the interface 
between Si-rich and Al-rich microdomains. 
Alternatively, this Al signal could arise from 
the distorted tetrahedral Al environment in 
the region of an O-deficient tricluster which 
constitutes a distinctive element of the mullite 
structure on recrystallization. The enhanced 
formation of the 30 ppm Al sites during 
prolonged thermal treatment at the OPT 
may be related to the presence of residual 
hydroxyl groups or organic residues, which 
facilitate the atolmic movements necessary 
for the formation of either microdomains or 
tricluster structures. 
The gels contain Si in at least three environ- 
ments: (i) in an ahlminosilicate, characterized 
by a 29Si chemical shift of about -86 ppm, 
(ii) in uncombined silica (chemical shift of 
about -112 ppm) .and (iii) in an environment 

(5) 

(6) 

which may be associated with residual carbon 
from the organic precursor (chemical shift 
of about -55 ppm). After heat treatment, 
the position of the aluminosilicate resonance 
moves upfield slightly, reflecting an increase 
in the number of Si-0-Si bonds resulting 
from phase separation or from the condensa- 
tion of Si-OH or Si-OR groups. 
Thermal analysis and 29Si cross-polarization 
experiments indicate the persistence of resid- 
ual protons in the gels even above the OPT. 
These protons are not localized on any partic- 
ular Si site, but may be implicated in the 
anomalous behaviour of the gels preheated 
at the OPT, by facilitating the atomic move- 
ments necessary for both phase separation 
and the formation of tricluster structures. 
The gels retain up to high temperatures 
residual organic species from the reactants 
and possibly traces of solvent. Below the 
OPT these are predominantly straight-chain 
or cyclic hydrocarbons, but prolonged heating 
at the OPT results in their conversion to 
aromatic species, possibly resulting from the 
enhanced catalytic properties of the high 
concentration of ‘pentacoordinated’ Al in 
these samples. Prolonged preheating above 
the OPT destroys the aromatic species, 
probably by oxidation; once formed, however, 
these species are thermally stable under 
dynamic heating conditions to at least 
900°C. Their presence in the system at high 
temperatures could influence the structural 
evolution of the gel by providing a locally 
reducing and/or humid atmosphere which 
facilitates such transformations. Thus, the 
previously unreported influence of prolonged 
thermal preconditioning on the structural 
evolution of the gels under the present con- 
ditions appears to be related to the presence 
of organic residues, which may play an 
essential role in the formation of catalytically 
active Al sites characterized by the 30 ppm 
NMR resonance. These sites could influence 
subsequent mullite formation both because 
they form an essential element of the mullite 
structure, and by their catalytic conversion 
of the residual organic species to entities 
whose thermal stability at the recrystalliza- 
tion temperature allows them to participate 
in these transformations. 
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Abstract 

Thixotropic gels of the precursor powders of the 
titled compounds have been prepared by the addition 
of oxalic acid to the mixed solutions of metal salts 
at room temperature (=: 27°C). The clear sols of 
yttrium-zirconyl oxalate (YZO) and yttrium- 
cerium-zirconyl oxalate (YCZO) gelled within a 
few hours and were oven-dried at 40°C. The various 
stages of gelation behaviour of the sols are explained 
on the basis of DLVO theory. By repeptizing the 
dried gel powders with water, concentrated sols 
were prepared. The gelation time as a function of 
chloride ion concentration is discussed for both ~01s. 
The nature of the temperature dependence of the 
dried gel powders was studied by means of thermo- 
gravimetric analysis and difSerentia1 thermal analy- 
sis. Powder X-ray dtjiraction was used to study the 
crystallization behaviour of the dried amorphous gel 
powders. It is found that these powders crystallize 
in tetragonal phase when calcined at 850°C for I h. 
Estimation of surface area and infra-red characteri- 
zation have also been carried out for the prepared 
powders. 0 1996 Elsevier Science Limited 

1 Introduction 

With the increasing development of ceramic mate- 
rials, there has been enormous interest in their 
preparation. The preparation technique depends on 
the applications of a particular material, such as 
the mixed oxide method for refractory applications 
and chemical routes for structural and functional 
applications. The devellopment of zirconia-based 
ceramic materials is of prime interest because of 
their superior properties such as toughness, oxida- 
tion, corrosion and erosion resistance and tolerance 
to severe environments, which enables numerous 
industrial applications. The pioneering work of 
Garvie et al. ’ and Gupta and co-workers2,3 stimu- 
lated considerable attention on this area. 

Although various liquid precursor routes 
are available for the preparation of fine ceramic 
materials, the sol-gel method is a promising 
processing technique because of its inherent 
advantages such as controlled particle size, shape 
and distribution, desired composition, relatively 
low-temperature sinterability, etc., and because 
of its recent advancement for industrial applica- 
tions.“(j 

Many reports on the preparation of fine particles 
of yttria-stabilized zirconia are available, several 
of which involved precipitation/sol-gel methods.7-‘3 
Most of them yielded sinteractive powders of fine 
size. The spray pyrolysis method has been used by 
Xiaming et al. I4 for the preparation of ZrO,-Y,O, 
powders. 

Even though yttria-stabilized tetragonal zirco- 
nia has good mechanical properties, it suffers 
severely from low-temperature degradation’5-20 
which leads to deleterious properties, and therefore 
the material turns out to be a failure. On the other 
hand, yttria-ceria-stabilized tetragonal zirconia has 
not shown low-temperature degradation.20*2’ 

Many reports are available on the preparation 
of yttriaceria-stabilized zirconia (YCZ) and its 
characterization.‘9m22 Duh et a1.20 and Leach and 
Khan22 have reported the mechanical behaviour, 
tolerance of the material in a hostile environment 
and the good phase stability of the YCZ system. 
The phase stability and mechanical behaviour of 
the stabilized zirconia are clearly explained by 
Hirano.23 

The present work reports on the preparation of 
yttria- and yttria-ceria-stabilized zirconia by 
oxalate gelation using metal salts of chloride and 
nitrate, and oxalic acid solutions. The characteri- 
zation of the prepared powders [by X-ray powder 
diffraction (XRD), thermogravimetric analysis 
(TGA), differential thermal analysis (DTA), surface 
area measurement and infra-red spectroscopy 
(IR)] and the preparation of concentrated sols are 
also discussed. 

1309 
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2 Experimental Procedure 

The parent materials for the preparation of the 
titled powders were the water-soluble salts of 
metal nitrates and chlorides such as zirconyl chlo- 
ride octahydrate (LR grade, CDH Chemicals), 
cerium nitrate hexahydrate (AR grade, CDH 
Chemicals), yttrium nitrate hexahydrate (AR 
grade, CDH Chemicals) and oxalic acid dihydrate 
(SD Fine Chemicals). Triple distilled water was 
used throughout the experiments. All the solutions 
were used as-prepared after filtration. 

2.1 Preparation of gels 

2. I. I Yttrium-zirconyl oxalate ( YZO) gel 
Aqueous solutions (1 M) of zirconyl chloride and 
yttrium nitrate were prepared by dissolving the 
respective salts in water, and the solutions then 
thoroughly mixed together (corresponding to 
5 mol% of Y,O, in the final oxide powder). A 
desired amount of oxalic acid solution (1 M) was 
slowly added to the mixed cation solution with 
continuous stirring. White gelatinous precipitates 
were formed immediately, and gave a thick gel. 
The formed thick gel was vigorously stirred/ 
shaken, yielding a clear sol. This sol was allowed 
to form a clear thixotropic gel at room temperature 
(-27°C) by physical gelation. The addition of a 
stoichiometric ratio of oxalic acid led to the forma- 
tion of a turbid aggregated sol. The physical 
and thixotropic gel obtained from the clear sol 
was oven-dried at 40°C. The dried gel powder has 
repeptizable character when mixed with water. 

2.1.2 Yttrium-cerium-zirconyl oxalate ( YCZO) 
gel 
Solutions (1 M) of zirconyl chloride, cerium nitrate 
and yttrium nitrate were prepared by dissolving 
the salts in water. Cerium nitrate solution was first 
mixed well with zirconyl chloride solution and 
then the yttrium nitrate solution was thoroughly 
mixed with the combined solutions (corresponding 
to 4 mol% of Y203 and 7 mol% of CeOz in the 
final oxide powder). An appropriate quantity of 
oxalic acid solution (1 M) was mixed with the 
combined cation solution, slowly and with contin- 
uous stirring, at room temperature (~27°C). Dur- 
ing the formation of sol and gel, the observed 
characteristics of the YCZO system were the same 
as those of the YZO system. The prepared gels 
were oven-dried at 40°C and crushed in a mortar 
and pestle. The powders thus obtained were used 
to study the gelation time as a function of chloride 
ion concentration for repeptized sol. They were 
also calcined at different temperatures, 460, 600 
and 850°C for 1 h, to study the crystallization 

behaviour and to estimate the surface area. Thermal 
behaviour and IR studies of the dried gel powders 
were also carried out. 

The following flow chart shows the experimental 
procedure for the preparation of these powders. 

Oxalic acid 
solution 

1 
*Solutions of 

yttrium nitrate 
and zirconyl chloride 

L 
White flocculation 

1 
Clear sol 

L 
Physical gelation 

1 
Dried at 40°C 

1 
Powder 

1 
Characterization 

*For the preparation of YCZO gel, cerium nitrate solution 
was mixed with the yttrium nitrate and zirconyl chloride 
solutions. 

3 Results and Discussion 

3.1 Formation of gels 
Immediately after the oxalic acid solution is mixed 
with the combined solutions of yttrium nitrate and 
zirconyl chloride at room temperature (27”Q 
white flocculates are formed due to the localized 
concentration of the ions and the flocculates 
disappear spontaneously. If the addition of oxalic 
acid is continued, the rate of disappearance of the 
flocculates decreases and finally a white thick 
gel is obtained. After vigorous stirring/shaking of 
the gel, a clear sol is formed. Possible reasons 
for the variation of the rate of disappearance of 
the flocculates may be the higher ionic concentra- 
tion of the solution and an uneven distribution of 
the ions. Vigorous stirring/shaking favours the 
even distribution of the ions and the adsorption 
of protons on the colloidal particles, thereby cre- 
ating an electrical double layer. As time increases 
the clarity of the sol decreases slightly, which may 
be due to clustering of the colloidal particles. It 
has also been noticed that the atmospheric condi- 
tions have a marked effect on the formation of the 
transparent sol, gel and gelation time. For example, 
if the humidity of the atmosphere is greater than 
95%, the formed sol and gel are highly transparent 
at room temperature and the time taken for 
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gelation is more; if the humidity is less than 90%, 
the formed sol is of aggregative nature and the gel 
is opaque. This may be due to the difference in 
the reaction rates for the formation of the sol and 
gel. However, a systematic study needs to be carried 
out to understand the effect of atmospheric 
conditions on sol and gel formation. 

The YCZO gel was ;prepared by slow addition 
of oxalic acid to the combined cations solution 
with continuous stirring. The characteristics 
observed for this gel during preparation are similar 
to those of the YZO gel. The addition of a stoichio- 
metric ratio of oxalic acid to the mixed cations 
solution leads to the formation of an unclear sol 
which then turns out to be a white opaque gel, 
tihereas a transparent sol and gel are observed 
when the addition of oxalic acid is sufficient to 
form the zirconyl oxalate gel alone, i.e. the molar 
ratio of (ZrO)2’ to (C204)2- is equal to 1 M for 
both YZO and YCZOl gels. However, the time 
taken for the formation of the clear YCZO sol is 
less than that taken to form the YZO sol. More- 
over, the transparency is higher for the YCZO 
than for the YZO system. 

The cerium and yttrium ions are mixed in the 
form of their respective nitrate salts. The nature 
of the dopants in the zirconyl oxalate gel structure 
is not clearly understood. As Tohge et a1.24 suggested 
for glasses, here also we can think of the dopants 
as being uniformly distributed on the pore surface 
of the zirconyl gel structure; during calcination the 
dopant ions are substituted for zirconium ions in 
the crystal structure wh(ich favours the formation 
of the stabilized zirconia. 

Although many forces are active in the solu- 
tions,25 a possible qualitative explanation for the 
disappearance of the white flocculates at the 
beginning stage, the formation of the white thick 
gel at the middle stage and the clear sol at the 
final stage can be given by means of DLVO theory 
based on Refs 25 and 26. Conveniently, the existence 
of these three stages may be classified as follows: 
(1) the initial stage where the formed white floccu- 
lates disappear immediately after the oxalic acid is 
added to the mixed salt solutions; (2) the interme- 
diate stage where the continued addition of oxalic 
acid to the combined solution of salts gives white 
flocculates which, instea.d of disappearing, lead to 
the formation of a white: thick gel; and (3) the final 
stage where the observed white thick gel is slowly 
transformed to a clear transparent sol by continu- 
ously stirring/shaking. 

It may be considered that the hydrochloric 
acid formed according ‘to the following equation, 
which is for the preparation of pure zirconyl 
oxalate ge1,27 is one of the reasons for the 
coagulation and formation of the thick gel: 

ZrOCl, + H2C2O4 + ZrOC,O, + 2HCl (1) 

According to the DLVO theory, a potential energy 
barrier exists between two colloidal particles. 
Depending on the magnitude of the barrier, parti- 
cles may be either coagulated or dispersed. The 
total potential energy of the interaction between 
two particles can be described by: 

(2) 

where H = inter-particle separation, E = dielectric 
permitivity of the liquid medium, I+$, = surface 
potential and K = Debye-Huckel parameter, given 

by 

K = ez J 
with K = Boltzmann constant, T = temperature, 
e = charge of an electron, z = number of charges 
on a particle and n = number of particles per unit 
volume. 

From eqn (2), the energy barrier, V,,, can be 
derived as: 

where r = particle diameter and X = Hamaker 
constant. From eqn (3) it is clear that the energy 
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Fig. 1. Schematic plots of the energy of interaction between 
two surfaces across a polar liquid. Electrical double-layer 
repulsion gives a positive contribution which decreases expo- 
nentially as surface separation increases (line 1); van der 
Waals’ attraction gives a negative term which is an inverse 
power-law function of separation (line 3). The net energy 

(line 2) is given by the sum of these two.” 
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barrier decreases when the dielectric constant of 
the medium decreases. When the oxalic acid is 
added to the mixed aqueous solutions of zirconyl 
chloride and yttrium or cerium nitrate, the dielectric 
constant of the total system may be decreased due 
to the formation of hydrochloric acid, so that the 
formed white flocculates disappear immediately. 
This may be due to the thickness of the electrical 
double layer, which is explained on the basis of 
Fig. 1. 

As shown in Fig. l(a), at low electrolytic concen- 
tration the double-layer term dominates at large 
separations, giving a maximum in the energy. The 
height of this energy barrier depends on the surface 
charge density and the electrolyte concentration. 
On the basis of the reaction it is clear that 2 moles 
of hydrochloric acid are. formed for the addition 
of 1 mole of oxalic acid with zirconyl chloride. 
Considering the entire solution system, at the 
beginning stage, the addition of a small amount of 
oxalic acid to zirconyl chloride gives only a small 
amount of hydrochloric acid. This may result in a 
very small decrease in the dielectric constant and 
hence the formed flocculates disappear. 

As the addition of oxalic acid to zirconyl chloride 
solution continues, more hydrochloric acid is 
formed which causes a further decrease in the 
dielectric constant of the system. Although the 
like ionic repulsion is more, the particles collide 
with sufficient kinetic energy which is greater than 
the repulsion and hence they can stick together to 
give thick colloidal gel. Similar observations have 
been reported by Li and Messing28 in the prepara- 
tion of spherical zirconia particles. 

It can be seen from Fig. l(b) that, at higher 
concentrations, the double-layer term may decay 
so rapidly that the van der Waals’ attraction is 
still significant at a separation beyond the range 
of the repulsion, and the particles can reside in 
a secondary minimum [arrow in Fig. l(b)]. This 
gives a much weaker attraction, which could easily 
be overcome by shear. According to this, if the 
formed gel is continuously stirred/shaken, the 
thick-white gel will slowly disappear and give a 
clear sol. 

3.2 Crystallization behaviour 
To study the crystalline nature of the prepared 
dried gel powders and calcined powders, X-ray 
diffraction analysis has been carried out. Figures 2 
and 3 show the XRD patterns for the dried and 
calcined powders of YZO and YCZO gels, respec- 
tively, calcined at different temperatures for 1 h. 
Both powders, dried at 40°C are amorphous. At 
460°C the powders start to crystallize in tetragonal 
phase. For calcination temperatures of 600°C and 
above, retention of the tetragonal phase has been 

observed for both systems. The increased crystallite 
size is reflected in Figs 2 and 3 as the decrease in 
the width of the spectral lines. 

To identify whether the formed phase is tetrag- 
onal or cubic, higher-angle XRD patterns (insert 
in Figs 2 and 3) have been recorded for both 
powders calcined at 850°C for 1 h. From the 
insert in the figures, it is observed that both 
tetragonal and cubic phases are present. These are 
identified from the reflections (0 04),, (00 4),. and 

(400),. 

3.3 Thermal analysis 
TGA and DTA studies were carried out to analyse 
the weight loss and phase transition behaviour of 
the dried YZO and YCZO gels (for all curves, 
heating rate = 10°C min’ and atmosphere = air). 
Figure 4 shows the TGA curve for the dried YZO 
gel powder in the temperature range 30 to 800°C. 
It can be observed that there are three major 
weight losses of 17.91, 12.22 and 19.74%. The first 
weight loss corresponds to the removal of water 

600°C 

52 SO 40 35 

Degrees (2 e 1 

Fig. 2. X-Ray diffraction pattern as a function of heat treatment 
for dried YZO gel powder (calcination time 1 h). 
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and the next one is due to the decomposition of 
the nitrate. The last weight loss may be due to the 
decomposition of oxalate with the simultaneous 
formation of amorphous and tetragonal zirconia 
powder. Two more weight losses of 1.48 and 
2.80% have also been observed. These losses may 
be due to the liberation of adsorbed/occluded 
chlorides in the dried gel powder. 

Figure 5 shows the DTA curve of the dried 
YZO gel powder, in wlhich two endothermic and 

Degrees (2 8) 

Fig. 3. X-ray diffraction pattern as a function of heat treatment 
for dried YCZO gel powder (calcination time 1 h). 
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an exothermic peaks are observed. The endother- 
mic peak around 170°C is due to the removal of 
adsorbed water as observed in the TGA curve. A 
small endothermic peak around 250°C is observed 
which may be due to the removal of structural 
hydroxyl groups, and is not resolved even in the 
DTG curve. The existence and removal of the 
hydroxyl group has been confirmed by IR spectra 
for the samples collected at their peak temperatures, 
170 and 250°C respectively. The decomposition of 
nitrate has not been well resolved in the DTA 
curve. The shoulder around 285°C in the second 
broad endothermic peak may be due to the 
decomposition of nitrates, which is clearly identified 
in the TGA curve. The endothermic peak around 
345°C may be attributed to the decomposition of 
oxalate as observed in the TGA curve. The oxalate 
decomposition step starts before complete decom- 
position of the nitrate. The exothermic peak 
around 467°C is due to the crystallization of 
amorphous oxide powder in tetragonal phase. 

OJ I I I I I I I I I I 

110 230 350 470 590 710 
Temperature C’C) 

Fig. 5. DTA curve for the YZO gel powder dried at 40°C. 

Wdpht Gain - 

-0.020 mg/r -0~000 0.020 
DTG 

Fig. 4. TGA curve for the YZO gel powder dried at 40°C. 
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This is confirmed by the X-ray diffractogram (Fig. 2) a double decomposition. The first partial oxalate 
for the sample that has been isothermally heat- decomposition overlaps with the nitrate decompo- 
treated at 460°C for 1 h. The liberation of chlorides sition. This is not resolved by the TGA or the 
has not been observed in the DTA curve, which DTG curves. The second oxalate decomposition 
may be due to the smooth release of the same. step occurred in the temperature range 289 to 

From the TGA curve (Fig. 6) of the dried 462°C. 
YCZO gel powders, it is clear that there are three There are two more small weight losses observed 
major weight losses of 18.83, 17.64 and 12.9%. in the temperature range 470 to 640°C. These may 
The first is due to the removal of adsorbed water be attributed to the smooth release of adsorbed/ 
and the second corresponds to the decomposition occluded chloride and residual carbon dioxide, 
of nitrate. The third weight loss may be due to the respectively. 
decomposition of oxalate. It can be seen from Fig. 7, the DTA curve for the 

Although nitrate and oxalate decompositions dried YCZO gel powder, that there are one endother- 
seem to be single step, the oxalate step is actually mic and three exothermic peaks corresponding to 

Weight Gain ___+ 

zoo- 

600- 

DTG 

I 

// 

- 0.020 -0.000 0.020 

Fig. 6. TGA curve for the YCZO gel powder dried at 40°C. 
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Fig. 7. DTA curve for the YCZO gel powder dried at 40°C. 
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temperatures around 170, 270, 340 and 470°C 
respectively. The endothermic peak around 170°C 
is due to the removal of physisorbed water, as 
observed in the TGA curve. As observed in the 
TGA curve, the burning and release of nitrate 
occurred at around 2.7O”C. The peak around 
340°C may be attributed to the decomposition of 
oxalate, which has also been observed in the TGA 
curve. It can be seen that the decomposition of 
oxalate is not resolved by the DTA curve also. The 
exothermic peak around1 470°C is due to the crys- 
tallization of amorphous YCZO powder in tetrag- 
onal phase with the simultaneous release of 
chlorides. The formation of tetragonal phase has 
clearly been confirmed by the X-ray diffraction 
patterns (Fig. 3) for the sample which was isother- 
mally heat-treated at 4610°C for 1 h. The liberation 
of chloride and carbon dioxide has not been 
observed explicitly in the DTA curve. 

It is quite interesting to note that all the decompo- 
sition steps, for the dried YCZO gel powder, are 
exothermic in nature (except for water removal) 
whereas endothermic peaks have been observed 
for the dried YZO gel powder. The observed differ- 
ence in the decomposition nature of these com- 
pounds lies in the presence of cerium ions. In our 
previous work.29 we reported the exothermic 
decomposition of ceria-zirconia amorphous pre- 
cursor powders. Accordingly, during the decom- 
position step, Ce3+ ions oxidize to Ce4’ ions. By 
considering the ionic radius, the possibility of sub- 
stitution of the Ce3+ ions into the ZrO, crystal 
structure is highly remote at low temperatures and 
hence the only chance is the formation of Ce4’ 
ions due to the oxidation of Ce3’ ions. These 
Ce4’ ions substitute for Zr4+ ions in the ZrO, crystal 
structure and favour thle formation of tetragonal 
solid solution. However, in reducing atmospheres 
at temperatures above 12OO”C, the formation of 
Ce,Zr,O, has also been reported.30 But the X-ray 
diffraction patterns (Fig. 3) do not show the exis- 
tence of Ce,O, reflections. This shows, conclusively, 
that the observed exothlermic peaks are due to the 
exothermic oxidation of dried YCZO gel powder. 

3.4 Preparation of concentrated sol 
The preparation methold of sol 1 (for both YZO 
and YCZO) has been clearly discussed in an earlier 
section. The gel that was formed by the gelation 
of sol 1 was oven-dried. at 40°C. The gel powder 
obtained from the dried gel was slowly added to 
water with continuous stirring. The powder slowly 
dissolved in water giving a more clear sol, namely 
sol 2, than sol 1. The quantity of water taken for 
the preparation of sol 2 is the same as that for sol 1. 
This process was repeated a number of times. As 
given in eqn (l), the hydrochloric acid formed 

during the reaction of the reactants plays an 
important role for the repeptization of the dried 
gel powder and the formation of a more clear gel 
by sol 2. Along with the chloride ions the nitrate 
ions are also responsible for the repeptization of 
the dried gel powder. The adsorption of the positive 
charges on the surfaces of the particles may be the 
reason for the repeptization of the dried gel powder. 
The different stages of the gelation and cycling 
processes are given in the following chart. 

Oxalic acid 
solution 

1 
Yttrium nitrate 

and 
zirconyl chloride 

solutions 
L 

White flocculation 
L 

Sol 1 
1 

Physical gelation <--------- Sol 2 
L 

Dried at 40°C H20 

1 Grinding I 
Xerogel ------------> Powder 

The gelation time as a function of chloride ion 
concentration for sol 1 and sol 2 is shown 

150 

0.5 0.6 0.7 0.6 0.9 1.0 

Chloride ion concentration (md / lit. 1 

Fig. 8. Gelation time as a function of concentration of chloride 
ion for sol 1 -, YZO system; ---, YCZO system. 
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in Figs 8 and 9, respectively. It is found that, for 
sol 1, the gelation time has exponential character 
with the concentration of the chloride ion whereas 
for sol 2 the character is linear. As the concentra- 
tion of the oxide powder (chloride ion) increases, 
the gelation time decreases. The concentration 
of the chloride ions in sol 2 has been estimated 
using Volhard’s volumetric method. The gelation 
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s E 100 
a 
; 

50 

0 
0. 

\ \ 
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Fig. 9. Gelation time as a function of concentration of chloride 
ion for sol 2 -, YZO system; ---, YCZO system. 

time has been calculated as the time taken from 
the formation of the clear sol to the gelation 
point. The approximate gelation point was that time 
at which the semi-rigid mass did not come out 
of the beaker while tilting it. 

It is possible to increase the concentration of 
the oxide powder in the sol using the dried gel 
powders. Sol 1 of YZO and YCZO contains 
5.81 wt% and 6.17 wt% of their respective oxide 
powders. For the same wt% of the respective 
powders, the gelation time for the repeptized sol 2 
is higher than that of sol 1. This may be due to 
removal of the excess of hydrochloric acid that 
was formed during reaction of the reactants. It 
has been observed that the wt% of the oxide pow- 
der can be increased up to 10 wt% for the YCZO 
powder in sol 2, whereas the wt% of YZO in sol 2 
cannot be increased because of its highly viscous 
nature. There is a difference in gelation times 
observed for sol 2 of YZO and YCZO. This may 
be due to the observed difference in the viscous 
nature of their respective repeptized SOIS. 

Viscosimetric studies were carried out to study 
the viscous nature of the ~01s. Immediately after 
the formation of clear sol 1, the observed viscosity 
is almost the same as that of water. The viscosity 
is approximately 16 000 mPa s after 15 min for sol 1 
of YZO, whereas for sol 1 of YCZO the same 
value of viscosity is observed after 40 min. However, 
as observed for sol 1, the rate of increase of 
viscosity is more for sol 2 of YZO than for sol 2 
of the YCZO system. 

The large difference observed in gelation time 
for sols 1 and 2 arises from the total concentration 
of ions. In the repeptized sol, due to removal 

LOO0 3500 3000 2500 2000 1600 1600 lb00 1200 1000 600 600 100 250 

Wavenumber (cm-’ 1 

Fig. 10. IR spectrum for the YZO gel powder dried at 4OT. 
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of the excess hydrochloric acid during drying, the 
total concentration of ions in sol 2 is reduced and 
hence the thickness of the electrical double layer is 
increased. 

3.5 IR characterization 
Figures 10 and 11 show the IR spectra for the 
YZO and YCZO powders dried at 40°C. It has 
been reported that the oxalate ion has a quadriden- 
tate structure with the zirconium ion.27 It seems 
that the addition of yttrium and cerium ions as 
their nitrates does not affect the structure of the 
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zirconyl oxalate. Compared with our earlier results,29 
the appearance of the peak at 1390 cm-’ is due to 
the presence of nitrates in the dried oxalate gel 
powder. On calcination of the dried gel powders, 
the removal of water and decomposition of nitrate 
and oxalate are observed, as indicated from the 
TGA and DTA results. As mentioned before in 
the DTA results of the dried YZO gel powder, the 
small peak around 250°C is due to the removal 
of the hydroxyl group as confirmed from the IR 
spectrum taken for the sample collected at this 
peak temperature. Table 1 shows the vibrational 

GO00 3500 3000 2500 2000 1800 1600 1LOO 1200 1000 800 600 400 250 
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Fig. 11. IR spectrum for the YCZO gel powder dried at 40°C. 

Table 1. Assignment of IR bands 

Vibrutional frequency (cm ‘) 
- Group 

CZO’ 
(Ref: 29) YZO YCZO 

1680 1670 1670 v,& (C=O) 
1425 1420 1420 v, (C-O) + v (C-C) 
1390 1380 1835 (NO,)- 
1355 1350 1355 v, (C-O) + s (O-C=O) 
900 880 885 v, (C-O) + 6 (O-C=O) 
815 805 805 <Zr-0) + S (0-C=O) 
480 470 475 (Zr-0-Zr) 

” CZO is the cerium-zirconyl oxalate dried gel powder. 

Table 2. Variation of surface area as a function of temperature, 
measured by BET technique 

YZO YCZO 

Firing temperature (“C) 460 600 850 460 600 850 
Specific area (m’ g ‘) 34 23 5 35 27 6 
Average crystallite 
size (nm) 24 32 112 23 27 114 

frequencies of the dried powders of the YZO and 
YCZO gels. 

3.6 Surface area measurement 
Specific surface area has been estimated for the 
YZO and YCZO powders using the BET technique 
with nitrogen. The dried gel powders were calcined 
at different temperatures such as 460, 600 and 
850°C for 1 h. Assuming the prepared calcined 
powder particles to be spherical in shape, the average 
crystallite sizes of the powders have been calculated. 
From Table 2 it is found that the surface area of 
the calcined powders decreases as the calcination 
temperature increases, due to the increase of the 
crystallite size. 

4 Conclusion 

Transparent, physical and thixotropic YZO and 
YCZO gels have been prepared by oxalate 
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gelation. A possible explanation has been 
presented for the various stages of gel formation 
by means of DLVO theory. Because of the 
repeptizable character, it is possible to prepare 
concentrated ~01s. DTA studies show the YZO 
and YCZO dried amorphous gel powders are 
crystallized in the tetragonal phase around 470°C. 
This has been confirmed by powder X-ray diffrac- 
tion studies. These amorphous dried gel pow- 
ders may be useful ,for the preparation of the fine 
tetragonal zirconia polycrystalline powders. 

Acknowledgements 

The authors acknowledge the interest shown by 
Professor F. D. Gnanam, Alagappa College of 
Technology, Anna University, Professor T. Nagara- 
jan, Head, and thank Dr V. Sridharan, Department 
of Nuclear Physics, University of Madras, for the 
thermal analysis experiments. One of the authors 
(T. S.) thanks the Council of Scientific and Industrial 
Research, Government of India for providing a 
fellowship to carry out this work. 

References 

1. 

2. 

3. 

4. 

5. 

6. 

7. 

8. 

9. 

10. 

11. 

Garvie, R. C., Hannink, R. H. & Pascoe, R. T., Ceramic 
steel? Nature, 258 (1975) 703-5. 
Gupta, T. K., Bechtold, R. C., Kuznicki, C. L. H. & 
Rossing, B. R., Stabilization of tetragonal phase in poly- 
crystalline zirconia. J. Mater. Sci., 12 (1977) 2421-6. 
Gupta T. K., Lange F. F. & Bechtold, T. H., Effect of 
stress-induced phase transformation on the properties of 
polycrystalline zirconia containing metastable tetragonal 
phase. J. Mater. Sci., 13 (1978) 1464-70. 
Wenzel, J., Trends in sol-gel processing: toward 2004. 
J. Non-Cryst. Solids, 73 (1985) 693-9. 
Dislich, H., Sol-gel: science, processes and product. 
J. Non-Cryst. Solids, 80 (1986) 115-21. 
Wilson, G. & Heathcote, R., Role of sol-gel powders in 
thermal-spray process. Bull. Am. Ceram. Sot., 69 (1990) 
1137-9. 
Mazdiyasni, K. S., Lynch, C. T. & Smith II, J. S., Cubic 
phase stabilization of translucent yttria-zirconia at very 
low temperature. J. Am. Ceram. Sot., 50 (1967) 532-7. 
Uchiyama, K., Ogihara, T., Ikemoto, T., Mizutani, N. & 
Kato, M., Preparation of monodispersed Y-doped ZrOz 
powders. J. Mater. Sci., 22 (1987) 4343-7. 
Aiken, B., Hsu, W. P. & Matijevic, E., Preparation and 
properties of uniform mixed and coated colloidal particles. 
J. Mater. Sci., 25 (1990) 188694. 
Groot Zevert, W. F. M., Winnubst, A. J. A., Theunis- 
sen, G. S. A. M. & Burggraaf, A. J., Powder preparation 
and compaction behaviour of fine-grained yttria doped 
tetragonal zirconia polycrystals (Y-TZP). J. Mater. Sci., 
25 (1990) 3449-55. 
Wen, T. L., Hebert, V., Vilminot, S. & Bernier, J. C., 
Preparation of nanosized yttria-stabilized zirconia powders 

12. 

13. 

14. 

15. 

16. 

17. 

18. 

19. 

20. 

21 

22. 

23. 

24. 

25. 

26. 

27. 

28. 

29. 

30. 

and their characterization. J. Mater. Sci., 26 (1991) 
3787-9 1. 
Bourell, D. L., Parimal & Kaysser, W., Sol-gel synthesis 
of nanophase yttria-stabilized tetragonal zirconia and 
densification behavior below 1600 K. J. Am. Ceram. Sot., 
76 (1993) 705-11. 
Samdi, A., Durand, B., Daoudi, A., Chassagneux, F., 
Deloume, J. P., Taha, M., Paletlo, J. & Fantozzi, G., 
Influence of formation pH and grinding of precursors on 
compaction and sintering behaviours of 3 mol% 
Y,O,-ZrO,. J. Eur. Ceram. Sot., 114 (1994) 13141. 
Xiaming, D., Qingfeng, L. & Yuying, T., Study of phase 
formation in spray pyrolysis of ZrO, and Zr02-Y203 
powders. J. Am. Ceram. Sot., 76 (1993) 760-2. 
Kobayashi K., Kuwajima, H. & Masaki, T., Phase 
change and mechanical properties of ZrO?-Y20, solid 
electrolyte after aging. Solid State Ionics, %4 ( 198 1) 
489-93. 
Sato, T. & Shimada, M. Crystalline phase change in 
yttria partially stabilized zirconia by low temperature 
annealing. J. Am. Ceram. Sot., 67 (1984) C212-3. 
Sato, T. & Shimada, M., Transformation of yttria doped 
tetragonal ZrO, crystals by annealing in water. J. Am. 
Ceram. Sot., 68 (1985) 356-9. 
Sato T., Ohtaki, S. & Shimada, M., Transformation of 
yttria partially stabilized zirconia by low temperature 
annealing in air. J. Mater. Sci., 20 (1985) 146670. 
Hernandez, T. M., Jurado, R. J., Duran, P. & Fierro, J. L. 
G., Subeutectoid degradation of yttria-stabilized tetrago- 
nal zirconia polycrystal and ceria-doped yttria-stabilized 
tetragonal zirconia polycrystal ceramics. J. Am. Ceram. 
Sot., 74 (1991) 12548. 
Duh, J. G., Dai, H. T. & Chiou, S. B., Sintering, 
microstructure, hardness, and fracture toughness 
behaviour of Y,O,-CeO?-ZrOl. J. Am. Ceram. Sot., 71 
(1988) 813-19. 
Tsukuma, K. & Shimada, M., Strength, fracture tough- 
ness and Vickers hardness of CeO,-stabilized tetragonal 
Zr02 polycrystals (Ce-TZP). J. Mater. Sci., 20 (1985) 
1178-84. 
Leach, C. & Khan, N., Stability of zirconia-ceria-yttria 
ceramics in hostile environments. J. Mater. Sci., 26 
(1991) 2026-30. 
Hirano, M., Inhibition of low temperature degradation 
of tetragonal zirconia ceramics - a review. Br. Ceram. 
Trans. J., 91 (1992) 147-50. 
Tohge, N., Moore, G. S. & Mackenzie, J. D., Structural 
developments during the gel to glass transition. J. Non- 
Cryst. Solids, 63 (1984) 65-103. 
Horn, R. G., Surface forces and their action in ceramic 
materials. J. Am. Ceram. Sot., 73 (1990) 1117-35. 
Pottel, R., in Water - A Comprehensive Treatise, Vol. 3, 
ed. Felix Franks. 1982. 
Etienne, J., Larbot A., Guizard, C., Cot, L. & Alary, J. A., 
Preparation and characterization of zirconyl oxalate gel. 
J. Non-Cryst. Solids, 125 (1990) 224-9. 
Li, M. & Messing, L., Preparation of spherical zirconia 
particles by controlled coagulation in zirconia ~01s. In 
Ceramic Transactions Vol. 12, Ceramic Powder Science 
III, eds L. Messsing & H. Hausner. Am. Ceram. Sot., 
Westerville, OH, 1990. 
Settu, T. & Gobinathan, R., Preparation and thermal 
evolution of sol-gel derived zirconia and ceria-zirconia 
precursors. Bull. Chem. Sot. Jpn, 67 (1994) 1999-2005. 
Zhu, H. Y., Hirata, T. & Muramatsu, Y., Phase separa- 
tion in 12 mol% ceria-doped zirconia induced by heat 
treatment in Hz and Ar. J. Am. Ceram. Sot., 75 (1992) 
2843-8. 



Journulofthe European Cerumic Society 16 (1996) 1319-1327 
0 1996 Elsevier Science Limited 

Printed in Great Britain. All rights reserved 
PII: SO955-2219(96)00063-S G955-2219/96/$15.00 

Colloidal Processing of a Mullite Matrix Material 
Suitable for Infiltrating Woven Fibre Preforms 
Using Electrophoretic Deposition 
A. R. Boccaccini,” P. A. Trusty,b D. M. R. Taplin” & C. B. Pontod 
“School of Metallurgy and Materials, The University of Birmingham, Birmingham B1.5 2TT, UK 
and Department of Environmental Sciences, University of Plymouth, Plymouth PL4 8AA, UK 

“IRC in Materials for High Performance Applications, The University of Birmingham, Birmingham B15 2TT, UK 
“Research Office, University of North London, London N7 8DB, UK 
“School of Metallurgy and Materials and IRC in Materials for High Performance Applications, The University of 
Birmingham, Birmingham B15 2TT, UK 

(Received 13 December 1995; revised version received 29 February 1996; accepted 14 March 1996) 

A bstruct 
Commercially available alumina and silica precur- 
sors for the preparation of mullite ceramic via col- 
loidal processing and viscous transient sintering 
have been identljied, including fumed nanosize pow- 
ders and colloidal suspensions. These materials were 
chosen due to the fact that they can be used in the 
form of a sol, as mullite matrix precursors, to injil- 
trate woven fibre prejorms using electrophoretic 
deposition. The sintered density of the mullite 
matrices sintered for 2 h, at the upper temperature 
for fabricating Sic-Jibre reinforced composites 
(1300°C) is only = 90% of theoretical. However, by 
exploiting a viscous flow densljication mechanism, it 
is envisaged that hot-pressing can be used to pro- 
duce fully dense mullite matrix composites at the 
required temperatures. Additionally. using a simple 
pressureless sintering route, almost fully dense 
(98% of theoretical density) monolithic mullite has 
been obtained from the pre-mullite powders. A very 
homogeneous and fine microstructure was achieved 
by sintering for 5 h at a temperature of = 1450°C. 
0 1996 Elsevier Science Limited 

1 Introduction 

Mullite (3A1203.2Si02) has a number of desirable 
properties for high-temperature structural applica- 
tions, such as excellent high-temperature strength 
and creep resistance, very good chemical and ther- 
mal stability, a low thermal expansion coefficient 
and high thermal shock resistance.’ Thus, mullite 
is an ideal material for use as matrix in the devel- 
opment of ceramic matrix composites (CMCs) for 
engineering and structural applications at elevated 

temperatures. Although considerable progress has 
been made over the last 10 years in the synthesis 
and processing of monolithic mullite,24 particu- 
late-, whisker- and platelet-reinforced mullite’*5-8 
and even in-situ reinforced mullite matrix compos- 
ites,’ there has been much less research work on 
the fabrication of continuous-fibre reinforced mul- 
lite matrix composite.‘0m’3 

A novel approach for manufacturing SIC 
woven-fibre reinforced mullite has been developed 
recently.‘4s15 It is based on the colloidal processing 
of mixed Al203 and Si02 sols and the infiltration 
of the fibre mats using a patented electrophoretic 
deposition (EPD) process.‘6 The particular grade 
of SIC fibre used (Nicalon C607) possesses a car- 
bon coating which enables the fibres to conduct 
electricity, and, hence, be used as an electrode in 
an EPD cell. There are a number of requirements, 
however, that the alumina and silica starting 
materials must fulfil in order to be useful for com- 
posite 

(1) 

(2) 

(3) 

manufacture using this approach.14 These are: 

Particle size in the nanometre range - for 
full infiltration of tightly woven fibre mats, 
the size of the alumina and silica particles 
must be in the nanometre range (cl00 nm). 
Stability of the mixed sol - in order for 
both species to infiltrate the fibre mat, 
‘composite’ heterocoagulated particles must 
be formed in the sol, i.e. maximum mutual 
attraction of silica and alumina particles 
must be achieved. The sol, however, must 
remain stable, i.e. dispersed, to allow parti- 
cle mobility in the EPD cell. 
Mullite formation and densification at rela- 
tively low temperatures - the starting 
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materials should enable full densification of 
the mullite composition matrix at relatively 
low temperatures (T <13OO”C), and eventu- 
ally, enable the use of hot-pressing to com- 
plete the densification process. 

While starting materials (for mullite produc- 
tion) that fulfil requirements (1) and (2)14. I5 have 
been identified, further work is needed to assess 
whether or not these mullite precursors are 
capable of forming dense mullite at low tempera- 
tures. 

The third condition mentioned above suggests 
the employment of the mullite preparation tech- 
nique known as transient viscous sintering (TVS).” 
In this approach, the mullite composition matrix 
material remains amorphous (or weakly crys- 
talline) up to temperatures of 1200°C to allow densi- 
fication by viscous flow, and then subsequently 
crystallizes rapidly to yield mullite at temperatures 
below = 1300°C. Densification by viscous flow has 
the additional advantage of allowing the use of 
hot-pressing, with little or no damage being 
caused to the fibres during pressing. 

TVS has been used in the past by several 
authors’7m2’ using different starting materials. 
Sacks et al.,” for example, obtained composite 
particles which consisted of an inner core of 
a-alumina and an outer coating of amorphous 
silica. Powder compacts prepared with these parti- 
cles were sintered at relatively low temperatures 
(= 1300°C). The a-alumina particles used, how- 
ever, had an average diameter of ~0.2 ,um, and 
would therefore be too large to infiltrate woven 
fibres using EPD. I4 The same can be said of the 
system studied by Shyu and Chen,” who used alu- 
mina particles of = 0.1 pm. In further studies, 
Wang et al.‘9*20 and Miao et al.” have used sol-gel 
processing for obtaining mullite ceramics via the 
TVS mechanism. They were successful in prepar- 
ing ‘composite’ particles (i.e. silica-coated alumina 
particles) on the nanometre scale using controlled 
heterocoagulation of mixed ~01s. Owing to the 
low reactivity of the starting alumina and silica 
materials employed, however, very high tempera- 
tures (= 1550 to 1700°C) were required to com- 
plete the mullitization process. In addition, 
cristobalite formed at lower temperatures, which 
retarded the densification process. In a further 
paper, the same authors22 studied the effect of 
green density on the densification and mullitiza- 
tion of powder compacts made from the ‘compos- 
ite’ particles mentioned. They found that both the 
crystallization temperature of the amorphous 
silica layer coated on the surface of alumina pow- 
der particles and the subsequent mullitization tem- 
perature during TVS decreased with increasing 

green density. For relatively high green densities 
(70% of the theoretical), mullitization was com- 
pleted at 1600°C giving 95596% of theoretical den- 
sity in the sintered compacts.22 Thus, according 
to the previous results, both the nature of the 
alumina/silica precursors employed and the pro- 
cessing conditions, including the compact green 
density, influence the observed TVS behaviour. 

In this paper we report on the TVS preparation 
of mullite ceramics from starting materials which 
are also suitable for the EPD impregnation of 
fibre mats and, thus, are potentially useful as 
matrices in CMCs. However, no deliberate effort 
was made to prepare the ‘ideal’ composite parti- 
cles described above, i.e. silica-coated alumina 
particles. It was envisaged that the nature and 
particle size of the precursors selected would allow 
their mixing as alumina/silica clusters on a scale of 
approximately 5 to 50 nm which, according to the 
literature,23m25 leads to substantial densification and 
mullitization in the temperature range between 
1200 and 13OO”C, as desired. This material should 
be able to serve as a matrix for the Sic-fibre rein- 
forced composites under investigation,‘4*26 in which 
the densification and mullitization stages must be 
completed at temperatures between = 1250 and 
= 1300°C due to the limited temperature window 
available for processing without damaging the 
fibre as explained earlier. Furthermore, the simple 
pressureless densification route which has been 
developed in the present work for the preparation 
of monolithic mullite may be used for fibre- 
reinforced composites, with the understanding, 
however, that hot-pressing may be necessary for 
full densification. 

2 Experimental Procedure 

2.1 Starting materials 
Different commercially available silica and alu- 
mina precursors, in the form of sols or fumed 
nanosize powders, were used in the preliminary 
studies to find the optimal starting materials for 
the complete impregnation of fibre mats using 
EPD.27 NaOH-stabilized silica sols were not selected 
since they are prone to crystallization and cristo- 
balite formation at relatively low temperatures, 
which prevents full densification of the mullite 
matrix.20 In addition, the easy availability, low 
cost and environmental safety of the materials 
have also been taken into consideration during 
their selection. On this basis, organometallic com- 
pounds were not considered. Thus, only commercial 
boehmite and ammonia-stabilized silica sols, and 
high-purity, fumed alumina and silica nanosize 
powders remain as suitable precursors. These include: 
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(1) 

(2) 

(3) 

(4) 

(5) 

Fumed amorphous silica (Aerosil 0X50, 
Degussa Ltd, UK) - a spherical particle 
shape highly dispersed powder with a broad 
particle size distribution (10 to 100 nm) and 
average particle size of 40 nm. The pH range 
in water for achieving a stable sol using this 
silica was 3.8 to 48. 
Fumed amorphous silica (Aerosil 200, 
Degussa Ltd, UK) - a spherical particle 
shape, highly dispersed powder with a nar- 
row particle size distribution and average 
particle size of 12 nm. The pH range in 
water for obtaining a stable sol of this silica 
was 36 to 4.3. 
Ammonia-stabilized silica sol (Nyacol 2040 
NH4, Akzo-PQ, The Netherlands), containing 
40 wt% solid. The pH of the as-received sol 
was 9 and the average particle size 20 nm. 
Boehmite (y-AlOOH) sol (Remal A20, 
Remet Corp., USA), containing 20 wt% solid. 
The boehmite particles had a mean particle 
size of 50 nm an.d a fibrillar morphology. 
The pH of the as-received sol was 4. 
Fumed S-alumina (Aluminium Oxide C, 
Degussa Ltd, UK) - a highly dispersed 
quasi-spherical particle shape alumina pow- 
der with average particle size of 13 nm. The 
pH in water ranged from 4.5 to 5.5. 

The mixed silica/alumin.a sols tested are listed in 
Table 1, together with the pH at which they are 
stable. 

2.2 Processing and characterization 
The precursors were mixed in a proportion such 
that the resulting ceramic after firing would be 
stoichiometric mullite i.e. 72 wt”/o alumina - 28 wt”/o 
silica. For the preparation of sols I and II the 
fumed silica nanosize powders were added slowly 
to the boehmite sol which was stirred continually 
to avoid powder agglomerates forming in the mix- 
ture. Sol I was prepared successfully in this way, 
with a stable sol being obtained at pH = 4.4. 
Thus, the pH of the original boehmite sol was 
changed only a little on the addition of the single- 
component fumed silica. However, when the two- 
component fumed silica was added to the 

boehmite to prepare sol II, the resultant mixture 
gelled immediately. This is due to the strong elec- 
trostatic attraction between the silica and alumina 
(boehmite) particles occurring at this pH, as dis- 
cussed later. To prepare sol III, the fumed &alu- 
mina particles were added slowly to the silica sol 
whilst stirring continuously. The pH was adjusted 
to a value of =9 by adding dilute NH,(aq) drop- 
wise. Sol IV was prepared by adding the alumina 
and silica fumed nanosize particles to an aqueous 
solution of pH = 4.8, which was stirred magneti- 
cally for 5 h; note that the S-alumina particles 
were added first. Transmission electron micro- 
scopy (TEM) was employed using a JEOL 4000 
FX-TEM to investigate the spatial distribution 
and clustering arrangements of the alumina 
(boehmite) and silica particles in the colloidal sus- 
pensions. 

After magnetic stirring for 5 h, sols I, III and 
IV and the gel from sol II were all dried slowly at 
-80°C in a muffle furnace overnight. The dried 
gels were ground subsequently using an A1,Ox 
mortar and pestle and then sieved to obtain a 
powder with a nominal particle size ~63 pm. The 
resulting powders were then used for the sintering 
and crystallization experiments. Green compacts 
(12 mm diameter; = 7 mm high) were pressed uni- 
axially using two different compaction pressures 
(i.e. 170 and 450 MPa). The geometrical density of 
the green compacts was determined. These compacts 
were sintered for 2 h at temperatures between 900 
and 1450°C in order to assess both the densification 
behaviour and the crystalline phase development 
(heating rate: 20°C min’). Powdered sintered 
samples were investigated by X-ray diffraction 
(XRD) analysis using Cu K, radiation. Micro- 
structural characterization was performed solely 
on samples of sol I. These samples were prepared 
by compacting the powder at 450 MPa and firing 
the resultant compacts at 1200°C for 2 h, followed 
by 5 h at 1450°C. Selected samples were prepared 
for reflected light optical microscopy and for scan- 
ning electron microscopy (SEM) using a JEOL 
6300 SEM and a Hitachi S4000 FEG SEM. Pol- 
ished samples were etched thermally to reveal the 
grain structure. SEM was also used to examine 
the fracture surfaces of fired samples. Differential 

Table 1. Silica/alumina mixed colloidal suspensions investigated 

Sol Alumina precursor Silica precursor Comments 

I 

II 

III 

IV 

Remal A20 

Remal A20 

Aluminium oxide C 

Aluminium oxide C 

Aerosil OX 50 

Aerosil OX 50 and Aerosil 
200 in 1: 1 proportion by mass 

Nyacol 2040 NH4 

Aerosil OXSO and Aerosil 
200 in 1 :l proportion by mass 

stable sol at pH ~4.4 

no stable sol was 
obtained (gelation occurred) 

stable sol at pH =9 

stable sol at pH ~4.8 
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thermal analysis (DTA) was performed on a 10 mg 
powdered sample of sol I, at a heating rate of 
20°C min’ using a Labtherm Scientific STA-780 
DTA/TGA apparatus. 

3 Results 

Table 2 presents a summary of the X-ray diffrac- 
tion analysis results for the fired samples that were 
compacted at a pressure of 450 MPa. Only a qual- 
itative study of the crystallization development was 
conducted and so the crystalline phases are listed 
only in order of decreasing predominance at each 
temperature. The samples compacted at 170 MPa 
showed the same evolution of crystalline phases. 

I ’ ” ” ” “, ” ” I 
04 

The crystallization behaviour of the samples 
made from sols I and II is very similar. Up to 
12OO”C, no mullite formation was detected. The 
samples from sol II did, however, show the pres- 
ence of a-alumina at 1200°C. The presence of 
&alumina in sol I at this temperature should not 
be ruled out. However, its content must be under 
the detectability limit of XRD. For sols I and II, 
mullite was the sole crystalline phase detected at 
1300°C and above. In contrast, sol III showed the 
presence of cristobalite in addition to mullite at 
1300°C with mullite already being formed at 
1200°C in sol IV, &alumina and cristobalite are 
present at 1200°C and &alumina is still present at 
13OO”C, in addition to mullite. The XRD diffrac- 
tion patterns of powder compacts made from sol I 
and sintered at 1200 and 1250°C for 2 h are 
shown in Fig. 1, indicating that between these two 
temperatures the mullitization reaction has taken 
place. The seeming presence of a halo at 28 = 20” 
in Fig. l(b) could possibly indicate the presence of 
a trace amount of amorphous silica at 1250°C. 
This halo disappeared at 13OO”C, however. 

28 (“I 

Fig. 1. XRD patterns for powder compacts made from sol I 
and sintered for 2 h at (a) 1200°C and (b) 1250°C showing 
that mullitization has taken place within this temperature 
interval. (The diffraction pattern corresponding to pure mullite 

is also shown for comparison). 

with increasing temperature. It can be seen also 
that using a higher powder compaction pressure 
has a positive effect on increasing the final sin- 
tered density, as may be expected so long as the 
compaction pressure is not excessive. A very high 
compaction pressure may lead to a decrease in the 
crystallization temperature of the amorphous 
silica, jeopardising its viscous flow behaviour, and 
hence, the densification of the compacts at the 
transient sintering temperature.20*22 

Figures 2(a) and 2(b) present the variation in Since sol I showed the best behaviour, in terms 
the sintered density of the compacts as a function of both densification and crystalline phase devel- 
of the sintering temperature for the two powder opment (according to the criteria stated in the 
compaction pressures of 170 and 450 MPa, Introduction), further in-depth study was restric- 
respectively. As expected, the density increases ted to this system. 

Table 2. Crystalline phases present in the fired samples (as detected by XRD) 

Sol 

I 

II 

III 

900 

- 

&alumina 

1100 

- 

&alumina 

Temperature (“C) 

1200 

- 

&alumina 

mullite 
&alumina 

cristobalite 

I300 

mullite 

mullite 

mullite 
cristobalite 

1450 

mullite 

mullite 

mullite 

IV S-alumina &alumina &alumina 
cristobalite 

mullite 
&alumina 

mullite 
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Fig. 2. Density of mullite coimpacts as a function of sintering 
temperature for two different uniaxial powder compaction 
pressures: (a) 170 MPa and (b) 450 MPa. Sols I, (0) II, (0) 

III (A) and IV. (m). 

A TEM photomicrograph of sol I is presented 
in Fig. 3. It shows clearly the spherical shape of 
the silica particles and the fibrillar nature of the 
boehmite sol used. The result of the DTA experi- 
ment for sol I is shown in Fig. 4. The broad 
exotherm between =2OO and 500°C including the 
peak at =300°C is attributed to the removal of 
hydroxyl (OH) groups, The curve also exhibited 
an exothermic peak at = 136O”C, which is attrib- 
uted to the formation of mullite. Figure 5 shows 
the polished surface of a sample fired at 1200°C 
for 2 h, followed by Ci h at 1450°C. A polished 
and then thermally etched surface of the same 
sample is shown in Fig. 6. These micrographs 
show that the material is almost fully dense, with 
only some small isolated pores being observed 
occasionally. In addition, the matrix is composed 
of very fine equiaxed g:rains (grain size <- 1 pm). 
An SEM micrograph of the fracture surface of a 

Fig. 3. TEM micrograph of sol I at pH e4.4 showing the 
intimate mixture on a nanometre scale of spherical silica and 

fibrillar boehmite particles. 

sample fired at 1200°C for 2 h, followed by 5 h at 
1450°C, is shown in Fig. 7; it reveals the homo- 
geneity of the crystalline structure. 

4 Discussion 

On the basis of the XRD results in Table 1, sol I 
shows the behaviour desired for the preparation 
of mullite via transient viscous sintering. The 
material remains amorphous up to temperatures 
of 12OO”C, allowing densification by viscous flow 

0 250 500 750 1000 1250 1500 

Temperature (“C) 

Fig. 4. DTA curve for the pre-mullite powder derived from 
sol I for a 20°C min.’ heating rate. The arrow indicates mullite 

formation at = 1360°C (exothermic peak). 
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to take place. The mullitization process is com- 
plete at 13OO”C, with no other crystalline phases 
being detectable using XRD. The DTA results for 
this material are in agreement with the XRD data. 
The DTA curve showed an exothermic peak at 

Fig. 5. Optical micrograph of a polished section of a mullite 
sample sintered at 1200°C for 2 h, followed by 5 h at 1450°C 

showing that almost full densification was achieved. 

Fig. 6. SEM micrograph of a polished and thermally etched 
section of a mullite sample sintered at 1200°C for 2 h, followed 
by 5 h at 145O”C, showing the very fine and homogeneous 

microstructure. 

Fig. 7. SEM micrograph of the fracture surface of a mullite 
sample sintered at 1200°C for 2 h, followed by 5 h at 1450°C 

showing the homogeneous microstructure. 

= 1360°C which is attributed to the solid-state 
reaction for mullite formation. The XRD data, 
however, showed that mullite had formed after 2 
h at 1250°C. The discrepancy in these mullite for- 
mation temperatures is explained by the isother- 
mal versus the non-isothermal (i.e. constant heating 
rate) conditions of the sintering and DTA experi- 
ments, respectively. 

These results are in broad agreement with previous 
studies on the colloidal processing of mullite.2’95 
Mullite formation in alumina/silica mixtures 
occurs within different temperature regimes, 
depending on both the nature of the alumina and 
silica precursors and the scale of mixing achieved. 
As stated in the literature, when using colloidal 
processing, the alumina and silica precursors are 
present as discrete entities and any chemical reac- 
tions between them are of minimal magnitude 
during gelation. Only at temperatures in excess of 
= 1250°C is mullite produced from a mixture of 
transition (pre-a) aluminas, such as S or Balu- 
mina (which are weakly crystalline), and amor- 
phous silica.23,24 At the pH at which sols I and II 
were prepared (i.e. pH = 4.4), there is a strong 
electrostatic attraction between the negatively 
charged silica and the positively charged boehmite 
particles, as shown with reference to their zeta 
potential versus pH curves.23 Thus, electrostatic 
attraction is expected to lead to heterocoagulation 
and the maximum pairing of unlike particles. This 
behaviour would normally be expected for both 
sol I and II. The reason why sol II gelled at the 
same pH is due to the greater number of much 
smaller silica particles present, since it was a 1: 1 
mixture of 40 nm and 12 nm average size parti- 
cles, whereas sol I comprised only 40 nm average 
size particles. Small particles coagulate more 
rapidly than large particles because their double 
layer potential, which is responsible for interparticle 
repulsion, is much lower than for larger particles 
suspended in the same medium and, hence, 
flocculation and gelation can occur more readily.** 
The TEM micrograph of sol I (Fig. 3) confirms 
that the silica and boehmite particles are mixed 
intimately on a nanometre scale. It is important to 
note also that the DTA results for sol I do not 
indicate the formation of an Al-Si spine1 phase at 
=96O”C, which has been observed by other 
authors to be the transitional phase that forms 
prior to mullite. 4~2g-31 Although a TEM characteri- 
zation of all sols was not conducted, it is reason- 
able to assume that, due to the nature (primary 
particle size) of the precursors employed, the scale 
of alumina/silica mixing is similar for all sols inves- 
tigated, being in the nanometre range. The shape 
of the silica- and alumina-bearing precursor particle 
is, however, different: spherical for the silica 
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precursors, fibrillar for the boehmite sol (employed 
in sols I and II) and sphlerical for the fumed Salu- 
mina (employed in sols III and IV). This differ- 
ence in particle morphology could have led to 
different particle packings during gelation of the 
sols and consequently to the different crystalliza- 
tion and densification behaviour of sols I and II in 
comparison with sols III and IV. Moreover, the 
chemistry of the starting materials in terms of the 
impurity content and surface reactivity could 
probably account for such different behaviour 
also. While sol I and scol II, which show similar 
crystallization behaviour, were made by starting 
materials with identical chemical composition, the 
behaviour of sols III and IV, made from other 
precursor combinations, was different. Sol III, for 
example, showed cristobalite formation at a tem- 
perature of 1200°C. which may be a consequence 
of using an ammonia-stabilized silica sol. This 
cristobalite formation has been reported very fre- 
quently in the literature when similar silica sols 
were used.2’m23.32 In sols I and II cristobalite for- 
mation, which has been shown in the literature to 
retard viscous densificat:ion,20.22 was suppressed by 
using high-purity fumed silicas. The crystallization 
of sol IV, producing cristobalite despite the same 
fumed silica having been used, may be a conse- 
quence of the poor chemical homogeneity of the 
starting sol, which was prepared using three 
fumed powders. This is i.n contrast to sols I and II 
which were prepared using two nanosized powders 
and one colloidal solution. Poor mixing of sol IV 
has probably resulted in the formation of more 
AA and BB type clusters than the desired AB 
cluster. As a consequence the silica phase has been 
able to transform partially to cristobalite prior to 
mullitization. The same degree of non-mixing to 
form AB type clusters probably occurred in sol 
III. This sol was stable at a pH about 9, at which 
both the silica and alumma particles are negatively 
charged, thus resulting in reduced heterocoagula- 
tion and hence number of AB type clusters. 

The best results in terms of final sintered den- 
sity for the conditions investigated here were 
achieved for sols I and II. The lower densification 
achieved with sols III and IV may be attributed to 
their different crystallization behaviour, as dis- 
cussed above, which ,showed the presence of 
cristobalite prior to mu.llite formation, thus hin- 
dering the viscous flow sintering mechanism of the 
amorphous silica, as frequently found in the litera- 
ture ‘8-2o The presence of very fine silica particles 

(da, L 12 nm) with a very narrow particle size dis- 
tribution (i.e. Aerosil 200) in sol II did not affect 
the densification behaviour significantly in com- 
parison with sol I, in which larger silica particles 
(d,, = 40 nm) with a broader particle size distribu- 

tion were used (i.e. Aerosil OX 50). At 1200°C 
according to Table 2, the material is XRD amor- 
phous (sol I) or only weakly crystalline due to the 
presence of S-Al203 (sol II), and so densification 
can take place via viscous flow. This indicates that 
the preparation of ‘composite’ particles by coating 
alumina particles with a layer of silica particles is 
not strictly necessary for achieving near-full 
densification by transient viscous sintering of the 
pre-mullite powder compacts prepared from the 
commercial precursors used in the present work. 
At 13OO”C, the samples achieved a density of 
2.84 g cmm3 (i.e. = 90% of theoretical taking the theo- 
retical density of mullite as 3.16 g cmm3).5 These 
densities can be improved, however, if hot-press- 
ing is employed. It is envisaged, moreover, that 
when using hot-pressing for manufacturing com- 
posites, the mullite matrices derived from sols I 
and II may be densified fully at even lower tem- 
peratures. However, the effect of pressure on the 
densification and mullitization kinetics and their 
interaction, needs to be addressed and is the focus 
of current studies. 

The study of the pressureless densification of 
compacts made from sol I powders has shown 
that an almost fully dense, monolithic mullite 
material can be obtained by sintering the green 
compacts at 1200°C for 2 h, followed by 5 h at 
1450°C. This result is relevant for the preparation 
of monolithic mullite ceramics via conventional 
uniaxial pressing and pressureless sintering. Other 
authors have used much higher temperatures (up 
to 1700°C) to obtain dense mullite.2’.33-36 The pos- 
sibility of densification by viscous flow may also 
be of importance for the development of disper- 
sion-reinforced mullite ceramic composites, since 
an amorphous matrix sinters more easily around a 
dispersed reinforcement phase compared with a 
polycrystalline matrix. 37 In addition, the speci- 
mens sintered at 1450°C have a very fine equiaxed 
grain morphology, with a mean grain size of 
0.8 ,um. Since no elongated grains were formed, it 
can be concluded that there was no liquid phase 
formation during sintering after the viscous flow 
densification occurred.38 Both the high degree of 
microstructural homogeneity and the fine grain 
size achieved suggest that the material may have 
interesting properties for load-bearing applications 
or for applications where infra-red transparency is 
required.35 

5 Conclusions 

Suitable commercially available alumina and silica 
precursors have been identified for the preparation 
of mullite ceramics via colloidal processing and 
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viscous transient sintering. These precursor mate- 
rials also fulfil the requirements specified for the 
sol-based mullite matrix material to be used for 
infiltrating Sic woven fibre preforms using elec- 
trophoretic deposition. Owing to the lack of high- 
temperature thermal stability of the SIC fibres 
under investigation, I2313 the processing temperature 
for manufacturing these composites is limited to 
= 1300°C. At this temperature, the sintered density 
of the mullite matrices investigated in the present 
work is only -90% of theoretical. However, upon 
exploiting a viscous flow densification mechanism, 
it is envisaged that hot-pressing will produce fully 
dense mullite matrix composites at these relatively 
low temperatures. This is the subject of on-going 
studies. The simple pressureless sintering route 
developed using pre-mullite powders derived from 
sol I has demonstrated the production of dense 
(= 98% of theoretical density) monolithic mullite 
samples with a very fine, homogeneous micro- 
structure at a sintering temperature of = 1450°C. 
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Abstract 

Alumina-hydrate-coated Sic particles were pre- 
pared via a homogeneous precipitation method using 
urea, and the conditions for untform coating and 
less coalescence of the particles were investigated. 
Coalescence of coated particles could be said to 
occur by collision and *agglomeration followed by 
deposition of alumina hydrate on the agglomerated 
particles. Coalescence oJf coated particles was sup- 
pressed by use of low reaction temperature, low 
concentration of aluminkm sulfate, high concentra- 
tion of urea, intensive stirring, and a flow reactor. 
0 1996 Elsevier Science Limited 

1 Introduction 

Recently, composite particles in which a core particle 
is coated by another pihase have attracted atten- 
tion from various viewpoints. The main objectives 
of applying the coating are the improvement of 
chemical stability and/or surface characterrm5 and 
uniform addition or mixing of a second phase.&” 
Such composite particles were also useful to improve 
sinterability.” 

In the preparation of composite particles, uniform 
coating and suppressioln of particle coalescence 
are essential. To achieve these, fine control of the 
deposition rate of the second phase is necessary. 
Thus, many researchers have used alkoxide as a 
starting material for composite particles, because 
of the ease of control of its precipitation rate, 
to prevent the formation of coagulated particles. 
On the other hand, inorganic salts can also be 
used as a starting material,‘2-‘8 mostly via the 
homogeneous precipitation method which is also 

*To whom correspondence should be addressed. 

characterized by easy control of precipitation 
rate. 

In the preparation of composite particles from 
inorganic precursors with the homogeneous pre- 
cipitation method, it is not easy to prevent the 
coalescence of particles. A number of efforts have 
been made to prevent the coalescence. Matijevic 
and co-workers prevented coalescence of particles 
by using dilute dispersions and/or adding surfac- 
tants 13*14 De Jonghe and co-workers also used 
surfactants.r6.r7 However, it is still rather difficult 
to prevent the coalescence, especially when coating 
layers are thick and dispersions are concentrated. 
In the present study, we prepared alumina-hydrate- 
coated Sic particles and investigated the effects of 
reaction conditions on the coalescence of composite 
particles. The reaction conditions investigated were 
reaction temperature, aluminium sulfate and urea 
concentrations, stirring rate, and reactor type. 

2 Experimental Procedure 

A batch or a flow reactor was used as a reactor 
(Fig. 1). Sic particles (Ibigawa Electric Industry 
Co., Ltd; median diameter = 0.6 pm as shown in 
Fig. 2) were dispersed in distilled water and then 
aluminium sulfate (reagent grade, Wako Pure 
Chemical) was dissolved in it, and followed by 
supersonic agitation for 15 min. The dispersion 
was heated to a given temperature. During heat- 
ing, the dispersion was stirred (batch reactor) or 
was made to flow (flow reactor). Then, urea 
(reagent grade, Wako Pure Chemical) was added 
to start the reaction. The amount of reacting solu- 
tion was 100 ml for the batch reactor and 250 ml 
for the flow reactor. During the reaction, the 
suspension was stirred with a wing-type stirrer 
(batch reactor) or circulated (flow reactor). The pH 
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Fig. 1. Schematic illustrations of reactors. 

of the dispersion was measured and the reaction 
was stopped at pH = 7.0, where the deposition of 
alumina hydrate was complete. The precipitate 
was filtered and washed with distilled water and 
finally with ethanol. The precipitate was dried in 
vucuo at 70°C. The alumina hydrate deposited was 
amorphous. 

To evaluate the degree of coalescence of coated 
particles, the particle size distributions of the pow- 
ders were measured. A small amount (l-2 mg) of 
the as-coated powder was dispersed in 5 ml of 
ethanol using ultrasonic agitation, and one drop 
of the dispersion was dropped on a glass plate for 
observation under a scanning electron microscope 
(SEM). The particle size distributions were measured 
from the SEM photographs. In this measurement, 
particles which were hardly discriminated from 
aggregates were omitted. The as-coated powder 
was also characterized using an X-ray micro- 
analyser (XMA). Zeta-potential measurements 
were performed on a few samples using the elec- 
trophoresis method. 
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Fig. 3. Distribution of Al and Si elements. [Al$SO&] = 0.075 
mol l-‘, [Sic] = 9.0 g l-‘, [urea] = 104 mol l- , reaction tem- 
perature = 7O”C, stirring rate = 3000 rev min-‘, batch reactor. 

3 Results 

Figure 3 shows the distributions of silicon and 
aluminium elements in the alumina-hydrate- 
coated Sic particles. Good coincidence in the 
distributions of both elements indicates that SIC 

Fig. 2. Sic particles. 
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particles are coated uniformly with alumina 
hydrate and that there is little formation of sepa- 
rately precipitated alumina hydrate particles. 
Another important parameter, the degree of particle 
coalescence, was evaluated from the size distribu- 
tion of coated particles. 

3.1 Effects of reaction temperature and urea 
concentration on coalescence of composite particles 
The deposition rate of the alumina hydrate is 
considered to affect the coalescence of coated par- 
ticles. The deposition rate is governed by the 
hydrolysis rate of urea. The hydrolysis rate of 
urea depends on reaction temperature and concen- 
tration of urea according to the following formula.‘* 

r = 6.5 X 10” [urea] exd- I .3 X l@/Rr) [mol 1-l min-‘1 

where [urea] is the concentration of urea (mol I-‘), 
R is the gas constant (8.31 J (mol-’ K-l)) and T is 
absolute temperature. The effect of deposition rate 
of alumina hydrate on the coalescence of composite 
particles was investigated by using batch reactor 
under different reaction temperatures and urea 
concentrations. Other reaction conditions were: 
aluminium sulfate concentration ([Al,(SO,),]) = 
0.075 mol I-‘, dispersion amount of Sic particles 
([Sic]) = 9.0 g l-‘, stirring rate = 170 rev min ‘. 
The ideal diameter of a coalescence-free composite 
particle for this [SiC]/[Al,O,] ratio was calculated 
to be 1 .O pm. Figure 4 shows the effect of reaction 
temperature under [urea] = 10.8 mol 1 ‘. The 
degree of coalescence decreases slightly with 
decrease in reaction temperature (i.e. decrease in 

,*’ I 
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hydrolysis rate of urea). Figure 5 shows the effect 
of urea concentration on the coalescence of parti- 
cles. The coalescence of composite particles tends 
to be suppressed by increasing urea concentration. 

3.2 Effect of stirring rate on coalescence of 
composite particles 
Stirring rate was found to have a remarkable 
effect on the coalescence of composite particles 
during coating as shown in Fig. 6. The ideal diam- 
eter of a coalescence-free composite particle at the 
[SiC]/[Al,O,] ratio used is calculated as 1.0 pm. 
Figure 6 shows that the coalescence of composite 
particles is suppressed significantly under a high 
stirring rate above a few thousand rev min-‘. Par- 
ticle size distributions were also measured by a 
laser diffraction light scattering method (MICRO- 
TRAC model 7995-30, Leeds & Northrup Instru- 
ments). A result is illustrated in Fig. 7 for the 
effect of stirring rate. Both Figs 6 and 7 show that 
SEM and the light scattering method give close 
results, although the size distribution curves by 
the latter method are shifted slightly to the finer 
side. 

3.3 Effect of aluminium sulfate concentration on 
coalescence of composite particles 
The concentration of aluminium sulfate also 
affects the coalescence of composite particles; the 
results are summarized in Table 1. With decreas- 
ing aluminium sulfate concentration, i.e. with 
decreasing thickness of alumina hydrate coating, 
the observed diameters of composite particles 

Diameter (u m) 

a,; E 
Temp.= 90°C 70% 

Fig. 4. Effect of reaction temperature on coalescence of particles. 
[AI,(SO,h] = 0.075 mol I-‘, [SiCj = 9.0 g 1.‘. [urea] = IO.8 mol t’, 

stirring rate = 170 rev min ‘, batch reactor. 

[urea]= 1.8 mol/l 10.8 moWI 

Fig. 5. Effect of urea concentration on coalescence of particles. 
[AI,(SO,),] = 0.075 mol I-‘, [Sic] = 9.0 g IF’, reaction tempera- 

ture = !IO”C, stirring rate = 170 rev min-‘, batch reactor. 
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Diameter ( u m) 

hi i-2 
Stirring rate= 17Orpm 3000 rpm 

Fig. 6. Effect of stirring rate on coalescence of particles (mea- 
sured from SEM photographs). [A12(SO,),] = 0.075 mol I-‘, 
[SIC] = 0.9 g ll’, [urea] = 10.8 mol ll’, reaction temperature = 

70°C batch reactor. 

DiameterCud 

Fig. 7. Effect of stirring rate on coalescence of particles (measured 
by laser diffraction light scattering method). The samples 

measured are shown in Fig. 6. 

become close to the value calculated on the 
assumption of no coalescence. Typical examples 
of composite particles are shown in Fig. 8. 

3.4 Effect of reactor type on coalescence of 
composite particles 
The results described above were obtained using 
the batch reactor. Composite particles were also 
prepared using the flow reactor shown in Fig. 1. 
In the flow reactor method, the reacting solution 
containing suspended SIC particles was circulated 
at a flow rate which resulted in almost laminar 
flow (Reynold’s number was 2 X 103). As shown 
in Fig. 9, the flow reactor gave less coagulated 
particles comparable to the particles obtained at 

Table 1. Ideal and median diameters of composite particles” 

No. [AMSO,), Ideal Median Median diameter/ 
(mol t’) diametefi diameter ideal diameter 

(cun) (Pm) 

1 0.0047 0.65 0.6 0.9 
2 0.0063 0.66 1.1 1.6 
3 0.0094 0.69 1.3 1.9 
4 0.019 0.76 1.8 2.3 
5 0.038 0.87 2.3 2.6 
6 0.075 I.04 3.2 3.1 

‘Reaction conditions: [Sic] = 9.0 g ll’, [urea] = 10.8 mol ll’, 
reaction temperature = 70°C stirring rate = 1700 rev min-‘, 
batch reactor. 
‘Ideal diameter was calculated on the assumptions: original 
Sic diameter = 0.6 pm, uniform coating of alumina hydrate 
on Sic particles, and no coalescence of composite particles. 

1700 rev min? stirring rate using the batch 
reactor. Although further investigations are required 
to determine the optimum reaction condition, 
one can say that use of a flow reactor may aid 
in the preparation of coalescence-free composite 
particles. 

4 Discussion 

Coalescence of composite particles would occur 
by collision of coated particles followed by deposi- 
tion of alumina hydrate on the agglomerates in a 
similar manner as in the formation of alumina- 
hydrate-coated SIC whiskers.” The coalescence 
process is shown schematically in Fig. 10. The 
coalescence may depend on the probability of for- 
mation of agglomerates and the deposition rate of 
alumina hydrate. The probability of formation of 
agglomerates is thought to be affected by the colli- 
sion frequency of particles and the probability of 
cohesion. The deposition rate of alumina hydrate 
depends on the hydrolysis rate of urea. 

As described above, coalescence of composite 
particles was suppressed by (1) intensive stirring, 
(2) use of a flow reactor, (3) low reaction tempera- 
ture, (4) high concentration of urea, and (5) low 
concentration of aluminium sulfate. These conclu- 
sions are the same as those drawn on the forma- 
tion of alumina-hydrate-coated Sic whiskers. *’ It 
was also observed in the formation of YSZ-coated 
Sic particles that intensive stirring suppressed 
particle coalescence.ig 

Intensive stirring is considered to suppress the 
coalescence of composite particles by breaking 
agglomerated composite particles before further 
deposition of alumina hydrate, which strengthens 
the agglomerated structure to form the coagulated 
particles. Williams et al. also reported that the 
degree of particle aggregation in dispersion 
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[AL OS]= 0.075 moi/l 

H 
5w 

0.0047 mol/l 

Fig. 8. Typical example of the effect of thickness of coating layer on coalescence of particles. [Sic] = 9.0 g l-‘, [urea] = 1043 mol l-‘, 
reaction temperature = 7O”C, stirring rate = 1700 rev mid, batch reactor. 

decreased with increasing stirring rate.20 Use of a 
flow reactor under a laminar flow condition my 
suppress the coalescence by decreasing the colli- 
sion frequency of dispersion particles. Suppression 
of the formation of coalesced particles by decrease 
in reaction temperature may be mainly due to the 
decrease in the deposition rate of alumina hydrate, 
thereby increasing the chance of breakage of 
agglomerated particles. 

2 4 
Diameter ( I.I m) 

E 
Batch reactor Flow reactor 

Stirring rate=1 700 rpm 

Fig. 9. Effect of reactor type on coalescence of particles. 
[Al,(SO,),] = 0.075 mol l-‘, [S’iC] = 9.0 g 1-l [urea] = 10.8 mol 1F’, 

reaction temperature = 70°C. 

The effect of urea concentration is complex. 
From the viewpoint of deposition rate of alumina 
hydrate alone, the increase in urea concentration 
should enhance the coalescence as described above. 
However, this observation was not the case. Thus, 
there are some strong functions of urea other than 
the increase in hydrolysis rate itself. Vincent et al. 
reported that the surface charge of AgI increased 
in the presence of absorbed neutral substances.21 
Thus, zeta-potentials of the as-coated powders 
were measured at 25°C under different urea con- 
centrations (1.8 or 10.2 mol 1-l) in the presence of 
aluminium sulphate (0.075 mol 1-l). The zeta- 
potentials were +2 mV for 18 mol 1-l urea 
concentration and +8 mV for 10.2 mol 1-l urea con- 
centration. Both values are in the range of zeta- 
potential where colloids are commonly accepted 
as unstable. In addition to the change of zeta- 
potential, the following functions of urea may be 
considered. One can suppose (1) a steric effect - urea 
molecules are adsorbed on the alumina hydrate 
coating and decrease the probability of cohesion 
between coated particles; (2) the formation of a 
complex with A13+-carrying species in solution 
which modifies the deposition rate of alumina 
hydrate; (3) the increase in viscosity of the solution 
decreases the collision frequency of particles and/or 
increases the shear force to redisperse aggregated 
particles. In the hydrolysis of TiOSO,, the presence 
of urea also has a remarkable effect on the forma- 
tion of discrete spherical titania particles even 
under conditions of negligible hydrolysis of urea.22 

For the decrease of particle coalescence under 
low concentration of aluminium sulfate, there 
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Alumina hydrate 

I ,- Sic particle 

Discrete 
composite particles 

Agglomerate of 
composite particles 

Coalesced composite 
particle 

Fii. 10. Schematic representation of coalescence process of particles. 

are many reasons to be taken into account. With 
thinning of the coating layer, (A) the collision fre- 
quency of composite particles will decrease follow- 
ing a decrease in collision cross-section, and (B) 
the cohesion probability at collision will decrease 
following a decrease in neck cross-section formed 
with cohesion of two particles (Fig. 11). Both 
multivalent A13+ and SO,‘- ions have a high floc- 
culation power. That is, (C) a decrease in the con- 
centration of aluminium sulfate gives a low ionic 
strength of the reacting solution which may 
increase the thickness of the electric double layer, 
resulting in a decrease in the collision frequency of 
composite particles. (D) Decrease in coating dura- 
tion at low aluminium sulfate concentrations may 
decrease the chance for coalescence. In order to 
reveal the dominant factor, concentrations of the 

SC 

u-3 _ _ _ _ _ - - 

a 

Alumina hydrate’ 

Thin coating layer Thick coating layer 

Fig. 11. Effect of coating layer thickness on cohesion area. 

raw materials (i.e. [SIC] and [Al,(SO,)3]) were 
changed under fixed [SiC]/[Al,(SO,),] ratio. Other 
conditions were equal to those in Table 1. The 
ratio of observed to ideal particle diameters is 
shown in Table 2. Under a fixed [SiC]/[Al,(SO,),] 
ratio, a higher concentration of raw materials 
results in a higher ionic strength of the reacting 
solution, longer reaction time, and thus more fre- 
quent collisions. In Table 2, in spite of the large 
difference in concentration of raw materials [four 
times for no. 7/no. 4, nine times for no. 8/no. 3; 
average particle distance varies inversely with the 
cube root of the number of particles (i.e. concen- 
tration)], the ratios of both diameters are equal or 
very close. These results show that the increase in 
collision frequency (A) resulting from the increased 
concentration of Sic particles does not affect the 
particle coalescence under the conditions exam- 
ined and that the change of the concentration of 
aluminium sulfate (C and D) does not affect the 
particle coalescence under the same ratio of 
[SiC]/[Al,(SO,),]. Consequently, it can be said that 
(B), the decrease of cohesion probability, is the 
main reason for the decrease of coalescence under 
low concentration of aluminium sulfate. 

5 Conclusions 

Alumina-hydrate-coated SIC particles were pre- 
pared by homogeneous precipitation using urea. It 

Table 2. Effect of raw material concentration on particle coalescence 

No. [Sic] 
(gi ‘) 

[SiCl/(All(S04)J 
(g mol ‘) 

Ideal 
diameter” 

(run) 

Median 
diameter 

(PI 

Median diameter/ 
ideal diameter 

4 9.0 0.019 
470 0.76 

1.8 2.3 
7 36 0.075 1.8 2.3 
3 9.0 0.0094 

950 0.69 
1.3 1.9 

8 72 0.075 1.5 2.2 

“Ideal diameter was calculated on the assumptions: original Sic diameter = 0.6 pm, uniform coating of alumina hydrate on SIC 
particles, and no coalescence of composite particles. 
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can be said that coalescence of coated particles 
occurred by collision and agglomeration followed 
by deposition of alumina hydrate on the agglom- 
erated coated particles. Coalescence of coated 
particles was suppressed under the conditions of 
intensive stirring, thin coating layer, low reaction 
temperature, high urea concentration and a use of 
flow reactor. 
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Abstract 

The frexure creep behaviour of monolithic AlJO 
and IO vol’% Sic-particle reinforced Al,O, matrix 
composites was investigated in air atmosphere at 
1160 to 1400°C and under a stress of 40 to 125 
MPa. Two kinds of SC particles with dtrerent par- 
ticle sizes and oxygen contents were used in the 
composites, one having an average size of 0.6 pm 
with 1.7 vol%, SiO, impurities and the other of aver- 
age size 2.7 ,um with 3.4 vol%, SiOl impurities. 
Compared with the creep behaviour of monolithic 
AlJO the strain rate of the composites with 0.6 pm 
Sic particles did not decrease; however, the com- 
posites with 2.7 pm Sic particles exhibited excellent 
creep resistance. Microstructure analysis showed 
that the Al,O, grains in the composites with 0.6 pm 
Sic particles were mainly equiaxed with most of the 
Sic particles lying at the grain boundaries or triple- 
grain junctions, whereas the grain features of the 
composites with 2.7 pm Sic particles were irregular 
and elongated and most of the Sic particles were 
entrapped into Al,O, matrix grains. It was revealed 
that the entrapment of .2.7 v Sic particles into 
Al,O, matrix grains was related to the high SiO, 
impurity content on Sic particle surfaces, and 
the change of grain morphology and the good high- 
temperature oxidation resistance were responsible for 
the creep resistance increase of the composites with 
2.7 t_~ Sic particles. 0 1996 Elsevier Science Limited 

with high-temperature capability because of the good 
microstructured stability of Al203 at high temper- 
ature. For example SIC whiskers have been success- 
fully incorporated into A1203 by many researchers”8 
and the high-temperature creep resistance of Al203 
was apparently improved. However, Sic whiskers 
are expensive for practical applications and pose 
health hazards during material processing. These 
shortcomings would be overcome if the SIC 
whiskers could be replaced by cheap SIC particles. 

Recently, Niihara’ has successfully developed 
Al,O,/SiC nanocomposites which were formed by 
dispersion of nanometre-size SIC particles into 
Al,O, matrix grains and at grain boundaries. He 
found that addition of as little as 5 ~01%) 0.3 pm 
SIC particles could increase the strength of hot- 
pressed alumina from 350 MPa to over 1 GPa and 
the fracture toughness from 3.25 to 4.7 MPa m1’2, 
this high strength being maintained up to 1200°C. 
Ohji et al.” subsequently conducted tensile creep 
tests for AlZ03/17 vol% SIC nanocomposites and 
monolithic Al203 at 1200 to 1300°C and under a 
stress of 50 to 150 MPa. They revealed that the 
minimum creep rate of the nanocomposites was 
about three orders of magnitude lower and the 
creep life was 10 times longer than those of the 
monolithic Al2O3. The purpose of this paper is to 
study the effects of different SIC particles on the 
morphology and creep properties of Sic-particle 
reinforced Al,O, matrix composites. 

1 Introduction 2 Experimental 

Over the past few years, the high-temperature 
creep and creep fracture behaviour of monolithic 
A&O, have been studiefd extensively,‘-’ owing to 
the increasing emphasis on the development of 
structural ceramics for high-temperature applica- 
tions. Although Al,O, itself is not suitable as a 
high-temperature structural material, it is a potential 
matrix material for some structural composites 

Highly pure (~-Al203 was obtained by calcining 
r-A&O,, with a mean particle size of 1 pm. SIC 
particles with two different sizes, 0.6 and 2.7 pm, were 
used in this study; these are represented by S and L 
in the figures hereafter. The main impurity in the 
SIC particles was SiO,: 1.7 and 3.4 ~01% Si02 in the 
0.6 and 2.7 pm SIC particles, respectively. In the com- 
posites, 10 vol% SIC particles and 0.5 VOW MgO 
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were added. The monolithic Al,O, and composites 
were obtained by hot-pressing under 20 MPa in a 
flowing Ar atmosphere at 1700°C for 30 min. 

The dense monolithic A&O, and composite tiles 
were ground and sectioned into 2 X 4 X 40 mm3 
test bars with the edges chamfered for creep 
experiments. Density measurements performed on 
the specimens showed that the density of mono- 
lithic Al,O, was over 99.9% of theoretical density, 
and those of the composites with 0.6 pm SIC par- 
ticles (ASS) and with 2.7 ,um SIC particles (ASL) 
were 99.6 and 99.5% of theoretical density, respec- 
tively. The flexure creep tests were conducted in 
air atmosphere at 1160 to 1400°C under the stress 
of 40 to 125 MPa. The specimens were loaded in a 
four-point flexure fixture with inner and outer 
span lengths of 10 and 30 mm, respectively. The 
applied stress and resultant strain were calculated 
using the method described by Cannon et al.’ in 
the small strain situation. The microstructures of 
as-received and creep specimens were analysed by 
scanning electron microscopy (SEM) and trans- 
mission electron microscopy (TEM), the samples 
of creep specimens for TEM observation being cut 
from the tensile side of the specimen. 

3 Creep Results 

The creep curves of monolithic Al,O, and com- 
posites at 1260°C and 75 MPa are shown in Fig. 1. 
Apart from the ASS specimen which fractured in 
the creep test, monolithic A&O, and ASL speci- 
mens were crept to reach minimum strain rate. 
Compared with the monolithic A&O,, the strain 
rate of ASS does not decrease, but ASL exhibits 
excellent creep resistance. 

Figure 2 shows stress dependences of steady- 
state or minimum creep rates for the monolithic 
Al,O, and composites at T = 1260°C. Apparent 
linear fitting indicates that the stress exponent of 
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Fig. 1. Flexure creep curves of monolithic A&O, and composites 
at 1260°C and 75 MPa, where the ASS specimen fractured in 

the creep test. 

1 E-5 

0 a.A$O, 

Ii :i; 

. 

_I 

60 60 100 150 

Stress @Pa) 

Fig. 2. Stress dependences of steady-state or minimum creep 
rate for the monolithic A1,Oj, and composites at 1260°C. The 
stress exponent for strain rate is 1.45 for monolithic Al?O,, 

4.27 and 4.75 for ASS and ASL, respectively. 

monolithic Al,O, is 1.45, which agrees reasonably 
well with the results reported by Cannon et al.’ 
and is smaller than the stress exponent of 2.9 
reported for polycrystalline A&O, prepared by 
nanometre-sized Al,O, powders.” The stress expo- 
nents of ASS and ASL are 4.27 and 4.75, respec- 
tively, which approach the stress exponents of 
Sic-whisker reinforced Al,O, matrix composites”.” 
and are larger than the stress exponent of 2.2 for 
AI,O,/SiC nanocomposites.” Crudely, the strain 
rate of ASL is about one order of magnitude 
lower than those of monolithic Al,O, and ASS. 
Because the stress exponent of ASS is higher than 
that of monolithic Al,O,, the strain rate of the 
former is lower than that of the latter at the low 
stress region and higher than that of the latter at the 
high stress region. Activation energies of monolithic 
Al,O, and composites for steady-state or minimum 
strain rate were obtained from Arrhenius plots by 
apparent linear regression analysis, as shown in 
Fig. 3. The activation energy of monolithic Al,O, 
at 75 MPa is 531 kJ mol-‘, which is consistent 

IE-5 I 
a o 8. A120s at 7JMPa 

b. Al,O,+lOvol % SE(L) 

at 75MPa 

c. Al,O,+lCvol % SC(S) 

at 50MPa 

0.65 0.70 0.75 0.60 0.65 0 

l/RT (104rnol/J) 

Fig. 3. Arrhenius plots at 75 MPa for monolithic Al,03 and 
ASL, and at 50 MPa for ASS. 
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with the results previously reported’$(’ for polycrys- 
talline A1,03. The activation energy of ASS at 50 
MPa is 444 kJ mol-‘, which is smaller than that of 
monolithic A&O,. Because the activation energy 
decreases with the increase in the applied load,’ 
the activation energy of ASS at 75 MPa should be 
smaller than 444 kJ mol-‘. On the other hand, the 
activation energy of ASL at 75 MPa is 666 kJ mall’, 
which is larger than that of monolithic A1203. 

4 Discussion 

4.1 A1203 grain morphology 
Figure 4 shows the grain morphology of the 
as-received monolithic .A1,03 and composites. In 
Fig. 4(A) it can be seen that the monolithic A&O3 
has a uniform grain-size distribution and equiaxed 
grain morphology, with an average grain size 
of about 5 pm. The TEM micrograph of ASS 
[Fig. 4(B)] indicates that most of the SIC particles 
are on the grain boundaries or triple-grain junctions 

(grey particles). In general, the Al,O, matrix grains 
in ASS have regular equiaxed morphology and the 
average grain size is smaller than that of mono- 
lithic A&O3 due to grain growth suppression by 
the Sic particles. l3 Occasionally elongated A&O3 
grains can also be seen which, as estimated under 
TEM observation, account for about 10% of the 
total A&O3 matrix grains, as shown in Fig. 4(B) 
(indicated by arrow). The features of ASL are 
significantly different from those of ASS. Figure 
4(C) shows that most of the A1203 matrix grains 
in ASL are elongated and the grain boundaries 
are very irregular, their grain sizes being even 
larger than those of monolithic A1,03. One unex- 
pected observation is that most of the SIC parti- 
cles in ASL are entrapped into the A1,03 matrix 
grains, as shown in Fig. 4(D) (grey particles). 

4.2 Effects of SiO, impurities in hot-pressing 
process 
According to the growth dynamics of ceramic 
materials,14 small SIC particles are easy to entrap 

Fig. 4. Grain morphology of as-received specimens: (A) SEM micrograph of the fracture surfaces of monolithic Al,O,; (B) TEM 
micrograph of ASS; (C) and (D) TEM micrographs of ASL. 
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into the A1,03 matrix grains because the force 
exerted by an inclusion on a grain boundary is 
proportional to its radius, and the large SIC parti- 
cles on the grain boundary hinder grain-boundary 
breakaway and decrease the propensity for sec- 
ond-phase entrapment. I4 So why are the 2.7 pm 
SIC particles entrapped into Al,O, matrix grains 
while the 0.6 pm SIC particles are not? The answer 
may be related to the impurities included in the 
starting SIC particles, because the SIC particles 
used in this study have small amounts of SiOz 
impurities. The SiOZ impurities and MgO additive 
could form the MgO-Al,O,-SiO, system liquid 
phase with the A&O, matrix during the hot-press- 
ing process. I5 This liquid phase facilitates the dis- 
solution and reprecipitation process of Al and 0 
ions and accelerates Al,O, matrix grain growth. 
The effects of liquid phase on the grain growth in 
A&O, have been studied in detail by Kaysser et 

al. ” who showed that the liquid phase on the 
grain boundaries leads to growth anisotropy of 
A&O, matrix grains, and an elongated A&O, grain 
morphology forms in the A&O,-containing glassy 
phase. Because the SiOz content in 2.7 pm SIC par- 
ticles (3.4 vol%) is twice that in 0.6 pm SIC parti- 
cles (1.7 vol%) and the total surface area of the 
0.6 pm SIC particles is 4.5 times larger than that 
of 2.7 ,wm SIC particles when their volume is the 
same, the SiOZ content per unit area on 2.7 pm Sic 
particle surfaces is about one order of magnitude 
higher than that on 0.6 pm SIC particle surfaces. 
The large amount of SiOZ on 2.7 ,um SIC particle 
surfaces would form a large amount of MgO- 
Al,O,-SiO, liquid phase during the hot-pressing 
process, which could accelerate A&O, grain 
growth and grain boundary movement near SIC 
particles. This is the reason why most of the 2.7 pm 
SIC particles are entrapped into the Al,O, matrix 
grains and the 0.6 pm SIC particles are on the 
grain boundaries. In addition, the elongated grain 
morphology and irregular grain boundaries in 
ASL are also related to the liquid phase capping 
SIC particles in the hot-pressing process. Although 
the small amount of SiOZ on 0.6 pm particle sur- 
faces cannot entrap most of the Sic particles into 
Al,O, matrix grains, small amounts of elongated 
A&O, grains (10%) are also seen in their morph- 
ology. 

4.3 Creep deformation mechanisms and oxidation 
effects 
Grain-boundary diffusion is the most predomi- 
nant deformation mechanism of polycrystalline 
A&O, at temperatures below 14OO’C.’ The stress 
exponent, l-45, of monolithic Al,O, shows that 
grain-boundary sliding without a glassy phase, 
some accommodated by diffusion and some unac- 

commodated, is the principal creep mechanism.‘*‘7 
This has been substantiated by TEM observation 
of the crept monolithic A&O, sample on the ten- 
sile side, as shown in Fig. 5(A), which indicates 
that large extensive voids exist at triple-grain junc- 
tions and grain boundaries on the tensile side of 
crept monolithic A&O, specimens formed by unac- 
commodated grain-boundary sliding. The creep 
mechanisms in multiphase ceramics cannot be 
reliably inferred from measured values of activation 
energies or stress exponents.7 In our observations, 
small amounts of cavities have been observed in 
triple-grain junctions in the two kinds of crept 
composite specimens, and there is no evidence of 
dislocation glide in the matrix. We conclude that 
grain-boundary sliding, some accommodated by 
diffusion and some unaccommodated, is also the 
principal creep mechanisms in the composites.’ 

Ohji et al.” reported that the improvement of 
creep resistance for Al,O,/SiC nanocomposite was 
due to the pinning effect of the intergranular Sic 
particles, because the intergranular SIC particles 
rotated and plunged into the Al,O, grains during 
the grain-boundary sliding when creep occurred. 
In our ASS composites, although most of the SIC 
particles are on the grain boundaries, no apparent 
improvement of creep resistance is observed. This 
behaviour can be attributed to the serious oxidation 
of SIC near particles on the grain boundaries during 
creep in air, as shown in Fig. 5(B), where most 
SIC particles near A&O, grain interfaces have been 
oxidized (indicated by arrow). The by-product of 
oxidation reaction is SiO*, which forms a glassy 
phase with MgO additive and Al,O, matrix on the 
grain boundaries. The presence of a viscous amor- 
phous film along interfaces undoubtedly facilitates 
grain-boundary and interface sliding, decreases 
the interface bond strength, and decreases the 
creep resistance of the composites. A layer of 
glassy phase at the grain boundaries and inter- 
faces would also facilitate A&O, dissolution-repre- 
cipitation reactions. The MgO-Al@-Si02 glass 
film along boundaries would permit A&O, to dis- 
solve and reprecipitate, thus allowing grains to 
change their shape to accommodate deformation 
under applied stress, so only a small amount of 
small cavities existed at triple-grain junctions of 
crept ASS specimens. Raj and Ashby’* calculated 
the sliding rate with diffusional accommodation 
when secondary particles were present on the 
grain boundaries and showed that creep was not 
slowed if the diffusivity of the particle-matrix 
interface was equivalent to that of the matrix- 
matrix interface. Although the diffusion ability in 
the pure Sic-Al,03 interface is significantly lower 
than that in the Al@-Al,O, interfaceI as 
exemplified by the Al,O,/SiC nanocomposite,” the 
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Fig. 5. TEM micrographs of samples taken from the tensile side of crept specimens: (A) monolithic A1203 crept for 73 h at 
T = 1260°C and 50 MPa wi.th creep strain of 2.27%; (B) ASS specimen crept for 71 h at T = 1260°C and 50 MPa with creep 

strain of 1.23%; (C) ASL specimen crept for 88 h at T = 1260°C and 100 MPa with creep strain of 0.53%. 

glass phase formed by oxidation reaction along 
Sic-A1,03 interfaces in our ASS makes the diffu- 
sivity of Sic-A1203 interfaces larger than that of 
pure Al,O,-A&O, interfaces. These are the reasons 
why the creep resistance of ASS is not improved 
compared with that of monolithic A&O,. 

The situation in ASIL is different from that in 
ASS, owing to the fact that most of its Sic particles 
are entrapped into Al,,O, matrix. The oxidation 
reactions for SIC particles inside the Al,O, matrix 
are not as serious as those for Sic particles on the 
grain boundaries, because oxygen lattice diffusion 
in alumina is one order of magnitude lower than 
that of oxygen grain boundary diffusion.15 Figure 
5(C) shows that the SiC particles inside the A&O, 
matrix in ASL have no apparent oxidation after 
being crept for 88 h at T = 1260°C and 100 MPa. 
The large difference of oxidation behaviour 
between the two kinds of composites can also be 
seen from the surface oxidation layer of crept 
specimens. Figure 6 shows cross-sections of the 
crept composite specimens prepared by mechani- 
cal fracture and grinding, and indicates that the 

crept ASS specimen surface has been seriously 
oxidized, accompanied by carbon monoxide-induced 
bubbles on its surface layer.” The thickness of the 
surface oxidation layer is about 100 pm, as shown 
in Fig. 6(A), when the specimen was crept for 71 h 
in air at T = 1260°C and 50 MPa. The ASL speci- 
men exhibits excellent high-temperature oxidation 
resistance, as shown in Fig. 6(B), where there is no 
apparent oxidation layer on the specimen surface 
after creep testing for 88 h in air at T = 1260°C 
and 100 MPa. Because of the good oxidation 
resistance at high temperature, the amount of 
glass phase on grain boundaries of ASL is much 
lower. Although 3.4 ~01% Si02 existed on the 
starting 2.7 pm SIC particle surfaces, these SiOz 
impurities may be not on the A&O3 grain bound- 
aries due to the Sic particles being entrapped into 
Al,O, matrix grains. 

The lack of glass phase on the A&O, grain 
boundaries would enhance the creep resistance of 
ASL, compared with ASS. The elongated grain 
morphology and irregular grain boundaries are 
the main causes for the improved creep resistance 
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Fig. 6. SEM micrographs of cross-sections of crept specimens prepared by mechanical fracture and grinding: (A) ASS specimen 
crept for 71 h at T = 1260°C and 50 MPa; (B) ASL specimen crept for 88 h at T = 1260°C and 100 MPa. 

of ASL, as compared with monolithic A1203. The 
elongated grain morphology and irregular grain 
boundaries could reduce grain-boundary sliding and 
increase the diffusional path greatly, similar to the 
reinforcing effect of whiskers which pin the grain 
boundaries and therefore inhibit grain-boundary 
sliding.@ In addition, the small amount of Sic 
particles on grain boundaries in ASL may also 
inhibit grain-boundary sliding by pinning grain 
boundaries” and improve the creep resistance of 
ASL, due to the larger size of Sic particles in 
ASL. On the other hand, the grain size is a factor 
affecting creep strain rate,‘jp” but it could account 
for only a small amount of the difference between 
monolithic A&O3 and composites. 

The different creep behaviours of monolithic 
A1203 and composites also reflect the difference in 
their activation energies. Because of the glass 
phase along grain boundaries formed by the oxi- 
dation reaction in ASS, grain-boundary diffusion 
becomes easy and the activation energy (444 kJ 
mol-‘) of ASS is smaller than that (531 kJ mall’) 
of monolithic A&O,. The high activation energy 
(666 kJ mol-‘) of ASL could be attributable to 
diffusion being more difficult along the elongated 
and irregular grain boundaries in ASL than along 
the equiaxed grain boundaries in monolithic 
A1,03. 

5 Conclusions 

We have investigated the flexure creep behaviour 
of monolithic A&O, and composites with two 
kinds of different Sic particles, in air atmosphere 

at 1160 to 1400°C and under stresses from 40 
125 MPa. The following results were obtained. 

to 

(1) 

(2) 

(3) 

The ASL composites (with 10 ~01% 2.7 pm 
Sic particles) exhibited excellent creep resis- 
tance due to their elongated grain morphol- 
ogy, irregular grain boundaries and good 
oxidation resistance. The creep resistance of 
ASS (with 10 ~01% 0.6 pm Sic particles) 
was not as good as that of ASL, because of 
the serious oxidation of the Sic particles on 
grain boundaries in ASS during creep tests. 
Most of the 2.7 pm Sic particles were 
found to be entrapped into A1,03 matrix 
grains. This is believed to result from the 
fact that a high content of SiO, impurities 
existed on 2.7 pm Sic particle surfaces: the 
SiO, formed liquid phase which accelerated 
the A1203 grain growth and grain-boundary 
movement near Sic particles in the hot- 
pressing process. 
Oxidation of the Sic particles on grain boun- 
daries formed thin glass films along grain 
boundaries in ASS during creep tests, and 
reduced the activation energy of ASS. The 
elongated grain morphology and irregular 
grain boundaries in ASL increased the acti- 
vation energy of ASL. 
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Abstract 

Ultra$ne mullite and zirconia powders were pre- 
pared by sol-gel and precipitation processes, then 
mixed homogeneously with pm-sized silicon carbide 
particles (Sic,) to obtain composite powder. A 
dense green body with homogeneous microstructure 
was prepared by the pressure filtration technique. 
After being dried carefully, the green body was hot- 
pressed under d@erent conditions to optimize its 
microstructure. The e,fect of dtrerent hot-pressing 
conditions on the mechanical properties was investi- 
gated and the hot-forging eflect was also taken into 
account. It was found that the strength of the com- 
posite was greatly increased, from about 600 MPa 
reported to 810 MPa at room temperature and 830 
MPa at 1000°C, under the conditions of moderately 
low hot-pressing temperature and long holding time, 
while the fracture toughness of the composite 
remained almost unchanged. From this it was shown 
that the control of strength-limiting processing 
defects was eflective. Because of the homogeneous 
microstructure improved during forming and opti- 
mized during sintering and a combination of various 
strengthening mechanisms, it was possible to enhance 
the strength of the composite signtficantly. 0 1996 
Elsevier Science Limited 

1 Introduction 

Zirconia-toughened mullite (ZTM) based compos- 
ites have great importance in advanced structural 
oxide ceramics. During the past decade investiga- 
tions of fibre- or whisker-reinforced composites 
have been widely conducted*-12 and the mechanical 
properties of the composites have also been sig- 
nificantly improved. 4,6~‘o~12 Due to the complicated 
preparation technique, high cost and health hazards 
associated with the use of whisker reinforcements, 
however, it appears that ZTM reinforcement by 
particles is more accepta’ble. Unfortunately, only a 
few reports on particle-reinforced mullite system 

have been published so far. Although the mechan- 
ical properties of particle-reinforced materials have 
not yet reached the level of fibre- or whisker-rein- 
forced ones, strength at the level of 600 MPa and 
fracture toughness of 67 MPa m”2, Sic-particle 
reinforced ZTM has attracted much attention 
owing to its significant potential in mechanical 
properties. 

Mullite ceramics obtained by the sol-gel process 
are a good candidate material for high-tempera- 
ture applications. It has been reported that highly 
pure, ultrafine mullite powder can be prepared by 
the sol-gel process, then formed carefully to avoid 
flaws and sintered at a moderate temperature to 
prevent abnormal grain growth of mullite and to 
improve microstructure. According to a, = &cl 
Yc”‘, although fracture toughness was not very 
satisfactory, a high strength was still obtained 
because the flaw size c decreased. In our previous 
work we prepared ZTM/SiC, composites with the 
same composition as those in this paper and by the 
same processing route except for hot-pressing 
directly from composite powders. Although K,c 
was very close to or even a little higher than that 
published, the strength never reached the level of 
600 MPa, which clearly showed the flaw size in the 
body was considerably large. Therefore, the main 
reinforcement strategy of the present study was to 
focus on the strength-limiting flaws originating from 
processing defects, in collaboration with triggering 
of other strengthening mechanisms and improve- 
ment of microstructure of the composites. 

2 Experimental Procedure 

The starting materials were tetraethyl orthosilicate 
(TEOS), aluminium chloride, ZrOC1,43H,O, and 
pm-sized SIC particles. First, ultrafine mullite 
(ratio of Al203 to Si02 = 68 to 32) was prepared 
by the sol-gel process for investigations of the 
green body characteristics. The precursor powder 
was calcined at 13OO”C, then shaped via different 
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methods. The powder was granulated, followed by 
pressing and/or cold-isostatic pressing. Stable, well- 
dispersed slurry was produced for pressure filtra- 
tion (PF) forming by ball-milling for 8 h, keeping 
constant pH value (pH = 9) and adding a small 
amount of surfactant, polyacrylic acid (PAA). 
Density, pore size distribution, morphology and 
sinterability of the green body were determined. 

Secondly, ultrafine mullite (same composition 
as above) and zirconia powders were prepared by 
sol-gel and precipitation processes, respectively. 
After being calcined at lOOO”C, mullite powder was 
mixed homogeneously with commercial Sic, and 
Zr(OH), slurry, precipitated from ZrOCl,.8H,O 
by adjusting the pH value to 8.5, by a coating- 
coprecipitation method. This composite powder 
was calcined again at low temperature (600°C). 
The average grain size of mullite and zirconia was 
about 15 nm by transmission electron microscopy 
(TEM) observation. Sic powder was milled before 
mixing and its average grain size was about l-3 
,um. The composition of the composite powder 
was 40%) mullite / 25% ZrOz / 35% SIC (by vol- 
ume). The green disc body was obtained by PF of 
composite slurry which was prepared by the same 
way as mentioned above. After being dried care- 
fully, the green body, whose diameter was a few 
millimetres smaller than that of graphite die, was 
hot-press(H under different conditions in an 
Ar atmosphere. The HPing pressure was 36 MPa. 

The HPed bodies were ground and cut into bars 
with cross-section of 2.5 X 5 mm, then polished. 
The strength was measured by three-point bending 
with spans of 20 and 30 mm for room-temperature 
strength and high-temperature strength, respec- 
tively. The fracture toughness was determined by 
the single-edge notched beam method at room 
temperature. Every strength value reported was the 
average of at least five samples and every fracture 
toughness value was obtained from at least three 
bars. The microstructural morphology of the sam- 
ple surface and fractured surface was observed by 
scanning electron microscopy (SEM) and TEM. 

3 Results and Discussion 

3.1 Characteristics of green body and control of 
flaw size 
Studies of the dry- and wet-forming techniques 
and the compact characteristics of highly pure, 
ultrafine mullite obtained by the sol-gel process, 
which had been calcined at 1300°C and had an 
average grain size of 50 nm, have been performed 
previously by the present authors.’ It can be seen 
from Table 1 that the green compact density by 
the PF route is 8% higher than that by dry-forming. 

The PF compact reached 46% theoretical density 
(TD), but it was only 38% TD for the dry-forming 
one. Microstructural observation revealed that the 
PF compact was much more homogeneous than 
the dry-forming one. The fracture surface of the 
PF compact was homogeneous, fine and smooth. 
There were no large agglomerates left in the body, 
as these had been crushed by ball-milling. Static- 
and stereo-stabilizing mechanisms had operated 
very well while preparing the slurry. Therefore the 
particles were well dispersed and stable in the sus- 
pension. Moreover, the pore size distribution of 
the green body was much narrower by PF than by 
dry-forming. Its main peak located at about 
100-120 A, which corresponds exactly to the size 
of the tetrahedron pore formed by four primary 
particles (diameter 50 nm) according to the close- 
packing principle. No pores larger than 600 8, 
existed. After sintering at 1590°C for 4 h in air, the 
density difference between the two bodies was con- 
siderably large. The PF compact density was 19O/;, 
higher than the other, reaching 95% TD, which 
could undoubtedly be attributed to microstruc- 
tural improvement and the elimination of large 
pores from the green body. It is very difficult 
to eliminate the flaws related to dry-forming dur- 
ing sintering. So it is clear from the above that the 
compact, whose density was not high enough, 
could also be well sintered provided it was homo- 
geneous enough and the pores in the body were 
fine and well distributed. 

Based on the results and discussion above, the 
PF route was employed as a primary strategy to 
realize elimination of processing defects and there- 
fore improvement of microstructure. Then the body 
was sintered by the HPing route under different 
conditions as a second measure to finely adjust 
and optimize the microstructure. In the meanwhile, 
the hot-forging effect was taken into account to 
achieve flaw-free materials. Comparison of the 
surface morphology of two kinds of samples, i.e. 
those HPed from a disc body by PF and those 
obtained directly from composite powder at the 
same conditions, showed that the former was 
homogeneous and dense. No large agglomerates 
remained. Its room-temperature strength reached 
720 MPa, although no large K,, difference existed 
between both materials, which resulted obviously 

Table 1. Density of green body formed by different routes 
and sintered body 

Forming 
method 

Green body Sintered body 

p(g cmm3) PIP,~ W) p(g cm ‘) ~4,~ W) 

Dry-forming 1.2 l-l .24 37.7-38.6 2.29-244 7 1.3-76.0 
PF 1.47 45.9 3.06 95.3 

Sintered at 1590°C for 4 h in air; p,,, = 3.21 g cm-‘. 
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from the effective control of processing defects 
and the improvement of microstructure. 

3.2 Effect of different HIPing conditions on 
composite mechanical properties 
Four different HPing conditions (nos 14) were 
chosen to investigate the mechanical properties of 
the composites. Condition no. 5 was used as a com- 
parison with nos 2 and 4. The mechanical proper- 
ties of the composites are summarized in Table 2. 
It can be seen that there is no great difference in 
fracture toughness among the samples. The strength 
of sample 1 was the lowest, which can be attributed 
to low HPing temperature although it had the 
longest holding time. .When the composite was 
sintered at such a low temperature, its microstruc- 
ture (grain growth and grain bonding, etc.) had 
not been optimized. Increasing the HPing temper- 
ature to 1575°C increased the strength to the max- 
imum value of 730 MPa because of improvement 
of the microstructure. But the strength of sample 
4 (HPed at 1600°C) decreased and its K,, value 
was also the lowest, which was related to its short 
holding time. As the holding time at 1600°C 
increased (Sample 5) strength and K,, were 
enhanced. In addition, the strength of samples 2 
and 5, tested at lOOO’C, decreased only slightly and 
was still over 650 MPa. It is well known that the 
zirconia transformation toughening mechanism 

almost fails at this temperature. It was considered, 
in that case, that apart from Sic particle rein- 
forcement, effective control of flaws was also an 
important factor for enhancing the strength of 
the composite. Strength at 1200°C decreased signi- 
ficantly, which was related to impurities introduced 
into the composite by the Sic powder. 

To control the flaw size and to hinder grain 
growth, it was inadvisable to choose a high HPing 
temperature. The mechanical properties of the 
composites HPed at 1550°C for different holding 
times are shown in Fig. 1. The room-temperature 
strength exceeded 600 MPa for all the samples 
and the K,, values were similar. As holding time 
increased to 80 min, the strength also increased to 
maximum 810 MPa, and the strength at 1000°C 
reached 836 MPa. This revealed that the major 
source for strength improvement was microstruc- 
tural factors. It is proposed that the processing 
defects are limited to minimum extent after being 
sintered at appropriate conditions if the green body 
is homogeneous and no large pores remained in 
it. Meanwhile, the microstructural factors, e.g. 
ZrO, transformation strengthening and toughening 
mechanism, are also optimized. Under a compara- 
ble condition, the transformable ZrO, content of 
this composite was highest. As the holding time was 
increased continuously, the strength of the com- 
posite decreased but it was still above 720 MPa, 

Table 2. Mechanical properties of composites HPed under different conditions 

No. HPing cswditions 

Temperature (“C) Time (min) RT 

Strength ( MPu) 

Iooo”c 1200°C 

K,, 
( MPa ml/‘) 

I 1525 80 599 59 
2 1.550 60 686 653 490 5.5 
3 1575 40 730 5.1 
4 1600 25 689 5.2 
5 1600 60 120 657 485 6.0 

400 -- 

20 40 60 80 100 

Holding Time, min 

Fig. 1. Mechanical properties versus holding time 

8 

20 40 60 80 

Holding Time, min 

(HPing temperature 1 SSO’T). 
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Fig. 2. SEM micrographs of fracture surface of ZTM/SiC, 
composites HPed from a disc body by PF. 

which is higher than that for a holding time of 60 
min. The strength at 1200°C followed the same 
trend except for a downwards shift in value by 
about 200 MPa. It was consequently revealed that 
if the material was hot-pressed at moderately low 
temperature and for moderately long holding 
time, improved microstructure and excellent prop- 
erties could be achieved. 

3.3 Hot-forging 
It has been reported that hot-forging is a good 
way to obtain flaw-free material. In this paper this 
strategy was also taken into account. The diame- 
ter of the green disc was a few millimetres smaller 
than that of the graphite die. During HPing, the 
disc not only suffered a vertical pressure resulting 
in decreasing thickness, but also was squeezed to 
expand in diameter to the size of the graphite die. 
Agglomerates were broken down and grain sliding 
and rearrangement occurred. Obviously it is very 
advantageous for pores to be eliminated before 
complete densification, giving rise to a flaw-free 
II naterial. 

3.4 Microstructure observation and strengthening 
mechanism 
The mechanical properties of the ZTM/SiC, com- 
posites produced in this work have been much 
improved compared with our previous results, the 
strength reaching 8 10 MPa at room temperature 
and 836 MPa at 1000°C. It is strongly suggested 
that elimination of processing defects and opti- 
mization of microstructure are of vital importance 
for strengthening the composite. Microstructural 
investigations of the fracture surface revealed 
features that correlated with the strength data. It 
can be seen from Fig. 2 that the fracture surface 
of the composite HPed from a PF disc body was 
very rough. Holes are visible in the fracture surface 
caused by particle pull-out and transgranular frac- 
ture across Sic particles has occurred, which all 
contributed greatly to improving strength. In addi- 
tion, stress-induced transformation toughening of 
ZrO, and microstress fields around ZrO, particles 
produced by ZrO, transformation, ZrO, and Sic 
particle reinforcement3 all contribute to strength- 
ening of the composite. When a propagating crack 
in a fine matrix encountered a pm-sized Sic 
particle embedded in the matrix, it would be 
impeded severely by the particle, causing crack 
deflection, crack bridging and consequently signifi- 
cant enhancement of the fracture energy. Figure 
3(a) shows the deflection of a crack by Sic and 
ZrO, particles. Figure 3(b) shows the main crack 
bridged by a t-ZrO, particle and demonstrates 
that a microstress field existed at boundaries 
between ZrO, and mullite. It also reveals that the 
main crack stopped by cutting and transformation 
of t-ZrO, during propagation [Fig. 3(c)]. The 
crack could propagate across Sic, [Fig. 2(b)] when 
the energy needed for crack deflection was too 
high. 

Fig. 3. TEM micrographs of ZTMlSiC, composites showing crack deflection, bridging and stopping. 
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Fig. 4. Dislocations in mullite. 

Dislocations were often found to exist in mullite 
grains. Figure 4(a) shows dislocations pinned by 
second phase particles. These pinned dislocations 
would need more energy to remove them because 
the resistance of dislocation sliding was increased. 
Extremely high dislocation density was observed 
in mullite after high-temperature strength determi- 
nation, which explains the much improved high- 
temperature strength. Dislocations climbed at high 
temperature and twined with each other forming 
a network, which greatly decreased the mobility of 
dislocations. These dislocations would strongly 
hinder the propagation of cracks, and therefore 
improve the strength of the composite. 

4 Summary 

Strength-limiting flaws originating from process- 
ing defects could be eflectively eliminated and the 
microstructural homogeneity of ZTM/SiC, com- 
posite could be greatly improved by the pressure 
filtration route. This material could further be 
optimized under HPing conditions of moderately 

low temperature and long holding time. As a 
result of various strengthening mechanisms, the 
strength of the composite at room temperature 
and at 1000°C increased significantly while the 
fracture toughness remained almost unchanged. 
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Abstract 

Although synthesis of ceramic matrix composites by 
the directed oxidation process oglers signtficant 
advantages over traditional composite processing 
routes, the scienttj5c basis for the process is not 
fully understood. This paper is addressed to under- 
standing the mechanism of composite growth from 
Al-A4g and Al-Mg-St’ alloys theoretically and 
experimentally. Analysis of the oxidation kinetics of 
Al-MS and Al-Mg-Si alloys for various oxygen 
pressures, temperatures and durations of oxidation, 
obtained in this study and reported in the literature, 
demonstrates that the growth kinetics can be 
tailored by the control of alloy composition. For the 
Al-Mg alloys, transport of oxygen through a thin 
alloy layer near the surface controls the growth 
rate. When Si is added to the alloy, the oxidation 
mechanism is completely changed. The rate of oxi- 
dation of Al-Mg-Si alloys depends on the transport 
of electronic species through a thin MgO layer at 
the top surface of the composite. Apart from con- 
tributing to a more com,plete understanding of the 
growth stage, the mechanism of composite growth 
will serve as a basis for improving growth rates. 
0 1996 Elsevier Science .Limited 

Introduction 

In the directed melt oxidation (DIMOX) process, 
a molten aluminium alloy is oxidized to produce 

ceramic/metal composites.’ Figure 1 illustrates 
schematically the formation of composite materials 
in this process. Under appropriate conditions of 
alloy composition, temperature and oxygen pres- 
sure, a rapid reaction of the molten alloy with the 
oxidant to form a-alumina occurs and the reaction 

*To whom correspondence sh,ould be addressed. 

product grows outwards from the original metal 
surface. The reaction is fed by transport of liquid 
metal through the reaction product.’ The resulting 
material is an Al,OJAl composite with an inter- 
connected network of unoxidized metal.2 Rein- 
forced composites with the desired structural 
properties can be obtained by growing the ‘com- 
posite’ matrix into preforms consisting of reinforc- 
ing particulates, whiskers or fibres of Al2O3, SK, 
etc.3-5 Composites made by directed oxidation can 
be tailored to have good toughness, thermal shock 
resistance, wear resistance, high stiffness, and high 
temperature stability. They are being used or eval- 
uated for use in turbine engine components, 
armour applications, heat exchangers and furnace 
components.6 Several ceramic composite systems 
based on the directed metal oxidation technology 
have been developed, as listed in Table 1.3 

It is now recognised that the presence of volatile 
elements like Mg or Zn is crucial for directed oxi- 
dation of aluminium alloys to take place.‘.7 
Dopants like Mg or Zn are believed to hinder the 
formation of a protective alumina film on the 
alloy surface and thus allow continued oxidation 
of the alloy. Additional elements such as Si are 
usually added to improve alloy/preform compati- 
bility. These dopants can be either applied to the 
surface of the aluminium exposed to the oxidant 
or, if soluble, alloyed with the parent metal. Three 
distinct stages can be observed in the oxidation of 
Al-Mg alloys at a given temperature’ (Fig. 2). 
When Al-Mg alloys are heated in argon to a 
given temperature and then exposed to an oxygen 
atmosphere, an initial stage of rapid weight gain 
occurs.’ During this period, MgO forms by oxida- 
tion of Mg vapour and subsequently falls back on 
to the melt surface.’ Formation of a dense, thin 
layer of MgAl,O, beneath the MgO halts the 
initial stage of oxidation and corresponds to the 
start of incubation.* During incubation, metal 
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channels are observed to form in the spinel. The 
arrival of these metal channels at the top of the 
spine1 is believed to correspond to the end of incu- 
bation and the start of the growth stage.” Com- 
posite formation in the growth stage starts when 
the near-surface aluminum alloy becomes depleted 
in Mg and reaches a concentration where A&O, 
formation becomes more favourable than MgA1204.” 
During growth, bulk oxidation of Al to Al,O, 
occurs epitaxially on the spinel.” 

Several models have been proposed to explain 
the kinetics of oxidation of Al to Al,O, in the 
growth stage.‘*i2 It has been suggested that during 
the growth stage of directed oxidation of Al-Mg 
alloys, a continuous MgO film exists at the top of 
the alumina matrix with a thin aluminium alloy 
film separating the two layers”.” (Fig. 3). The 
presence of this continuous MgO film restricts the 
formation of a protective alumina layer on the 
surface. At the MgO/Al-alloy film interface, MgO 
dissociates and oxygen dissolves in the Al-alloy 
film. The magnesium ions formed by dissociation 
of MgO diffuse through the MgO layer to the 
MgO/air interface where they are oxidized to 
regenerate MgO. During the outward transport of 
magnesium ions through MgO, electrical neutral- 
ity is maintained by the simultaneous transport of 
electronic defects.12 The oxygen dissolved in the 
alloy film is transported, from the MgO/alloy film 
interface, to the alloy film/Al,O, interface where 
composite growth takes place epitaxially. The sup- 
ply of aluminium to the alloy film/Al,O, interface 
is thought to be sustained by the wicking of metal 

Table 1. Example of Lanxide”” ceramic matrix systems’ 

Parent metal Reaction product 

Al Oxide, nitride, boride, titanate 
Si Nitride, boride, carbide 
Ti Nitride, boride, carbide 
Zr Nitride, boride, carbide 
Hf Boride, carbide 
Sn Oxide 
La Boride 

“Lanxide’ is a registered trademark of Lanxide Corporation, 
DE, USA. 

Initial’stage Time 

Fig. 2. Schematic plot of weight gain as a function of time 
for directed oxidation of AI-Mg alloys. 

through channels in the alumina. One or more of 
the above-mentioned reaction steps could be the 
rate-controlling mechanism in the growth stage. 

Nagelberg et al. I2 conducted directed oxidation 
studies of Al-Mg alloys to which Si was added. 
According to Nagelberg et uI.,‘~ the rate of oxida- 
tion of Al-Mg-Si alloys in the growth stage is 
controlled by the electronic conductivity of the 
continuous, external, MgO layer. To investigate 
the role of electronic transport in the oxidation 
kinetics in the growth stage, DebRoy et al. I4 carried 
out directed oxidation experiments of an Al-Mg 
alloy (Al-5056 alloy) in which platinum wires 
were positioned inside the alloy so that the wires 
would extend through the composite matrix and 
the top MgO layer to facilitate electronic trans- 
port. TheyI observed that the rate of oxidation in 
the growth stage was independent of the presence 
or absence of Pt wires, indicating that the trans- 
port of electronic species does not control the oxi- 
dation kinetics of Al-Mg alloys that do not 
contain silicon. Thus, in the absence of silicon, 
electronic transport through the MgO layer is no 
longer the rate-controlling mechanism in the growth 
stage of Al-Mg alloys. In view of the crucial differ- 
ence in the oxidation mechanism of Al-Mg alloys 
with or without the presence of Si, the role of sili- 
con in the mechanism of composite growth from 
Al-Mg alloys needs to be investigated in detail. 

In this paper, we examine the directed oxidation 
of Al-Mg and Al-Mg-Si alloys experimentally 
and theoretically. The oxidation kinetics are studied 
by thermogravimetry. The weight gain in the growth 
stage is monitored as a function of oxygen pres- 
sure, time and temperature. By analysing the 
experimental results reported in this paper and 
the available independent results in the literature, 
the role of silicon in the rate of composite growth 
is investigated. We show that the oxygen transport 
in the near-surface alloy layer controls the rate of 
alumina formation in the growth stage of directed 
oxidation of binary Al-Mg alloys. Analysis of the 
influence of silicon on the various steps in the growth 
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stage indicates that silicon additions increase the 
rate of oxygen transport through the alloy layer 
and decrease the rate of electronic transport 
through the MgO layer. As a result, electronic 
transport through the #outer MgO layer controls 
the rate of oxidation of Al-Mg-Si alloys. 

Experimental Procedure 

The thermogravimetric set-up, used for studying 
reaction kinetics in the directed oxidation of Al- 
Mg alloys, consisted of a Cahn model 1000 auto- 
matic recording electric balance, a high-temperature 
silicon carbide tube furnace, and a gas flow and 
pressure control system. A schematic diagram of 
the experimental set-up is shown in Fig. 4. The 
balance had a sensitivity of 0.5 pg and the 
measurement accuracy was 0.1% of the range. The 
quartz reaction tube was of 48 mm internal diameter 
and had a 25 mm equi-temperature zone at the 
centre of the furnace. The furnace was equipped 
with an electronic temperature controller which 
regulated the temperature to + 5 K. 

A cylindrical sample, 1,4 mm in diameter and 8 mm 
in length, of an Al 5056 alloy (5 wt% Mg, 0.10 
wt”/o Cu, 0.40 wt% Fe, 0.10 wt% Zn, 0.10 wt% Mn 
and balance Al) was placed in an alumina 
crucible, 14.2 mm in diameter and 27 mm in 
length. SiOz powder (99,9%, -325 mesh) was added 
to the surface of some samples as Si source. A 
previous investigation i5 of the kinetics of reaction 
between SiO;! and molten aluminium revealed that 
SiO, is completely reduced by the aluminium melt 
during initial heating to the test temperature 
(>1350 K), which takes about an hour. Thus, SiOz 

-Furnace shell 

Fig. 4. Schematic diagram of the thermogravimetric set-up. 

additions of 205 mg effectively result in a compo- 
sition of 3.3 mol”/o Si in the alloy. The crucible, 
containing the alloy, was suspended by a platinum 
wire from the balance and positioned within the 
equi-temperature zone of the furnace. Prior to 
conducting each experiment, the reaction tube was 
evacuated and purged with argon. The samples 
were then heated to the test temperature at a heat- 
ing rate of 0.33 K ss’ in a pure argon atmosphere. 
When the target temperature was reached, a mixture 
of ultrahigh purity oxygen and argon was intro- 
duced at predetermined flow rates with the help of 
mass flow controllers, to obtain a target gas com- 
position. Oxidation experiments were conducted 
at various partial pressures of oxygen, and reactor 
temperatures. Experiments were done at a constant 
total pressure of 93.3 kPa. Experiments were 
repeated to check the reproducibility of the weight 
gain data. The total gas flow rate was kept con- 
stant at 8333 mm3 ss’ STP (298 K and 101.3 kPa). 
A typical scatter of l-5% was observed in the weight 
gain measured during oxidation. The weight of the 
sample was continuously recorded using a computer 
data acquisition system. Subsequently, the recorded 
data were differentiated numerically to obtain the 
weight gain rate. The zero of the time axis is when 
oxygen of the desired partial pressure is introduced 
in the reactor. It takes about 75 s for the gas to 
reach the crucible. No correction of the zero of 
the time axis was made since the total oxidation 
time is of the order of about 60 ks. The internal 
cross-sectional area of the crucible, 154 mm2, ‘was 
used for the calculation of reaction rates. 

In the directed oxidation of binary AI-Mg alloys, 
the oxidation product, Al,O,, often grew along the 
crucible walls in the growth stage. The behaviour 
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Fig. 5. (A) Weight gain versus time for the AI-Mg alloy at 
different oxygen pressures in the growth stage: (a) 85 092 Pa, 
(b) 21 273 Pa and (c) 42 546 Pa. The oxygen pressure was 
initially maintained at 85 092 Pa and subsequently changed in 
the growth stage. The total pressure, temperature and the 
total gas flow rate were maintained constant at 93 303 Pa, 
1373 K and 8333 mm3 s ’ STP, respectively. (B) Weight gain 
versus time for the AI-Mg alloy, at 1373 K and oxygen 

pressure of 85 092 Pa, at short oxidation times. 

is similar to the preferential growth of alumina on 
the crucible wall observed by Xiao and DerbyI 
and Manor et al. l7 The creeping is not surprising 
since the MgO which forms in the gas phase coats 
the crucible walls.’ MgO is unstable in the pres- 
ence of the Al-5 wt% Mg alloy at the temperatures 
involved in directed oxidation.‘8m20 Therefore, 
there is a net driving force for the reaction between 
Al and MgO. The reaction causes Al to wet 
Mg0,21 creep along the walls and react with oxygen 
in the external atmosphere to form alumina. The 
metal creeping leads to a change in the melt cross- 
sectional area exposed to the oxygen atmosphere 
with time and complicates study of reaction kinetics. 
Investigation of initial stage kinetics’ reveals that 
higher the oxygen pressure, the lower the total 
amount of MgO formed in the initial stage. Hence 
to minimize creeping in the directed oxidation of 
binary Al-Mg alloys, the oxygen pressure in the 

Weight gain 
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Fig. 6. Weight gain rate versus temperature for Al-Mg alloy 
for an oxygen pressure of 85092 Pa, for different weight 
gains. The computed activation energies were 357.9, 345.9 
and 407.8 kJ mol-’ for 120, 280 and 350 mg weight gains, 
respectively. The total pressure and the total gas flow rate 
were maintained constant at 93 303 Pa and 8333 mm” s ’ 

STP, respectively. 

initial stage and in the incubation period was kept 
at a high value of 85.1 kPa and the oxygen pressure 
was subsequently changed in the growth stage. 
The end of incubation was identified from the 
weight gain data (in the course of the experiment) 
as the time at which there is an increase in the 
weight gain rate. 

Results and Discussion 

A typical weight gain versus time curve observed 
in the directed oxidation of Al-Mg alloys is 
shown in Fig. 2. The process starts with a rapid 
but limited oxidation event upon introduction of 
oxygen in the furnace. The initial oxidation, corre- 
sponding to the formation of MgO, ends abruptly 
with the formation of an MgAl,O, film on the 
alloy surface. This event is followed by an incuba- 
tion period where the weight gain is small. The 
onset of bulk growth is marked by a substantial 
increase in the oxidation rate. The kinetics and 
mechanism of the growth stage of composite 
synthesis from Al-Mg alloys, with or without sili- 
con, are discussed in the following sections. 

Mechanism of oxidation of Al-Mg alloys in the 
growth stage 
Figure 5(A) is a plot of weight gain versus time 
for Al-Mg alloys for oxygen pressure of 85.1 kPa in 
the initial and incubation stages and varying oxygen 
pressures in the growth stage. It is observed that 
the oxidation rate in the growth stage decreases 
with time and, within experimental uncertainty, 
remains practically independent of oxygen pressure. 
Figure 5(B) is a plot of weight gain versus time at 
short oxidation times. Three different stages in the 
oxidation plot can be distinguished. Weight gain, 
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as a function of time, was also measured at various 
temperatures (1373-1450 K) for an oxygen pressure 
of 85.1 kPa. The weight gain rates in the growth 
stage, for different weight gains, were measured 
from the slopes and are plotted in Fig. 6. (Note 
that, for parabolic kinetics, weight gain rate mea- 
sured at a constant weight gain would be propor- 
tional to the rate constant. The temperature 
dependence of the rate constant gives the activation 
energy.) Several important questions arise from the 
perusal of the rate data. Why does the weight gain 
rate decrease with time? Why is the weight gain rate 
practically independent of oxygen pressure? What 
is the rate-controlling Imechanism in the growth 
stage of directed oxidation of Al-Mg alloys? 

As shown in Fig. 3, the composite structure 
near the growth surface’1-‘3 consists of a continu- 
ous Al,O,-doped MgO layer on top of the alu- 
mina matrix with a thin aluminium alloy film 
separating the two layers. At the MgO/Al-alloy 
film interface, MgO dissociates, and the oxygen 
dissolves in the alloy film and is transported to the 
Al,O,/Al-alloy film interface where composite 
growth takes place epitaxially. The magnesium 
ions formed by the dissociation of MgO diffuse 
through the MgO layer to the MgO/air interface 
where they are oxidized to regenerate MgO. This 
ionic transport is accompanied by electronic con- 
duction (holes or electrons) to maintain charge 
neutrality and is taken to be the rate-limiting pro- 
cess in the regeneration of Mg0.12 The supply of 
liquid aluminium to the alloy film/alumina inter- 
face is sustained by wicking of metal through 
channels in the alumina. Thus, the three possible 
rate-controlling steps in the growth of Al,O,/Al 
composites from Al-Mg alloys are: (i) electronic 
transport through the external MgO layer, (ii) 
transport of liquid metal by capillarity through 
the interconnected metal channels in the alumina, 
and (iii) dissociation of MgO and the subsequent 
transport of oxygen from the MgO/alloy film 
interface to the A1203/allloy film interface. 

The existence of long columns of composite 
containing Al203 grains of similar orientation”~13 
disqualifies any process involving repeated nucle- 
ation of grains. This indicates that the growth 
process is continuous. .Indeed, it can be observed 
from the composite macrostructure (Fig. 7) that 
the growth surface on the whole is macroscopi- 
tally smooth. Hence, a one-dimensional model 
can be used to theoretically estimate the rates of 
the various transport processes involved in Al203 
growth. The experimental results in Figs 5 and 6 
are analysed below in d.etail to determine which of 
the above-mentioned steps are consistent with the 
observed growth rate and its dependence on time, 
oxygen pressure and temperature. 

Fig. 7. Macrograph of composite (top region of crucible) 
grown from Al- 5 wt% Mg alloy (bottom region of crucible). 

Electronic transport through MgO 
Since MgO is unstable for the alloy compositions 
typically used in directed oxidation,18-20 MgO dis- 
sociates at the alloy filrn/MgO interface to give up 
oxygen which is subsequently transported to the 
Al,O,/alloy film interface. The MgO could be 
regenerated either by the outward diffusion of 
magnesium ions to the external surface or by the 
inward diffusion of oxygen ions from the MgO/air 
interface to the MgO/alloy film interface (Fig. 3). 
According to Nagelberg et a1.,12 transport through 
the MgO layer is controlled by grain boundary 
diffusion of magnesium ions. This ionic transport 
is accompanied by electronic conduction (holes or 
electrons) to maintain charge neutrality and is taken 
to be the rate-limiting process. Near the external 
surface, in the Al,O,-doped MgO, holes are the 
dominant electronic defect and their concentration 
is proportional to P& where PO, is the partial 
pressure of oxygen in the reaction chamber.12 This 
behaviour follows from the following defect reac- 
tions for the dissolution of alumina and oxygen in 
MgO: 

Al203 + 2Al& + V& + 300 (1) 

; O2 + O. + V&, + 2h 

where Vh, denotes a magnesium ion vacancy, 
Ab, represents the dissolved aluminium concen- 
tration in MgO and h indicates a hole. Similarly, 
for the low oxygen pressures near the alloy film, the 
concentration of electrons in MgO would be high. 

jj O2 + 2e +- 00 + &, 

Thus, the outward transport of magnesium ions in the 
MgO towards the external surface is accompanied 
by the transport of holes near the external surface 
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Table 2. Characteristics of various events in the growth stage 

Event Oxygen 
pressure 

dependence of 
growth rate 

Time 
dependence of 
growth rate 

Activation Weight gain 
energy (kJ mot’) rate (mg cm- 2 h. ‘) 

at 1373 K 

Magnesium ion flux P’( Independent of time 

Liquid metal transport Iidependent of oxygen pressure Decreases with time 

Oxygen transport through Independent of oxygen pressure Decreases with time 

alloy film 
Experimental growth rate Independent of oxygen pressure Decreases with time 

“For an alloy layer thickness of 12 pm, rate of oxygen transport is 13.39 mg cm ’ h ‘. 

310 17.44 

6.1 6415 

243.6 53.17” 

361 12.75 

and electrons near the alloy film to maintain elec- 
trical neutrality. From reaction (2), the hole con- 
centration, p, is given as: 

where K is the equilibrium constant of reaction (2). 
From charge neutrality, we have: 

Vb, = ; Al& 

The flux of magnesium ions and the corresponding 
flux of oxygen is proportional to the hole concen- 
tration, p.12 Following the procedure of Nagelberg 
et al.,” the oxygen flux, J, in g cm-* SC’, at 1373 K, 
is given as: 

K K 

Jm ~ 
[ 1 V” 

Po:=3.15 X lO”Po?exp 
Mg 

(-31;; lo3 )(6) 

where PO, is the partial pressure of oxygen in 
atmospheres, R is the gas constant in J mol-’ K-‘, 
and T is the temperature in K. The activation energy 
for the process is 3 10 kJ mol-’ which corresponds 
to the mobility of holes in MgO (Table 2). 

Oxygen pressure and time dependences of magnesium 
ion transport. It is seen from eqn (6) that if mag- 
nesium ion flux through MgO were rate-limiting, the 
oxygen flux (growth rate) would exhibit a P$? 
dependence. Thus eqn (6) predicts that, for a 
change in oxygen pressure from 21.3 to 851 kPa, 
the weight gain rate would increase by 41.4%. 
However, a 6.5% decrease in the weight gain rate 
is observed in the average experimental growth 
rate (Fig. 5) when the oxygen pressure is changed 
from 21.3 to 85.1 kPa. Equation (6) also predicts 
that the oxygen flux should be independent of 
time. Experimentally, however, the weight gain 
rate (growth rate) decreases with time. Thus, this 
mechanism cannot explain either the manner in 
which the rate varies with time or the observed 
effect of oxygen pressure on the growth rate. 
Therefore, this event is ruled out as a rate-limiting 
step. 

Liquid metal transport 

Rate expression. The reaction of Al with oxygen to 
form Al203 requires the continued supply of alu- 
minium to the Al-alloy film/Al,O, interface. This 
is believed to occur via convective flow of metal 
by wicking (capillary action) through the thicken- 
ing Al203 reaction product via the interconnected 
metal channels. If liquid metal transport through 
metal channels is rate-controlling, the total metal 
flow through the channels would determine the 
composite growth rate. Furthermore, the growth 
rate will show the same dependence on time and 
PO2 as capillary flow. Therefore, the time and PO, 
dependences of metal flow rate and the correi 
sponding oxygen weight gain rate need to be anal- 
ysed. As shown in Appendix A, the weight gain 
rate per unit area, J, is given by: 

J= ; fPA'RY'."CoSe 
4px (7) 

= 48 SPAi _- 
54 4 [ 

2Ry,,cos8 % 

W 3 

where f is the total metal channel area per unit 
area of the composite, pAI the density of molten 
aluminium alloy, R is the radius of the channel, 
yLv is the surface tension of the molten alloy, 8 is 
the contact angle between the molten alloy and 
alumina, p is the viscosity of the molten alloy, x is 
the thickness of the composite, and t is the time of 
oxidation. 

Oxygen pressure and time dependences of rate of 
liquid metal transport. It is seen from eqn (7) that if 
liquid metal transport is rate-controlling, the growth 
rate would be independent of oxygen pressure and 
decrease with time. The experimentally observed 
oxygen pressure and time dependences of rate 
(Fig. 5) are qualitatively consistent with that pre- 
dicted by eqn (7) for liquid metal transport. If the 
predicted growth rate is also in good agreement 
with the experimentally observed growth rate for 
the Al-5 wt% Mg alloy, transport of liquid metal 
can then be considered as the rate-controlling step 
in the growth of Al,O,/Al composites. 
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Table 3. Data used for the calculation of rate of liquid metal 
transport 

Property SJ,rnhOl Value Ref: 

Total metal channel area f 10m5 2 
per unit area of the 
composite 

Density of aluminium 
(kg m ‘) 

PAI 2300 22 

Channel radius (m) 

Viscosity of molten 
aluminium (N s m ‘) 

R 3 x 1om6 11 

CL 6.21 x 10m4 23 

Vapour pressure of 
magnesium (N m-‘) 

Gravitational pressure 
(N mm’) 

5019 18-20 

2955” This study 

Capillary pressure 
(N me’) 

p, 6.3 X lo5 Appendix A 

“For a composite thickness of 0.00131 m. This corresponds to 
a weight gain of 3 X 10e4 kg. 

Comparison of the rate of liquid metal transport 
with the experimental growth rate. The experimental 
results (Fig. 5) indicate that the weight gain rate 
decreases with time and is; independent of the oxygen 
pressure. These trends are consistent with a situa- 
tion where the transport of liquid metal controls 
the oxidation rate [eqn (7)]. However, the calcu- 
lated weight gain rate needs to be compared with 
the experimentally observed value to confirm that 
the transport of liquid metal through the oxide 
matrix controls the oxidation rate. The value of 
yLvcos 0 in eqn (7) is deduced, as shown in 
Appendix A. The data used in the calculation of 
rate based on eqn (7) are shown in Table 3. For a 
weight gain of 300 mg., which corresponds to a 
composite thickness of 0.13 cm, the weight gain 
rate is predicted to be 6415 mg cm-* h-’ based on 
eqn (7) while the experimentally observed weight 
gain rate is found from Fig. 7 to be 10.8 mg cm-* 
h-‘. It is seen that the experimentally observed 
weight gain rate is about two orders of magnitude 
lower than the lowest estimate of the predicted 
weight gain rate (Table 2). Furthermore, the theo- 
retical activation energy for the liquid metal trans- 
port corresponds to the temperature sensitivity of 
viscosity of the liquid aluminium alloy [eqn (7)] 
and is about 6.1 kJ mol-‘,23 while the experimen- 
tally observed value is 361 kJ mall’. Thus, liquid 
metal transport through the metal channels does 
not control the rate of oxidation of Al to Al203 in 
the growth stage. 

Oxygen transport through alloy film 
Flux of oxygen. The flux of dissolved oxygen from 
the MgO/Al-alloy interface to the Al,O,/Al-alloy 
interface can be estimated using Fick’s law as: 

J = 16D,(Xb - x;) 
LVnl 

(8) 

where J denotes the flux of oxygen, Do is the 
diffusion coefficient of oxygen in molten alumin- 
ium, XL is the mole fraction of dissolved oxygen 
in the alloy film at the MgO/alloy film interface, 
Xg is the mole fraction of dissolved oxygen in the 
alloy film at the Al,O,/alloy film interface, L is the 
thickness of the alloy film, and V,,, is the molar 
volume of the alloy. The value of PO can be esti- 
mated from the MgO/Al-alloy equilibrium: 

MgO = Mg: + Q (1 mol%) (9) 

where Mg; and Q denote magnesium and oxygen 
dissolved in the alloy film respectively. From reaction 
(9) we get: 

(10) 

where AG”, is the standard free energy change of 
reaction (9) X,, is the mole fraction of magne- 
sium in the aluminium alloy, and -yMB is the activity 
coefficient for magnesium in liquid aluminium. A 
similar expression can be derived for Xf: from the 
Al,O,/Al-alloy equilibrium: 

Al*O3=24+ 3Q(l mol%) (11) 

x’d = exp(-AG”,/3RT) 

100 [YAI(l - x,,)l~ 
(12) 

where AGI is the standard free energy change of 
reaction (11) and yAI is the activity coefficient of 
aluminium in the alloy. It can be seen from eqns 
(10) and (12) that an increase in the Mg con- 
centration leads to a decrease in the dissolved 
oxygen concentration at the MgO/alloy interface and 
an increase in the dissolved oxygen concentration 
at the Al,O,/alloy interface. As a result, the rate of 
oxygen transport across the alloy film decreases 
[eqns (8) (10) and (12)]. Thus, with increasing Mg 
concentration in the alloy film, oxygen transport 
across the alloy film becomes an important trans- 
port step in the growth stage of directed oxidation 
of Al-Mg alloys. 

Oxygen pressure and time dependences of oxygen 

P ux. The Al-Mg alloy in the composite channels 
attains equilibrium with A1203/MgA1204.‘2*16~24 
Based on the available thermodynamic data,‘8m20 
this equilibrium alloy composition is 0.19 mol% 
Mg at 1373 K. The Ag-Mg alloy wicks through the 
metal channels, reacts with the dissolved oxygen 
and forms fresh alumina epitaxially on the existing 
alumina. The solubility limit for Mg in Al203 is 
0.012 mol% at 2073 K25 and the solubility 
decreases rapidly with decreasing temperature. As the 
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Table 4. Data used in the calculation of oxygen transport 
through the near-surface alloy layer 

Property 

Diffusivity of oxygen in 
molten aluminium” 
(m’ s-‘) 

Thickness of alloy 
layer (m) 

Oxygen concentration 
in the alloy film at 
the MgO/film interfaceh 
(mole fraction) 

Oxygen concentration 
in the alloy film at the 
AllO,/film interface” 
(mole fraction) 

Symbol Value Ref 

Do I.3 x 1O-8 23 

L 3 x 10-6 13 

G 2.5 x 1O-m5 18-20, 27 

xg 1.1 x 1O-6 18-20, 27 

“Tracer diffusivity of oxygen in molten aluminium is approxi- 
mated by the diffusivity of aluminium in molten aluminium. 
‘Oxygen concentrations calculated at 1373 K for Mg concen- 
tration of 0.19 mol% in the alloy film. 

aluminium in the alloy gets oxidized to alumina, 
the concentration of magnesium in the alloy film 
tends to increase to values higher than 0.19 mol% 
Mg. The build-up of magnesium concentration in 
the alloy film continues with time unless magne- 
sium back-diffusion down the metal channels into 
the bulk alloy occurs at appreciable rates. Since 
liquid metal transport through the channels to the 
reaction interface is fairly rapid, the solute enrich- 
ment is likely to continue. It can be seen from 
eqns (10) and (12) that when the magnesium con- 
centration in the alloy increases, the equilibrium 
oxygen concentration at the MgO/alloy interface 
decreases. At the same time, the dissolved oxygen 
concentration at the Al,O,/alloy interface increases. 
Thus, the increase of magnesium concentration in 
the alloy film leads to a lower oxygen concentration 
gradient across the film. As a result, the rate of 
oxygen transport in the near-surface alloy layer 
decreases with time. Furthermore, it is observed 
from eqn (8) that the rate is independent of oxygen 
pressure. These trends are consistent with the 
experimentally observed dependence of growth 
rate on time and oxygen pressure. 

As the growth stage progresses, continued Mg 
enrichment in the near-surface alloy film can lead 
to the precipitation of MgAl,O, spinel, between 
the MgO and the underlying metal, as observed by 
several investigators. 8,“,26 MgAl,O, forms beneath 
the MgO rather than on top of Al,O, owing to 
nucleation considerations.26 The spine1 subse- 
quently demixes due to the presence of the oxygen 
gradient across the alloy film, exposing the film to 
MgO. A fresh nucleation of Al,O, occurs on the 
existing alumina layer. 11*26 This is consistent with 
the proposed mechanism for the growth stage. 

The oxygen required for alumina formation is 
supplied by dissociation of MgO. The observed 
continuing decrease in the growth rate with time’ 
is consistent with our proposed model. 

Oxygen flux through the near-surface alloy layer 
and the growth rate. The data used in eqn (8) for 
calculation of the maximum rate of oxygen transport 
are presented in Table 4. Note that the oxygen 
transport rate would be maximum at the start of the 
growth stage when the Mg concentration in the alloy 
film corresponds to about 0.19 mol%, i.e. the Mg 
concentration in the alloy corresponding to the 
MgA120,/A1,03 equilibrium at 1373 K. The maxi- 
mum rate of oxygen transport at 1373 K is esti- 
mated to be 53.17 mg cm-’ h-‘. This value is 
within an order of magnitude of the experimentally 
observed maximum growth rate of 12.75 mg cme2 
h-‘. The estimated rate of oxygen transport would 
be exactly equal to the experimental growth rate 
for a metal layer thickness of about 12 pm. This 
value of thickness of the metal layer is higher than 
the values of 1 to 3 pm reported by Antolin et al.‘j 
However, this value is probably not unreasonable 
in view of the uncertainties involved in the calcu- 
lation, and the possibility that the metal layer 
thickness during the reaction may be higher than 
that observed after cooling to room temperature. 
The experimentally determined rate values are 
consistent with the possibility that oxygen trans- 
port through the metal layer is the rate-limiting 
step in the composite growth stage. 

Activation energy of oxygen flux across alloy film. 
Since the oxygen concentration at the MgO/alloy 
film interface is much higher than the dissolved 
oxygen concentration at the Al,O,/metal interface 
(Table 4), eqn (8) can be approximated as: 

(13) 

Using eqn (10) in (13) we get: 

J = 16D,exp(AH”,lR T)exp(AS”,lR) 

1 w+&/lg~ VIn 
(14) 

where AHO, is the standard enthalpy change for 
reaction (9) and ASo, is the standard entropy 
change for reaction (9). The activation energy for 
oxygen diffusion in liquid aluminium is small (6.1 

’ kJ mol- ). 23 Therefore, the variation of Do is 
insignificant over the temperature range of 1373- 
1450 K examined in this study. The activation energy 
for oxygen flux is deduced from eqn (14) as AH”,, 
and is equal to 243.6 kJ mol-‘.‘8-20*27 Thus, the 
observed activation energy and weight gain rate in 
the growth stage are in fair agreement with those 
predicted for oxygen transport through the near- 
surface alloy layer. Considerations of the liquid 
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Fig. 8. Weight gain versus time for Al-Mg-Si alloy at different 
temperatures: (a) 1393 K, (b) 1508 K and (c) 1612 K. The 
total pressure, oxygen pressure and the total gas flow rate 
were maintained constant at 93 303 Pa, 93 303 Pa and 8333 

mm3 s ’ STP, respectively. 

metal transport through channels in the composite 
or magnesium ion transport through the MgO 
layer cannot explain the observed oxidation 
behaviour. The predictions of the oxygen transport 
model are consistent with the observations of 
Vlach et aL8 and Xiao and Derby,16 who reported 
parabolic oxidation kinetics in the growth stage 
and an activation energy of around 270 kJ mol-‘. 
Thus, the transport of oxygen through the near- 
surface alloy layer is the rate-controlling event in 
the growth stage of directed oxidation of Al-Mg 
alloys in the temperature range 1373 to 1450 K. 

The proposed model for growth stage kinetics 
of AI-Mg alloys can be used to predict the effect 
of additional alloying elements on the growth rate. 
It is known that Ni additions to Al-Mg alloys 
refine the composite mic:rostructure.5 The effect of 
Ni additions on the composite growth rate can be 
predicted with the help of the oxygen transport 
model. There is a strong interaction between Ni 
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Fig. 9. Weight gain rate versus temperature for Al-Mg-Si 
alloy for an oxygen pressure of 93 303 Pa. The total pressure 
and the total gas flow rate were maintained constant at 

93 303 Pa and 8333 mm3 s-’ STP, respectively. 

Table 5. Growth rate of Al-Mg-Si alloy as a function of 
oxygen pressure at 16 12 K 

O.yygen pressure (kPa) 

93.3 
46.6 
23.3 

Growth rate (g m ’ s ‘) 

0.567 
0.522 
0,439 

and Al as indicated by the highly negative heat of 
formation of Ni-Al intermetallics.*’ Therefore, Ni 
additions to the Al-Mg alloy would be expected 
to reduce the activity coefficient of Al in the melt. 
On the other hand, Ni does not form highly stable 
intermetallics with Mg. *’ As a result, Ni would 
not be expected to influence the Mg activity 
coefficient in the Al melt. Therefore, it can be seen 
from eqns (8), (10) and (12) that Ni additions to 
an Al-Mg alloy would reduce the growth rate. 
Thus, in addition to refining the composite micro- 
structure,5 Ni additions would reduce the composite 
growth rate. 

Mechanism of oxidation of Al-Mg-Si alloys in the 
growth stage 
Figure 8 is a plot of weight gain versus time at 
various temperatures (1393-l 612 K) for an oxygen 
pressure of 93.3 kPa. The weight gain versus time 
data in the growth stage in Fig. 8, at a given tem- 
perature, could be fitted to a straight line. The 
average weight gain rates in the growth stage were 
plotted as a function of temperature in Fig. 9 and 
the activation energy is found to be 218 kJ mol-‘. 
Weight gain rates were also measured at different 
oxygen pressures at a temperature of 1612 K 
(Table 5). The experimental results indicate that 
the oxidation rate in the growth stage is indepen- 
dent of time and varies as PO”,. These trends are 
consistent with a situation where electronic trans- 
port through MgO controls the oxidation rate. 
This is consistent with the observation of Nagelberg 
et al.‘* that electronic transport controlled the 
growth rate of Al-Mg-Si alloys. Several important 
questions arise from the analysis of the data. How 
does silicon addition to Al-Mg alloy shift the 
oxidation mechanism from oxygen transport 
through the near-surface alloy layer to electronic 
transport through MgO? 

Influence of silicon on the oxygen transport through 
the alloy layer 
Formation of Mg-Si clusters in binary Mg-Si liq- 
uid solutions*’ indicates that silicon additions to 
Al-Mg alloys could affect the activity of magne- 
sium. The change in the activity of magnesium in 
the near-surface alloy layer, observed in directed 
oxidation, would affect the solubility of oxygen at 
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Fig. 10. Schematic description of estimation of Al-Mg-Si 
thermodynamics from the limiting binaries using the shortest 
distance composition path. Al-Mg-Si thermodynamics at 
composition A estimated from the thermodynamics of AI-Mg 
at composition P, of Mg-Si at composition Q and of AI-Si at 
composition R, respectively. Compositions P, Q and R were 
obtained by drawing perpendiculars from A to the three 

limiting binaries. 

the MgO/Al-alloy interface [eqn (lo)]. Silicon 
could also affect the Al activity in the alloy layer. 
Thus silicon additions are expected to alter the 
oxygen solubility gradient across the alloy film 
and, thereby, affect the rate of oxygen transport 
[eqn (S)]. The ff t f 1 e ec o si icon additions on the 
activities of Mg and Al in the near-surface alloy 
layer can be estimated from Al-Mg-Si ternary 
liquid solution thermodynamics. Though thermo- 
dynamic data on Al-Mg-Si liquid solutions are 
not available, they can be estimated as shown in 
Appendix B. The thermodynamics of Al-Mg-Si 
for the composition A is deduced from the thermo- 
dynamics of Al-Mg at composition P, Mg-Si at 
composition Q and Al-Si at composition R (Fig. 
10) by the equation: 

R7lny,, = XL’i(Xi + Xs’JAGr$?Ai-Mg 

(1 - XL,)* 

+ X&(X,4 + XsAi)AGZ&,-si 

(1 - Jzi,)’ 
(15) 

X,qX,4,AG ” _ m/Al SI - 

XRXF Al SI 

where yMg denotes the activity coefficient of Mg in 
the Al-Mg-Si ternary at the composition A, 
AG$Ai_Mp denotes the excess partial molar free 
energy of mixing of Mg in the Al-Mg binary at 
the composition P, AG~~Mg_si denotes the excess 
partial molar free energy of mixing of Mg in the 
Mg-Si binary at composition Q, and AGmX/SAI_si 
denotes the excess free energy of mixing of Al-Si 
binary at composition R. The symbols X/i,, XLg 
and X~i denote the molar compositions of Al, Mg 
and Si, respectively, at point A in the Al-Mg-Si 
ternary diagram. XI, and XL, denote the mole 
fractions of Al and Mg respectively at composition 
P, JJ’$,,~ and Xgi denote the mole fractions of Mg 
and Si respectively at composition Q, and Xf, and 
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Fig. 11. Calculated equilibrium solubility in the AI-Mg alloy 
film at (a) the MgO/alloy film interface and (b) the A1203/ 

alloy film interface, for varying magnesium contents. 

XsRi denote the mole fractions of Al and Si respec- 
tively at composition R. Similarly, the activity 
coefficient of Al in the Al-Mg-Si ternary can be 
deduced as shown in Appendix B. 

Figures 11 and 12 show the effect of Si on the 
oxygen solubility gradient across the alloy film for 
Al-Mg and Al-Mg-Si alloys, respectively. It can 
be observed that the presence of silicon in the melt 
reduces the oxygen solubility gradient in the alloy 
film from the MgO/Al-alloy interface to the 
Al,O,/Al-alloy interface. For the Al-Mg alloy used 
in this study, SiO, additions result in a silicon 
content in the alloy of 3.3 mol.%. Thermodynamic 
calculations indicate that silicon addition of 3.3 
mol% reduces the activity of Mg in the alloy chan- 
nels by a factor of 0.67 at a temperature of 1393 
K. However, silicon additions do not affect the 
activity of Al in Al-Mg-Si significantly. Equation 
(14) indicates that the rate of oxygen transport is 
inversely proportional to the activity of Mg in the 
near-surface alloy layer. Thus, for the alloy used 
in this study, silicon additions accelerate the rate 
of oxygen transport by a factor of l-5 at 1393 K. 
As a result of the enhanced oxygen transport, this 
step becomes less important in the oxidation of 
Al-Mg-Si alloys than in that of Al-Mg alloys. 

Influence of silicon on electronic transport through 

MgO 
Since silicon is present in the melt, a small propor- 
tion would be incorporated into the MgO which is 
present on top of the near-surface alloy melt. The 
dissolution of silicon in MgO would increase the 
concentration of magnesium ion vacancies accord- 
ing to the equation: 

where S&i represents the dissolved silicon concen- 
tration in MgO. It is seen from eqn (16) that silicon 
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Fig. 12. Calculated equilibrium solubility in the Al-Mg-3.28 
wt’%, Si alloy film at (a) the h4gOialloy film interface and (b) 
the Al,O,/alloy film interface, for varying magnesium 

contents. 

additions increase Vh,. Since the hole concentration, 
p, is inversely proportional to Vi, [eqn (4)], silicon 
additions would thus decrease p. It is known that 
the rate of electronic transport in MgO is propor- 
tional to the hole concentration, p [eqn (6)].‘* As a 
result, silicon additions to Al-Mg alloys decrease 
the rate of electronic tra.nsport through MgO. 

Thus, it is seen that silicon additions to Al-Mg 
alloys increase the rate of oxygen transport 
through the alloy film and decrease the rate of 
electronic transport through MgO, respectively. 
As a result of the reduced rate of electronic transport 
through MgO, this step becomes more important 
in the oxidation of Al-Mg-Si alloys than in that 
of Al-Mg alloys. The experimental results on the 
oxygen pressure and time dependences of the 
growth rate of Al-Mg-Si alloys are consistent 
with the characteristics of an oxidation reaction 
controlled by electronic transport through MgO, 
i.e. growth rate independent of time and propor- 
tional to PO”,. Thus, the addition of 3.3 mol% Si 
to Al-5.5 molO/o Mg shifts the oxidation mechan- 
ism from oxygen tran:sport through the near- 
surface alloy layer to electronic transport through 
MgO. 

Summary and Conclusions 

The oxidation rates in the growth stage of directed 
oxidation of Al-Mg and Al-Mg-Si alloys have 
been investigated. The weight gain rate in the 
growth stage of Ag-Mg alloys decreased with time 
and was independent of oxygen pressure. The acti- 
vation energy for the growth process was found to 
be 361 kJ mall’. The oxygen pressure, time and 
temperature dependences of the growth rate of 
Al-Mg alloys are consistent with the characteristics 
of an oxidation reaction controlled by oxygen 
transport through the near-surface alloy layer. 

The weight gain rate in the growth stage of 
Al-Mg-Si alloys was independent of time and 
proportional to P$ Analysis of the influence of 
silicon on the various steps in the growth stage 
indicates that silicon additions increase the rate of 
oxygen transport through the alloy layer and decrease 
the rate of electronic transport through the MgO 
layer. As a result, electronic transport through the 
outer MgO layer controls the growth stage mecha- 
nism in the directed oxidation of Al-Mg-Si alloys, 
which is consistent with the experimental results. 
Thus, silicon additions to Al-Mg alloys alter the 
oxidation mechanism from oxygen transport 
through the near-surface alloy layer to electronic 
transport through the MgO layer. 
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Appendix A: Determination of Rate Expression for 
Liquid Metal Transport 

The volumetric flow rate of the liquid alloy 
through existing capillaries in the composite is 
given by the Poiseuille equation: 

d V _ ?rR4AP 
dt 8lJX 

(AlI 

where R is the capillary radius, AP is the pressure 
difference driving the flow, p is the viscosity of the 
liquid alloy, and x is the depth of penetration of 
the liquid at time t. The pressure difference, AP, 
can be represented as: 

AP = P, - P, - P, &‘I 

where PC is the capillary pressure, P, is the vapour 
pressure of magnesium in the channel, and P, is 
the gravitational pressure due to the weight of the 
liquid in the channel. The capillary pressure, PC, 
driving the flow is given by the expression: 

p = 2Y,“COS 0 
c R (A3) 

where yLv is the surface tension of the liquid 
aluminium alloy and 6 is the contact angle between 
the liquid Al-alloy and alumina. Exact values of 
the contact angle, 0, and the surface tension, yLv, 
are not available. However, they can be estimated 
as shown below. 

From Young’s equation,29 we have 

YLV cos 0 = Ysv - YSL 644) 

where ysv is the surface energy of alumina and ysL 
is the interfacial energy between the molten 
aluminium alloy and the solid Al,O,. Since the 
metal channels are present in the grain boundaries 
of alumina,’ the metal is considered to have spread 
along the grain boundaries. The condition for 
metal spreading is given by the following equation: 

(A3 

where yss is the grain boundary energy in alumina. 
A lower estimate for yLv co& is, therefore, given as: 

3/LV case = ysv -y W) 

From eqn (A4) it can be seen that the higher estimate 
for yLv cos0 can be determined by setting ysL as 
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zero. The values of ysv and yss can be estimated 
from the data of Nikolopoulos.30 The lower and 
the higher estimates for yLv cos0 at 1373 K are 
0.9455 and 1.4826 J rnm2: respectively. 

For the lower estimate of yLv cos0, PC is 9.884 
X lo5 N m-* at 1373 K. From Table 3, it is seen 
that Pg and P, are much smaller than PC and are 
therefore neglected in lthe determination of AP. 
Therefore, the mass flow rate of Al, (dM/dt) in 
mol s’, through a single metal channel is given as: 

dM d V _ pA,7rR3yLv cos0 
dt = PAI dt - 

4PX 
(A7) 

Iff is the ratio of the total metal channel area to 
the area of the composite, the total mass flow rate 
of Al per unit area of the composite is (j7rrR2) 
(dM/dt). Formation of alumina requires 48 g of 
oxygen for every 54 g of aluminum. Hence the 
oxygen weight gain rate per unit area, J, is given 
as: 

Equation (Al) can be rewritten as: 

qR2cx _ rR4AP _ rR3ycos0 

dt ~/LX 4px 
649) 

Integrating eqn (A9) we get an expression for the 
depth of liquid penetration, x, as a function of 
time, t: 

x =[ Rty;gosO I” 

Using the above expression for x 
get a relation between the flux, J, 
oxidation, t: 

(AlO) 

in eqn (A8) we 
and the time of 

J= ??fy 
[ ;ZRy:;cosB I” 

(Al 1) 

Appendix B: Determination of Al-Mg-Si Liquid 
Solution Thermodynamics 

The thermodynamics of Al-Mg-Si liquid solutions 
can be estimated from the three limiting binaries 
(AI-Mg, Mg-Si and Al-Si) using the shortest distance 
composition path. 3’ The thermodynamics of three 
limiting binaries (Al-Mg, Mg-Si and Al-Si) is 
well understood.‘8,28*32 The primary advantage of 
this technique, over other empirical techniques 

used for thermodynamic estimation, is that the 
binary values incorporated into eqn (15) correspond 
to the binary compositions closest to the ternary 
point A (Fig. 10). The excess free energies of mixing 
for the Al-Mg, Al-Si and Mg-Si binaries can be 
deduced from experimental data reported in the 
literature ‘8.28.32 For a given ternary composition A 
(Fig. lo),’ XAp,, XP,,, Y&, X,ai, Xt, and XFi can be 
determined as shown below. These, along with the 
thermodynamic data of the binaries, can then be 
incorporated into eqn (15) to determine the 
activity coefficient of Mg in the Al-Mg-Si ternary. 

x,p,= J$j+ x,q 
2 

xjMg = x$@+ F 

J-Q. = ~4 + x,4 SI SI 
2 

xf, = x,q + x”Mp 
2 

X~i= X~ + x”Mr 
2 

The activity coefficient of Al in the Al-Mg-Si 
ternary can-be similarly estimated from the limiting 
binaries using the following equation:” 

RnnyAl = eio-A,, + X!JAGAXISA\-Si 
(1 - Jzl>’ 

+ elgcx”,, ’ x,“,)Ac,“,R,-Mg 
(1 - xIJ2 

032) 

where yA1 denotes the activity coefficient of Al in 
the Al-Mg-Si ternary at the composition A, 
AG;yAi_M% denotes the excess partial molar free 
energy of mixing of Al in the Al-Mg binary at the 
COInpOSitiOn P, AGAXISAI_si denotes the excess partial 
molar free energy of mixing of Al in the Al-Si 
binary at composition R, and AG,X,S,,si denotes 
the excess free energy of mixing of Mg-Si binary 
at composition Q. 
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Abstract 

Controlled wet erosive wear tests were performed 
on polycrystalline alumina specimens of mean grain 
size G = 1.2, 3.8 and 14. I pm and on sapphire 
specimens. The tests were performed by using an 
apparatus consisting oj- a jet body that rotates 
immersed in the slurry medium (Sic grits). Impacts 
are normal to the target surface. The construction 
and calibration of the apparatus are described. The 
impacting velocity used was 2.7 m s-‘. The weight 
loss of polycrystalline alumina and sapphire specimens 
increased linearly with impacting time. The wear rate 
of polycrystalline alumina specimens increased with 
grain size. Wear rates 01’ 1.83, 8.36 and 11.3 nm s’ 
correspond to G = 1.2, 3.8 and 14.1 pm, respec- 
tively. For sapphire specimens the wear rate was 
9.56 nm s-“. Worn surfhtces of both polycrystalline 
alumina and sapphire specimens were analysed by 
scanning electron microscopy. 0 1996 Elsevier 
Science Limited 

1 Introduction 

It is well known that the wear resistance of poly- 
crystalline alumina matlerials has a strong depen- 
dence on grain size. For example, in wear due to 
sliding,lm5 grinding,5,6 sawing,’ dry erosion’ and 
wet erosion,’ the wear rate increases with the grain 
size. 

In the study of wet erosive wear of a series of 
polycrystalline alumina specimens reported by 
Miranda-Martinez et al.,9 the tests were conducted 
using an apparatus where the specimens were discs 
clamped between blocks of polyurethane in a central 
shaft that rotates immersed in a pot filled with slurry. 
Approximately 50% of the disc area was exposed 
to impacts. The most worn area was the lower 
part (bottom) of the (exposed area. Using this 
tester, it is quite difficult to control some important 

*To whom correspondence sh.ould be addressed. 

parameters, such as impact velocity, impact angle 
and the number of impacting particles per unit of 
time. 

Several other types of wear tester have been 
used to study the mechanisms and rates of erosion 
produced by single and multiple particle impacts, 
carried by either wet or dry media, on brittle 
materials.‘0-20 None of these machines is suitable 
for the study of the early stages or basic mechanisms 
of surface damage, because even for a very short 
test time the amount of material removed is large 
and the control of impacting angle is quite difficult. 

Here we report the design and use of a new 
slurry wear tester. Controlled particle impacts are 
produced normal to the test surface. The velocity 
of impacting particles was determined by comparing 
the crater depths produced by particle impacts and 
hardness indentation, Normal particle impact 
tests were performed on polycrystalline alumina and 
sapphire specimens using SIC grits in water as the 
eroding medium. In order to observe the evolution 
and mechanisms of surface damage in the early 
stages of wear on a polished surface, tests were 
performed for 1 and 15 min. To measure the 
weight loss and wear rate, tests were of 660 min 
duration. 

2 Wear Machine - Construction and Calibration 

2.1 Description 
The rotating jet slurry wear tester is shown 
schematically in Fig. 1. It consists basically of 
three parts: (1) an electric motor, (2) a jet body- 
sample holder and (3) a slurry pot. The motor 
operates at nominal rotating speeds ranging from 
10 to 200 rev min. The jet body-sample holder is 
mounted on one end of a 275 mm stainless steel 
arm attached to a stainless steel shaft connected to 
the motor. At the other end of the arm a stainless 
steel paddle is attached to mix the slurry. Both the 
jet body and the paddle rotate in a groove delimited 
by the pot’s inner wall and a fibreglass cylinder in 

1365 
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the centre of the pot. The groove width is 65 mm 
and the jet body rotates 20 mm from the bottom 
of the pot in the groove. A buffer system is 
mounted 3 mm above the rotating arm in order to 

S. G. Roberts 

prevent the slurry from rotating with the jet body. 
The buffer system consists of eight stainless steel 
blades. The pot is placed on a table and attached 
to a mechanical jack to control its position in 

electric motor 

table 

jac 

275 
Fig. 1. Schematic diagram of the wear test machine. The machine consists of three parts: a motor, rotating jet body and slurry 

pot. Dimensions are in mm. 

Fig. 2. The jet body-sample holder, showing the sample holder, slurry exhaust and funnel-nozzle system. 



relation to the rotating arm. The jack also is used 
to lower and lift the pot during specimen and slurry 
changes. 

The jet body-sample holder is made of nylon 
and consists of a funnel-nozzle and a lid as shown 
in Fig. 2. The diameters of funnel mouth and noz- 
zle are 50 and 5 mm, respectively. The ratio of 10 
between the funnel mouth and nozzle is responsible 
for accelerating the slurry when the jet body 
rotates. The sample holder is a nylon disc (40 mm 
diameter) placed in the bottom of the lid. 
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If a spherical particle strikes a metal surface, 
at low speed, producing plastic deformation, the 
crater size and maximum penetration should be 
a function solely of the normal kinetic energy during 
the impact. According to Hutchings,2’ approximately 
90% of the particle’s kinetic energy, during normal 
impacts on soft metals, is dissipated in plastic 
deformation (-80% heat and -10% stored energy) 
and 10% is used in rebound velocity. The dissipated 
energy due to plastic deformation is given by 

Kimp = ~(Vimp - v’,) = +v&(l - e2) (3) 

2.2 Calibration 

2.2. I Theoretical consideration-impact velocity 
When a jet body rotates at a frequency f in a 
fluid, its linear velocity vf can be calculated by 

vf = 29rr, f (1) 
where r, is the rotating a.rm length. If the jet body is 
a funnel-nozzle system, the velocity at which the 
fluid flows into the funnel is the same as the veloc- 
ity vf of the jet body. Hence, the velocity of the 
fluid at the nozzle v, is given by 

(2) ( 1 
2 

v, = 2rr+-- r,v 
” 

where rf and r, are the radii of the 
nozzle cross-section areas, respectively. 

funnel and 

where m is the mass of particle, Vimp is the normal 
impact velocity, e is the coefficient of restitution 
(VJvimp) and v, is the normal rebound velocity. The 
fraction of the kinetic energy at impacts that is dissi- 
pated in plastic deformation is given by (1 - c?), and 
e varies with impact velocity as shown by Kosel et 
al.” On the other hand, if the same sphere is slowly 
loaded onto the same soft surface, the work done 
by the load to produce plastic deformation (plastic 
work) during indentation (of depth h,,,) is given by 

Pdh = Ph,,, (4) 

where P is the indentation load and h,,, is the 
maximum penetration of the spherical indenter 
(indentation depth). 

(4 (W 
Fig. 3. Optical micrographs of (a) ballotini (lead glass beads) and (b) Sic grits. 
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Assuming that the response of soft materials to 
plastic deformation is independent of strain rate2’-24 
so that the depths of the craters produced by single 
particle impacts and slow load indentation are the 
same, the velocity of single particle impacts can be 
calculated by combining eqns (3) and (4). 

112 

Vimp = 
1 

2f’hmax 

m(1 - e2) 1 (5) 

where P is the applied load to produce an indenta- 
tion of the same size as the single particle impact 
crater of depth h,,,. 

The depth, h,,, can be calculated by Pythago- 
ras’ theorem: 

h max = R - (R2 - r2)“2 

where R is the radius of the spherical indenter and 
r is the radius of the crater produced either by sin- 
gle particle impact or slow load indentation. 

2.2.2 Measurement method - impacting velocity 
The velocity of normal particle impacts in this 
apparatus was calculated by measuring the crater 
depth produced by single particle impacts onto 
soft metal and using the energy balance model. 

Lead glass beads (ballotini), provided by Jencons 
Scientific Limited, Leighton Buzzard, UK [Fig. 3(a)], 
were used as impacting particles and OFHC cop- 

Table 1. Jet body rotating speed (f), and velocity of the fluid 
at the funnel entrance (vf) and at the nozzle exit (v,) 

Jet body rotating speed vt v,, 
f (m 3 ‘) (ms’) 
(rev min ‘) [eqn 11/l leqn (I)1 

60 0.63 13.29 
80 0.84 17.73 

100 1.04 22.16 
120 1.26 26.59 
140 I.41 31.02 
160 1.67 35.45 
180 1.88 39.88 
200 2.10 4432 

Mean diameter 675 pm 

Bead diameter (pm) 

Fig. 4. Size distribution of 200 ballotini. The mean diameter 
is 675 pm. 

per as the target material. The rotating speed f of 
the jet body immersed in the slurry was measured 
using a tachometer. Table 1 shows the values of vf 
and v, for each rotating speedf. 

A histogram of the diameter of 200 ballotini, 
measured using a micrometer, is shown in Fig. 4. 
The average diameter is 675 pm. The average 
weight of a ballotino was determined (by weighing 
600 beads) as 5.625 X lo4 g. OFHC copper bars 
of 2 X 3 X 3 mm were cut, annealed at 300°C for 
1 h, mechanically ground with 1 pm alumina 
slurry and polished on 14, 6 and 1 pm diamond- 
paste impregnated cloths. To obtain strain-free 
and highly reflecting surfaces, the specimens were 
electropolished for 15 min, at 1.8 V DC, using a 
copper cathode, in a solution of 700 ml of 
orthophosphoric acid and 300 ml of distilled 
water. 

The copper bars were mounted in the jet body 
system. The specimen surface was positioned at 
3 mm from the end of the nozzle, facing normal 
to its centre. The slurry consisted of 1 kg of ballo- 
tini dispersed in 8 litres of water. Each test was 
performed for a time of 15 s, chosen so as to make 
it possible to measure crater diameters by giving a 
sufficient number of craters produced by single 
particle impacts without a large number of craters 
overlapping. Two rotating jet body speeds (140 
and 180 rev min-‘) were tested. For each speed, 30 
isolated craters were measured and the correspond- 
ing crater depths were calculated by using eqn (6). 

The value of the coefficient of restitution used 
in the present work was the same as that used by 
Clark25 and measured by Kose126 for 635 pm steel 
spheres on OFHC copper specimens. The coeffi- 
cient of restitution decreases from 0.43 to 0.30 as 
the impact velocity increases from 5 to 27 m s-‘. 
The value for the coefficient of restitution used in 
all our calculations was 0.36. 

A ballotino was mounted in the tip of an indenter 
of a microhardness tester (model MHT-1, Mat- 
suzawa Seiki Co. Ltd, Tokyo, Japan). Indentations 
of 0.5, 1, 2, 3, 5 and 10 N were then performed on 
the OFHC copper specimens. The indentation 
holding time was 5 s. For each load a set of 20 
indents was performed and the sizes of the inden- 
tations were measured using an optical system on 
the microhardness tester; the indentation depth 
was then calculated using eqn (6). The test was 
repeated for two spherical steel ‘indenters of 500 
and 1000 pm diameter to compare the crater sizes 
produced by a given indentation load. 

2.2.3 Calibration results 
The sizes of indentations produced by slow load 
indentation on OFHC specimens are shown in 
Fig. 5. In this plot there are three curves which 
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correspond to the indentation depth produced by coefficient of restitution (0.36) in eqn (8); the 
spherical indenters of mean diameters 500, 675 results are shown in Table 2. For a rotating speed 
and 1000 pm. The depth increases linearly with of 140 rev min’ the impact velocities range from 
the applied load and, for a given load, the inden- 0.28 to 0.52 m ss’. For a jet body rotating speed of 
tation depth decreases as the indenter diameter 180 rev min-’ the impact velocities range from 
increases. 1.78 to 2.96 m s? . 

A best-fit polynomial regression of first order for 
the indentation depth versus load curve produced 
by the 675 pm ballotino indenter is given by the 
following equation 

himp = (0.10756 + 0.62157 P) X 1O-6 (7) 

where P is the applied load to produce plastic 
deformation of depth himp. Inserting the above 
equation into eqn (5), tlhe particle impact velocity 
(Vimp) can be determined by measuring the depth 
of craters produced by impacts himp as 

Figure 7(a) shows a micrograph of indentations 
produced by slow loads (5 s holding time) of 0.5, 
1, 2, 3, 5 and 10 N, using a baliotino indenter, 
while Fig. 7(b) shows a micrograph of craters pro- 
duced by single ballotino impacts onto an OFHC 
copper specimen at 180 rev min. Typical impact 
crater dimensions of 0.815 and 1.26 pm diameter 
correspond in size to indentations made with 1 
and 2 N loads, respectively. 

2 
hi,!,- 

0.10756 X 1 0m6 
Ii2 

Vimp = 
m(1 - e2) Cl.62158 x 1O-6 

1 himp 1 (8) 
Figure 6 shows the distribution of crater depths 

produced by single ballotino impacts. In Fig. 6 (a) 
(140 rev min’), crater depths range from 0.11 to 
0.45 pm; in Fig. 6(b) (180 rev min’), crater depths 
range from 0.78 to 1.61 pm. This scatter in crater 
depth can be attributed to: 

(1) The ballotini used as impacting particles 
showed a scatter in size, as shown in Fig. 3; 
and 

(2) fluid turbulence causes particles to collide 
with each other and with the nozzle wall, 
which decelerates them and changes 
their trajectory before striking the target. 
Some researchers27%28 attributed some decelera- 
tion to the formation of a thin layer of 
water between the particles and the target 
during impacts. 

Impact velocities were calculated using the most 
frequent crater depths (Fig. 6), the average mass 
of the impacting particle, (5.625 X lO”g) and the 

0 2 4 6 8 10 

Load (N) 

Fig. 5. Slow load indentation into OFHC copper. The inden- 
tation depth increases linearby with the indenter diameter for 
loads ranging from 0.5 to 10 N. For a given load, the smaller 

the indenter, the deeper the crater produced. 

Crater depth (ym) 

251 

(4 

Fig. 6. Crater size distribution produced by single ballotino 
impact at normal incidence onto OFHC copper specimens. Jet 

body rotating speeds (a) 140 and (b) 180 rev min-‘. 

Table 2. Impact velocities calculated using eqn (8) corre- 
sponding to the most frequently observed crater depths pro- 
duced by rotating speeds of 140 and 180 rev min’ 

Rotating Crater depth Crater depth Impact velocity 
speed, f 
(rev min-‘) 

hbzp (~1 frequency 
[eqn (6)l 

viny3 (m 3-I) 

% [eqn @)I 

0.20 11.36 0.28 
140 0.25 9.09 0.42 

0.27 20.45 0.47 
0.29 22.72 0.52 

0.85 10X)0 1.78 
180 0.92 13.33 1.95 

1.16 6.66 2.47 
1.24 23.33 2.66 
1.38 2oxlO 2.96 
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3 Wet Erosive Wear Tests on Polycrystalline 
Alumina and Sapphire Specimens 

3.1 Sample fabrication 
Polycrystalline alumina materials were fabricated 
using high purity, (99.9%) a-A&O3 powder (Sum- 
itomo AKP-50, Japan) of mean particle size 
-180 nm. Alumina specimens of mean grain size G 
= 1.2 pm (referred to later as F) were produced 
by hot-pressing the powder in a 25 mm diameter 
graphite die at 20 MPa and 1300°C for 30 min. 
Specimens of grain size 3.8 and 14.1 pm (referred 
to later as M and C, respectively) were produced 
by pressureless-sintering, in air, of powder discs 
37 mm diameter that had been uniaxially pressed 
at 50 MPa in a stainless steel die then cold-isostat- 
ically pressed at 300 MPa. The sintering conditions 
and characteristics of the hot-pressed alumina 
specimens are shown in Table 3. 

3.2 Wet erosive wear tests 
The specimens were cut into bars of dimensions 9 
X 4 X 4 mm, mechanically ground with 14 pm 
Sic slurry, polished on cloths impregnated with 
6 pm polycrystalline diamond and finished with a 
‘Syton’ polish. The tests were done in a slurry 
medium of 1.5 kg of Sic grits with a mean size 
of -780 pm and a mean mass of 9.10 X lOA g, 

dispersed in 8 litres of water. Sic grits (specified as 
24 C6) were provided by Washington Mills, Electra 
Mineral Ltd, Manchester, UK. [Fig. 3(b)]. The jet 
body rotating speed was 180 rev min-‘. Assuming 
that the 780 pm diameter Sic grit particles travel 
at the same velocity as 675 pm ballotini under the 
same fluid flow conditions, the impact velocity is 
most likely to be 2.7 + 0.4 m s-’ (Table 2). 

Tests were performed for different periods, 1 
and 15 min, to observe the mechanisms and evolu- 
tion of surface damage, and for 660 min to measure 
the weight loss of each specimen. The wear rate, R, 
was calculated as: 

Table 3. Sintering and hot-pressing conditions and character- 
istics of polycrystalline alumina specimens 

Material Sintering condition Bulk density Mean grain size 
(g UK’) (w) 

Temp. Holding time 
Cc) (4 

M 1450 3 3.938 3.8 f 0.8 

C 1600 3 3.947 14.1 f 1.5 

Material Hot-pressing condition Bulk density Mean grain size 
(g cm”) (run) 

Temp. Pressure 
(“c) (MPa) 

F 1300 20 3.89 1.2 f 0.5 

(4 (4 
Fig. 7 Optical micrographs (Nomarski interference contrast). (a) Craters produced by slow indentation at loads of (X) 0.5 N, 

(*) 1 N, (0) 2 N, (+) 3 N, (0) 5 N and (0) 10 N and (b) craters produced by normal particle impacts at 180 rev min-‘. 
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R=- Aw 
AinqPA t 

(9) 

where Aw = w - w,. w. is the specimen weight before 
testing (to) and w is the specimen weight after test- 
ing for a time t. Aimp is the impacting area (worn 
area) and p is the specimen density. 

4 Wet Erosive Wear Results of Polycrystalline 
Alumina and Sapphire Specimens 

Figure 8 shows worn surfaces of polycrystalline 
alumina, mean grain size G = 1.2, 3.8 and 

(a) 

Fig. 8. (a) Frontal and (b) lateral views of the eroded surfaces 
of polycrystalline alumina [grain sizes 1.2 (F), 3.8 (M) and 
14.1 pm (C)] and sapphire (S) specimens. Erosion rate 

increases with grain size. 

14.1 pm, and sapphire specimens, due to normal 
particle impacts at -2.7 m ~~‘(180 rev min-‘) for 
660 min. The frontal view of the worn area for 
each specimen is shown in Fig. 8(a). For the same 
worn area the greatest amount of material 
removed is for the coarse-grained specimen, and 
this decreases as the grain size of the specimens 
becomes finer. This is more evident in the lateral 
views of the worn area as shown in Fig. 8(b). Notice 
that for all specimens the area exposed to impacts 
is the same although the damage depth varies. 

Scanning electron micrographs of worn surfaces 
of polycrystalline alumina, G = 1.2, 3.8 and 
14.1 pm, and sapphire specimens due to tests run 
for 1, 15 and 660 min at 2.7 m s-’ impact speed 
(180 rev min’) are shown in Figs 9, 10 and 11, 
respectively. In tests run for a short period of time 
(Fig. 9), single particle impacts produce clusters 
of damage which may be isolated or linked to 
each other. Also, there is some plastic deforma- 
tion similar to that produced by Vickers hardness 
indentation. At this early stage of damage it is 
already clear that the wear of the polycrystalline 
alumina specimens is grain-size-dependent. The 
damage evolution is clear for tests run for a longer 
period of time (Fig. lo), where loss of whole 
grains and transgranular fracture are already evi- 
dent. At a later stage (Fig. 11) the damage is 
much more severe and grain loss and transgranu- 
lar fracture are predominant. Notice that for the 
finest grain size specimen (G = 1.2 pm) plastic 
deformation or polishing is always present. 

The weight loss versus impacting time for each 
specimen is plotted in Fig. 12. The weight loss 
increases linearly with time. The weight loss of 
polycrystalline alumina specimens increases with 
the grain size. 

Figure 13(a) shows the wear rate for polycrys- 
talline alumina and sapphire specimens calculated 
using eqn (9). The worn area was measured directly 
on the specimens and was the same for all speci- 
mens, 3.32 X 1W5 m*. The density for polycrystalline 
specimens was taken as in Table 3, and for the 
single crystal specimen as 3.98 g cme3. The coarse- 
grained specimen, C, exhibited a wear rate about 
one order of magnitude higher than that of the 
finest grain size specimen, F. For the sapphire 
specimen, S, the wear rate was intermediate 
between those of the medium grain (M) and 
coarse grain (C) specimens. 

The wear rates due to normal particle impacts 
presented here are apparently about 10 times 
lower than the results presented by Miranda- 
Martinez et aL9, Table 4, for specimens of the 
same grain size and sintered under the same con- 
ditions. However, the two experimental methods 
used vary in the following respects. 
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Fig. 9. Scanning electron micrographs of eroded surfaces of polycrystalline alumina [grain sizes 1.2 (F), 3.8 (M) and 14.1 pm (C)] 
and sapphire (S) specimens. Test time: 1 min. 

Fig. 10. Scanning electron micrographs of eroded surfaces of polycrystalline alumina [grain sizes 1.2 (F), 3.8 (M) and 14.1 pm 
(C)] and sapphire (S) specimens. Test time: 15 min. 
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(1) 

(2) 

(3) 

The particle flux -- in our experiments this 
is 8.6 X 10’ particles me2 s-‘; for Ref. 9 we 
estimate (using data from Riley2’) a flux 
of 1.92 X lo9 particles me2 s-‘. In Fig. 13(b) 
and Table 4, results are shown normalized 
to the same flux, as erosion rate per impacting 
particle. The erosion rates from Ref. 9 are 
then approximately four times lower per 
particle than in our results. 
The velocity of impact - this is -2.7 m s-’ 
in our experiments, -1.9 m s-’ in those 
of Ref. 9. Lower impact velocities would be 
expected to give lower erosion rates. 
The angle of incidence of the particles - in 
our experiments this is always 90”; in those 
of Ref. 9 the angle is not controlled and 
probably ranges from 0 to 90”. For ceramic 
materials, the erosion rate decreases markedly 
as the impact angle decreases from 90”. 

Both the last two factors will tend to give lower 
erosion rates per impacting particle for the results 
of Miranda-Martinez et al9 as observed. 

5 Conclusions 

A new apparatus to study the erosive wear mecha- 
nism of brittle materials due to normal particle 

impacts has been designed and constructed. The 
apparatus consists of a jet body (funnel-nozzle) 
which rotates immersed in a slurry medium in a 
pot. 

The velocity of particle impacts was determined 
by a model [eqn (S)] based on the balance between 
the kinetic energy of a spherical particle and the 
work of slow load indentation of a spherical 
indenter to produce the same plastic deformation 
in soft materials. The model enables us to calculate 
the normal impact velocity solely as a function of 
the crater depth produced by impacts. 

0 2 4 6 8 10 12 14 16 

Impacting time (x3600 set) 

Fig. 12. Weight loss versus impacting time. The weight loss 
increases linearly with test duration, and depends strongly on 

grain size. 

Fig. 11. Scanning electron micrographs of eroded surfaces of polycrystalline alumina [grain sizes 1.2 (F), 3.8 (M) and 14.1 pm 
(C)] and sapphire (S) specimens. Test time: 660 min. 
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Worn surfaces of polycrystalline alumina speci- 
mens produced by normal particle impacts at 
-2.7 m s-’ for test times of 1, 15 and 660 min were 
studied. The wear mechanism at the early stage of 
damage is similar to that at a later stage where 
severe damage has taken place. 

Weight loss of polycrystalline alumina and sapphire 
specimens due to normal particle impacts of Sic 
grits in water increased linearly with impacting time. 

I - I ’ ! * 

SO- 
Particle impacts ..- 

. This study (WO incidence) 
. . . . . . . 

_ . Ref.[P] (<90” incidence) 

0 5 10 15 

Grain size (pm) 

(a) 

20 - I x I ‘ I ’ ! - I * I - 
Particleimpacts : : 

. This study (90’ inc~dmce) 

16- . Ref [9] (<90” incidence) 

2 : : : 

Grain size (pm) 

(b) 

Fig. 13. Wear rate versus grain size for normal incidence (this 
study) and from the study of Miranda-Martinez et aI9 The 
wear rate increases with grain size and sapphire specimens 
exhibit behaviour intermediate between those of medium- and 
coarse-grained polycrystalline alumina specimens. Erosion 
rates (a) uncorrected, (b) corrected for different particle fluxes 
in the two experiments. Erosion rates per particle (b) due to 
normal impacts are higher than those due to lower impact 

angles.’ 

Table 4. Erosion rate of polycrystalline alumina and sapphire 
specimens, from this study (normal impacts, 90’) and from 

Ref. 9 (lower incidence angles. ~90”) 

Specimen 
grain size 

(run) 

Erosion rate Erosion rate 
(run s-‘) (I&’ m’ per particle) 

Impacts at Impacts at 

90” <90” 90” <90” 

1.2 1.83 rf: 0.7 5.9 2.12 + 0.08 0.27 
3.8 8.36 + 0.8 45.6 9.72 f 0.09 2.37 

14.1 11.30 + 0.6 61.0 13.14 f 0.06 3.18 
Sapphire 9.56 f 0.6 28.6 11.20 & 0.08 1.48 

The measured wear rate of polycrystalline alu- 
mina specimens is grain-size-dependent, being 
about one order of magnitude greater for Al,O, of 
14.1 pm grain size than for 1.2 pm grain size. For 
sapphire, the wear rate is between those of the 
medium and coarse grain size polycrystalline 
alumina specimens. 

The erosion rates per impacting particle from 
our study are about four to 10 times higher than 
those of Miranda-Martinez et a1.,9 which we 
attribute to the effects of impacting angle3’ and 
particle velocity on erosion rate. 
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Abstract 

A new model of ceramic creep in four-point bending 
is proposed to determine the creep rate that corre- 
sponds to tensile creep at an elevated temperature. 
Based on the assumption that ceramics creep only 
in tension and there is no creep in compression, 
the tensile creep rate which is invariant with time in 
the secondary mode is calculated in a simple way. 
Since the initially applied maximum tensile stress 
does not correspond to the stress at the secondary 
creep range, the creep-induced stress at the time of 
measurement is calculated based on beam deflection. 
Then, the calculated tensile creep rates from four- 
point bending data are compared with observed ten- 
sile creep rates for both an alumina ceramic at 
1000°C and a silicon nitride ceramic at 1200°C. 
This study shows the usefulness of JEexural creep 
tests not only to vertfy the accuracy of tensile creep 
tests, but also to obtain the tensile creep data in 
a less expensive and easier way. 0 1996 Elsevier 
Science Limited 

Introduction 

A knowledge of the creep behaviour of ceramic 
materials is of importance in computing their life- 
time at high temperatures. For brittle ceramic 
materials, the power-law creep parameters are 
commonly deduced from load-point displacement 
data generated by four-point bend experiments 
under the assumption that tensile and compres- 
sive behaviours obey the same constitutive law. 
However, because of the microcracking and cavita- 
tion that occur preferentially under tension, it is 
now well recognized’y2 that this premise may not 
always be valid. Also, bend data reflect a combi- 
nation of tensile and compressive responses, so 
individual effects of creep deformation and damage 
evolution cannot be distinguished readily. The real 
stress/strain in a flexural creep test cannot be 
calculated properly unless an evaluation of the 

creep parameters describing compressive and ten- 
sile creep is considered. Therefore, flexural creep 
measurements for ceramic materials are easy to 
perform, but difficult to analyse. 

For reasons of simplicity and economy, however, 
ceramic tensile responses are evaluated by bend 
tests.3,4 There are also rigorous efforts to esti- 
mate the uniaxial creep behaviour.‘,’ But the flexu- 
ral creep tests have been analysed by the method 
of Hollenberg et aZ.,6 who assumed that the neutral 
axis is the midplane of the flexure specimen. This 
approach was widely used to interpret and calculate 
the ceramic creep versus stress as if compressive 
and tensile creep behaved symmetrically in ceramic 
materials.3%7 

Chuang’ analysed flexural creep for materials 
whose compressive and tensile creep behaviours 
are not symmetrical. Using the power-law function 
of stress to present the strain rate in secondary 
creep, he presented the two governing equations 
to derive the location of the neutral axis of 
a beam under bending as related to the curvature 
rate. That axis does not pass through the centroid 
of the beam’s cross-section. To solve complicated 
functions, he adopted an approximation method 
of double integration to estimate the variation of 
the neutral axis curvature. As pointed out by 
Krause,8 Chuang’s analysis is awkward to execute 
and its accuracy is limited to the size of the incremen- 
tal step in the curvature rate generated in his 
approximation. Also, experimental implementation 
to measure accurately the curvature is extremely 
difficult. Therefore, many researchers’si measured 
the creep behaviour of ceramic materials using 
the method of Hollenberg et aL6 until recently, 
even though such calculations involve error if 
the materials behave differently in compressive 
and tensile creep. Indeed, Ferber et al9 found that 
the compressive and tensile creep properties are 
not symmetrical by measuring directly the compres- 
sive and tensile properties of the same material. 
However, they proceeded to predict values of flex- 
ural strain and flexural creep rate using the relation 
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that the midplane of the specimen is the neutral 
axis of strain. Frett et al.” also investigated 
the creep behaviour of a ceramic in four-point 
bend tests and showed the relations between the 
local creep state in transient and stationary creep 
ranges and the global deformation. They also con- 
cluded that stationary creep under compressive 
stresses must be negligible. 

The objectives of this study are to offer a simple 
analytical model to estimate the tensile creep rate 
from four-point bending data. By introducing cer- 
tain hypotheses on the creep and subsequent 
mathematical modelling of the situation, the experi- 
mental creep data of Ferber et ~1.~ are recalculated 
and then the measured tensile creep rate is com- 
pared with the calculated tensile creep rate. Various 
aspects of these results are discussed. This study 
not only shows the usefulness of flexural creep 
tests to verify the accuracy of tensile creep tests, 
but also provides a simple way to calculate tensile 
creep rate during the secondary mode of creep 
in flexure without using the compressive and tensile 
properties of the same material. 

A Simplified Model of Tensile Creep During Four- 
Point Bending 

As is evident from an analysis of relevant litera- 
ture,3*8 most ceramic materials creep in tension 
much more easily than in compression. The presence 
of such creep micromechanisms as growth of 
pores or grain boundary sliding accounts for 
the difference. Recently, Frett et al.” concluded 
that stationary creep under compressive stresses 
must be negligible by measuring the expansion of 
the specimen after the creep test. By assuming 
the absence of creep in compression, this can be 
implemented into a model considering the limiting 
case and, in order to obtain a simple closed-form 
solution, two major assumptions are made: 

(1) 

(2) 

the material creeps only in tension 
there is no creep in compression; and 
stress is distributed across the extended 
of the cross-section as shown in Fig. 1. 

and 

part 

Then, according to existing experimental data, the 
strain rate (4) dependence on the tensile stress (a,) 

I cr._ Compressive Face 

YO 
\ 

\\ \ 
Y 
-. 

Tensile Face 

Fig. 1. Stress distribution due to bending. 

can be approximated by a power law in the steady 
state as 

e=aaT (1) 

where a and p are the material constants and /3 is 
always >I. The creep in a flexed beam is more 
intensive in the volumes of material closer to the 
tensile surface of the beam where the stresses 
are higher, as shown in Fig. 1. The redistribution 
of stresses takes place during the initial period of 
creep, with a tendency to level the stress across the 
portion of the cross-section in tension. A rather 
complex computer simulation of the process of 
stress redistribution (Fig. 2) is published in the litera- 
ture.‘* It is clear that eventually this redistribution 
can be approximated by a simpler one as shown in 
Fig. 1. 

The model relationships are obtained on the 
basis of the following considerations. First, the 
central section of the beam is in pure bending; 
therefore, the cross-sections which were plane before 
deformation remain plane after deformation 

Fig. 2. Bending-stress redistribution at increasing times: 1,. 
t2, t, and t4 (Ref. 12). 

L I -.-J 

Fig. 3. Segment of a bent beam. 
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including creep. These sections rotate against the 
neutral plane, the position of which is defined by 
an ordinate Y. from the outer compressed surface 
of the beam. A beam has a rectangular cross-section. 
The total beam height is lz and its width is b (Fig. 3). 
The ordinate Y, which before creep initiation is Y, 
= h/2 becomes Y, < h/2 and shifts monotonically 
towards the outer compression surface as the 
volumes in tension proceed to creep. A layer of 
the beam at distance ;v from the neutral layer 
(Fig. 3) experiences the total strain as 

e q = y/p (2) 

where p is the radius of -the beam curvature. From 
the assumption on the absence of creep in compres- 
sion and eqn (2) follows an expression for the 
maximum stress in compression 

UC = EYolP (3) 

Two equations for the balance of external forces 
and internal stresses in cross-section F are 

jF adF = 0 (4a) 

I, YaclF = A4 (4b) 

These can be used to establish a relationship 
between cr,, the uniformly distributed tensile 
stress; y,, the position of the neutral plane; A4, the 
applied moment; and p, the radius of curvature. 
One additional assumptaon, when writing out the 
integrals in eqns (4a) and (4b), simplifies the 
expressions while introducing negligible imprecision 
for the case of well developed creep. Namely, one 

P 0 
ti 

Fig. 4. Specimen geometry and deformed beam in bending. 

assumes that the tensile stress, (TV, is distributed 
uniformly across the whole area in tension and 
not as shown in Fig. 1. The difference in calcula- 
tion of integrals (4a) and (4b) is small if a well 
developed state of creep is considered and the area 
where (T, changes is small. Then, expression 
(4a)~can be written as 

(T, (h - yo)b = a, y. b/2 (5) 

Similarly, for expression (4b) as 

a,(h - yo)2b/2 + (T, y; b/3 = M (6) 

By substituting eqn (2) for eqns (5) and (6), one 
obtains 

and 

a,(h - vo) = EY$~P 

a,(h - ~,)~/2 + Eyo3/3p = 

Expressing (TV from eqn (7) as 

EY; ut = 2(h - y,)p 

(7) 

Mlb (8) 

(9) 

and substituting for eqn (8), one obtains a cubic 
algebraic equation with respect to an unknown y, 
as follows 

y; + 2h y, = 12MplbE (10) 

The radius of curvature, p, can be found as a 
function of the measured displacement, A (see 
Fig. 4), as 

p = L L,/2A (11) 

where L and L, are the lengths of outer and inner 
spans, respectively. If one assumes that the areas 
outside the inner span do not creep, eqns (10) and 
(11) allow one to find y, as a function of M, A, E 
and the specimen geometry. Then, a, is found 
from eqn (9). The corresponding strain rate can 
be found by using an expression for the maximum 
tensile strain 

e max = (h - YOYP (12) 

Since emax consists of two components, elastic and 
creep, 

e max = ep max + e&, (13) 

Since the elastic one is eh,, = at/E and the creep 
component is e,, one then can write it as 

at/E + e, = (h - yo)Ip (14) 

By differentiation of eqn (14) with respect to time, 
one can find 

d,lE + e = -jolp - (h - yo) p/p2 (154 

from which 

g = -tit/E - Lo/p - (h - yo) p/p2 (15b) 
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For calculation of 4, the derivatives p, y, and (T, 
in eqn (15b) can be expressed in terms of displace- 
ment rate, d. From eqn (11) 

0 = -L L&/2A2 (16) 

By solving eqns (10) and (1 l), a relationship 
between y, and A can be established. The calculated 
function y. = y,(A) is graphically presented in 
Fig. 5 in In y. versus In A coordinates for the cases 
of different values of modulus. The In y. versus 
In A function turned out to be linear in the range 
of well developed creep, i.e. In y, = k In A + In c 
where slope k = -0.9 for E = 400 GPa, k = -0.88 
for E = 300 GPa and k = -0.77 for E = 210 GPa. 
Then, the derivative y. can be analytically 
expressed through A as 

y. = y,kdlA (17) 

From eqn (9) one obtains 

. - YiE 
Ot - - 2Ap(h - yo) 

L L&i 

2Ap 
+ (::l_y,,:” ] (18) 

0 

By substituting eqns (16) (17) and (18) for 
eqn (15), one obtains the following expression 
for .$ in terms ofd, y and p: 

(h-y,)-2kyo - &)( 1 +(:“h I;1”)] (19) 
0 0 

Discussion 

In order to compare the measured tensile creep 
rate with the calculated tensile creep rate from 
four-point bending data, the model described in 
the previous section is applied. Ferber et ~1.~ mea- 
sured the creep rate of commercially available 
Al,O, (AD94, Coors Ceramics, Golden, CO) at 
1000°C and S&N, (SN220M Kyocera American 
Inc., Des Plains, IL) at 1200°C using tension, 
compression and flexure specimens. They found a 
pronounced difference in the creep deformation 

.I 1 10 

Mm) 

Fig. 5. Position of neutral axis as a function of modulus. 

behaviours measured in tension and compression 
for both ceramics. They also found a general 
agreement between the flexural creep data and the 
predicted data from existing creep deformation 
models. In their paper they also used Chuang’s 
method5 to predict the stress dependence of the 
neutral axis location and specimen midspan 
displacement rate from the tension and compression 
data. But, they improperly calculated flexural 
creep strains directly from loaddisplacement rate 
data by assuming that the midplane of the specimen 
was the neutral axis of strain. Therefore, their 
comparison of flexural creep strain rates from the 
respective compression and tension tests was ques- 
tionable. 

In this study, it is clear from the assumption on 
stress distribution (see Fig. 1) that the model 
should be applied only when the creep deformation 
reaches an advanced stage of creep. To calculate 
the tensile creep rate from experimental creep data 
under flexural loading, the measured flexural creep 
rate and the deflection rate should be recalculated 
from the data of Ferber et al9 Also, the displace- 
ment at the loading point is needed from their dis- 
placement at the centre of the sample relative to 
the inner load points. Then the calculated tensile 
creep rate according to the model described in the 
previous section can be compared with the experi- 
mentally measured tensile creep rate of Ferber et 
a1.9 

From the measured flexural creep rate (k,,,), 
the deflection rate, d,, at the centre of the beam 
relative to the two inner load points can be calculated 
from a simple relation as 

i,,X = 4hd,fL; (20) 

Then, the deflection rate at the loading point is 
obtained from eqn (11) as 

i max = h/20 = hA/LL, (21) 

From the two relations and L, = 2L, one can 
obtain d = 26, and similarly A = 24,. From the 
curve of creep strain for AD94 alumina measured 
in flexure (Fig. 4(c) in Ref. 9), the deflection at 
40 h as steady-state creep in the secondary mode 
is calculated from the above relations. The pre- 
dicted values of neutral axis position are obtained 
from Fig. 5 with the measured displacement. In 
this study, modulus values of 350 and 300 GPa 
are used for AD94 alumina and SN220M silicon 
nitride, respectively. The top half of Table 1 summa- 
rizes the experimentally obtained creep strain, dis- 
placement rate, beam deflection after 40 h of creep 
and values of neutral axis location associated 
with flexure loading. Using the above data and 
eqn (19), the tensile creep rate for AD94 is calcu- 
lated. The lower half of Table 1 shows the same 
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values for SN220M after 80 h of creep. Flexural 
creep data of higher stress, where the material typ- 
ically failed in the range of transient creep, are not 
used in this calculation for both materials. 

In order to compare the measured tensile creep 
rate, invariant with time in the secondary mode of 
creep, with the calculated tensile creep rate from 
the flexural creep test, the corresponding tensile 
stress at the time of measurement should first 
be calculated. Since there is considerable stress 
relaxation during the creep test especially after a 
large deflection, it is not adequate to compare the 
tensile creep rate with an initial maximum applied 
stress. Therefore, the creep-induced stresses at 
the time of measurement are needed to compare 
with the experimental dlata under tensile loading. 
The corresponding tensile stress can be calculated 
from simple elastic bea:m theory, but considering 
the change of neutral a.xis. Since the equilibrium 
of the forces acting on the cross-section can be 
expressed by strain (E) as dF = bdy and E = y/p, 
the equilibrium equations can be written from 
eqn (4a) as 

Ui = 6Mlbh’ (26) 

After obtaining the applied moment from the initially 
applied stresses and using the data in Table 1, the 
creep-induced stresses (a,) at the time of measure- 
ment are obtained and shown in Table 2. Then 
the tensile creep rate is calculated using eqn (19) 
in the previous section. Figures 6 and 7 show the 
predicted stress dependence of tensile creep rates 
for AD94 alumina and SN220M silicon nitride, 
respectively, compared with experimental data. 
Even though the calculated tensile creep rates are 
not exactly as the measured data, the figures show 
reasonable fit for both ceramics. Considering the 
original strain analysis is done from a simple elastic 
relation for small deflection, the values of displace- 
ment and displacement rate may be different. The 

Table 2. Applied moment, calculated creep-induced stress and 
predicted stress values by Ferber er ~1.~ associated with flexure 

loading 

u M 
(MPU) (N mm) (kYL?) (MX) 

I Et 
_-E f(:E)dE = 0 

c 

and from eqn (4b) as 

f(E)EdE = M(4y)‘/b 
C 

(22) 

(23) 

By differentiating with respect to the curvature 
using Leibnitz’s rule, one can obtain the outer 
maximum tensile stress 

(T, = 
A@ + E,) + 2M(1, + i,) 

h2&, (24) 

For a small deflection of the beam under a static 
bending test, the change of moment is assumed to be 
zero. Then one can rearmnge eqn (24), since E, = (h 
- yO) / p and E, = ydp, from eqns (16) and (17) as 

FL 2M 

(Tt = hKh - YO) - Q,,l = bhKh - yo) - h,l 
(25) 

Assuming that the initial strain prior to creep 
deformation is linear elastic, the initial stress (ai) 
that exists on the tension side is defined by 

AD94 Alumina 80 480 26.9 39.0 
60 360 22.8 31.5 
50 300 11.4 21.5 

SN220M Silicon Nitride 80 480 33.42 40.6 
60 360 25.3 32.2 
50 300 20.6 27.0 

g MO4 
c 
F 
d 

f O.lxlO~ 
cn 

0.01r104 

10 100 

STRESS(MPa) 

Fig. 6. Stress dependence of creep rate for AD94 alumina 
at 1000°C. 

Table 1. Elastic stress, measured creep strain, displacement rate at measuring point and loading point, predicted neutral position 
and steady state creep rate associated with flexure loading. 

(Mkz) k (-I) 4, A Yo A . 1 

(X 104) (mm h- ‘) (mm) (mm) (mm) (?I@, 

AD94 Alumina 50 2.50 0.0094 0.0188 0.35 0.3 5.02 
150 0.57 0.0020 0.0040 0.4 0.29 1.07 
50 0.069 2-o x lOA 4.0 x lOA 1.5 0.07 0.22 

SN220M Silicon Nitride ‘99 3.50 0.0106 0.0212 0.38 0.5 5.62 
77 1.6 0.00555 0.0111 0.37 0.45 3.06 
60 1.0 0.00347 0.0069 0.52 0.3 2-00 
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modulus values used in the calculation might 
not be the same as those of the tested materials, 
even though changes can be small. Also, it is difficult 
to measure accurately the creep rate of ceramic 
materials at high temperature. These can be 
the sources of a small discrepancy as shown in 
Figs 6 and 7. 

The creep-induced stress along the tensile surface 
of the flexure samples was calculated by Ferber et 
a1.9 using estimated values of the material con- 
stants (Y and p for both compression and tension, 
the location of the neutral axis and the predicted 
flexural creep strain rate as given in their eqns (5a) 
and (5b). Table 2 shows a comparison between the 
creep-induced stresses (ar) obtained by Ferber et 
aL9 and (TV from eqn (25). The stress drop associated 
with the effect of the creep-induced stress relaxation 
is large, as shown in Table 2, the values obtained 
by eqn (25) being a little more severe than the val- 
ues obtained by Ferber et al9 However, the values 
of tensile creep rate obtained from cf show the 
better fit than the creep data obtained from u, 
by eqn (25) when compared with experimental 
tensile data, as shown in Figs 6 and 7. But their 
analysis involved not only using the questionable 
predicted values, but also experimental data of 
tension and compression, and time-consuming cal- 
culation. Therefore, the use of their predicted val- 
ues should be reconsidered. However, one needs 
more experimental data of creep - tensile and 
flexural - on the same materials to verify the 
relations between gt and uf. Ferber et al9 tried 
to verify this stress relaxation by measuring the 
short-term strength of samples before and after 
creep testing at high temperature. The systematic 
tests of this kind can be useful to verify it. However, 
the creep-induced tensile stress calculated using 
eqn (25) is simple and does not involve the use of 
estimated and experimental values under com- 
pression and tension. Frett et al.” also tried to 
obtain the creep-induced tensile stress as a func- 
tion of time after loading, but there is a strange 

lOXlO t I 
220M SILICON NITRIDE /12C@C 
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100 

STRESS(MPa) 

1000 

Fig. 7. Stress dependence of creep rate for SN 220M silicon 
nitride at 1200°C. 

hump around 10 h of loading and so their results 
are not compared with data of this work. In a pre- 
vious paper, l3 the creep rates of six ceramics were 
measured in four-point bending at 1100°C and the 
tensile creep rate was calculated. Using those data 
and the tensile creep rate of these ceramics, the 
creep-induced stress will be discussed elsewhere 
in detail. 

Recently, Krause’ recalculated experimental data 
of Ref. 9 to compare the observed and theoretical 
values of the normalized curvature rate versus 
bending moment, and concluded that stresses and 
strains during secondary creep tests in flexure can- 
not be properly calculated unless an evaluation 
of the compressive and tensile creep properties is 
appropriately considered. Flexural creep tests, 
however, can be used to verify the accuracy of 
tensile creep tests on a material. This analysis 
shows the way to determine the tensile creep 
behaviour of a material using the flexural creep 
test in a simple way. Since ceramics do creep in 
compression, a new model considering the influence 
of compressive creep, even though it will be 
extremely small, will be developed. 

For more accurate and easier testing of ceramic 
creep in four-point bending as mentioned by Hollen- 
berg et al., 6 it is believed that use of the three 
probes required in measuring A, deflections at 
three points is more complex and prone to experi- 
mental difficulties than the two-probe scheme used 
in this work. If there is a limitation of any kind 
and one needs tensile creep data, then as an alterna- 
tive way that is less expensive and easier to 
perform, a simple procedure of four-point loading 
using eqn (19) and load-point deflection (A) 
should be used. 

Conclusion 

A novel method of flexural creep analysis 
has been developed to calculate the tensile creep 
rate in a simple way. The calculated tensile 
creep data are compared with experimental ten- 
sile creep data on the same ceramic materials. 
Based on a few assumptions about flexure creep, 
only the displacement rate, invariant with time in 
the secondary mode of creep, and beam deflection 
in four-point bending are needed to calculate the 
tensile creep rate. After obtaining the creep- 
induced tensile stress that corresponds to the 
applied tensile stress in the steady state of secondary 
creep, the tensile creep rate is compared with 
experimental creep data. These data show a rea- 
sonably good agreement for A&O, and S&N, 
ceramics. Therefore, the flexural creep test can be 
used not only to obtain the tensile creep rate but 
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also to verify the accuracy of the tensile creep test 
data. Flexural creep tests are much less expensive 
and easier to conduct for ceramic materials than 
tensile creep tests. 
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